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ABSTRACT
Ferritic/martensitic steels are structural and functional materials of interest for ultra
supercritical thermal power plants and next generation nuclear reactors because of their
excellent elevated temperature strength, good formability, high void swelling resistance
and high thermal conductivity. Because of martensitic transformation during cool down
of the weld joint, these steels are difficult to weld by conventional arc welding processes
and require special care like preheating and interpass heating to produce a sound weld
joint. However, high heat input associated with these welding processes induces
undesirable microstructural changes in the heat affected zone, which is considerably
wide. In addition, joint distortion and residual stresses induced by the conventional arc
welding processes are also considerably high. These limitations of conventional welding
processes in joining ferritic/martensitic steels provide the rationale for application of high
power density or beam welding processes like laser welding and electron beam welding
for joining of these steels. Laser and electron beam welding of these steels have is
being seriously explored for fabrication of test blanket modules for The International
Thermonuclear Experimental Reactor (ITER). However, there is only limited literature
available on laser welding of these steels. This prompted a comprehensive
experimental and computational study of laser welding of ferritic/martensitic steel
covering the process optimization, detailed microstructural characterization, evaluation
of weld joint properties and residual stresses in laser welded joints.
In this work laser welding of ASTM A387 Gr91 steel, an important and representative
grade of ferritic/martensitic steels, has been studied using a high power (up to 10
kW)CO2 laser. A large number (22) weld beads were produced on a 30mm thick plate of

ASTM A387 Gr91 steel over a wide range of laser power (2 kW – 8 kW) and welding
speed (0.5 m/min – 5.0 m/min) combinations. Subsequently, laser welding of 5 mm and
9 mm thick plates, in square butt configuration, was carried out using optimized process
parameters to produce sound weld joints for detailed characterization of the
microstructure and evaluation of the mechanical properties (microhardness and tensile
properties) and residual stresses. Detailed microstructural characterization of different
regions across the weld joint – the parent metal (PM), the heat affected zone (HAZ) and
the fusion zone (FZ), was performed at different length scales, using optical and
electron microscopy, in as-welded and also in post weld heat treated conditions. Crossweld microhardness profiles were also measured to understand the effect of welding
process parameters on the microstructure and properties of different regions across the
weld joint. Cross-weld tensile tests were performed to evaluation the tensile properties
of the laser welded joints, in as-welded and also in post-weld heat treated conditions.
Residual stress measurements were made for the 9 mm thick welded joints, produced
at a fixed laser power (8 kW) but two welding speeds (0.75 m/min and 1.5 m/min).
These measurements were made using neutron diffraction at Institut Laue Langevin at
Grenoble, France. These measurements were made using a fine gauge volume (1x1x1
mm3) across the weld joints at different depths from the top surface to generate a crossweld residual stress map.
Modelling and simulation studies were performed to compute temporal evolution and
spatial distribution of temperature and stresses resulting from laser welding of 9 mm
thick plates. These studies were performed using finite element based weld modeling
and simulation software, SYSWELD. This software is from ESI, France and is

commercially available. Temperature and phase dependent physical and mechanical
properties of this steel were used in these computations. However, temperature and
phase dependent tensile properties of this steel is not available in literature, therefore,
elevated temperature tensile tests were performed to deduce these properties.
Macrograph of the weld cross-section showed a nail shape with a long body and a small
nail head. A narrow fusion zone and HAZ, a characteristic of the weld joint made by
high power density welding processes were observed in all the weld joints made in this
study. Effect of laser power and welding speed could be described as variation in the
joining efficiency with welding speed. Joining efficiency of laser welding, for this
material, increased with welding speedfrom 15 mm 2/kJ at 0.5 m/min to 55 mm2/kJ at 5.0
m/min. However, rate of increase was very steep up to 2.0 m/min and moderated
considerably beyond that. On the other hand depth of penetration continued to
decrease with increasing welding speed. Therefore, welding speed of 2.0 m/min can be
taken as a trade-off between depth of penetration and joining efficiency.
Microstructural studied showed that unlike conventional arc welded joint there was no
coarsening of the prior austenite grains in the HAZ. The HAZ showed attributes of the
fine grained HAZ. This can be attributed to low heat input associated with laser welded,
which did not allow time for complete dissolution of the carbide precipitates and
appreciable coarsening of the prior austenite grains even near the fusion line. The
fusion zone showed as-transformed martensitic structure within coarse and columnar
prior austenite grains. The fusion zone microstructure was homogeneous, unlike that in
arc welded multi pass joints where multiple passes introduce heterogeneity in the fusion
zone microstructure as well.

Cross-weld microhardness profiles showed significant hardening in the fusion zone (~
500 HVN) and the HAZ, in as-welded condition, because of martensitic transformation.
However, post weld heat treatment, at a temperature in 750 oC – 770 oC range for 30
minutes, could bring the hardness of the fusion zone (~ 280 HVN) and the HAZ (~ 230
HVN, same as that of the parent metal) to the levels (< 300 HVN) acceptable for levels.
The weld joints always fractured in the parent metal, in as-welded and also in post weld
heat treated conditions, and thus it can be concluded that the these joints are sound
and stronger than the parent metal. However, a minor reduction in elongation of the
welded joints was observed in as-welded condition. This loss in elongation of the weld
joints could be recovered nearly completely by post weld heat treatment of the weld joint
at 770 oC for 30 minutes, which is the standard heat treatment for this steel.
Residual stress measurements of the laser welded joints showed a low tensile /
compressive state of stress in the fusion zone and a high tensile state of residual
stresses in the parent metal bordering the HAZ on both sides of the joint. This could be
explained on the basis of martensitic transformation that occurs during cool down of the
weld joint. The three orthogonal components showed a clear ranking: Longitudinal >
Normal > Transverse and the normal component showed similar cross-weld profile as
that shown by the transverse component. This could be explained by high depth to
width aspect ratio of the region (fusion zone plus HAZ) that experienced martensitic
transformation during cool down of the joint.
Modelling and simulation studies showed steep temperature gradient across the weld
joint and very rapid heating and cooling of the material in the fusion zone and the HAZ.
This explained columnar solidification microstructure in the fusion zone and martensitic

transformation in the fusion zone and the HAZ. This also explained absence of any
appreciable coarsening of prior austenite grains in the HAZ. The residual stress profiles
predicted by these computations showed a reasonably good agreement with those
measured by neutron diffraction experiments. An interesting result showed by these
computations was significant plastic deformation and work hardening of supercooled
prior austenite during cool down of the weld joint. As the prior austenite grains
transforms into martensite at a temperature (Ms ~ 375 oC), significantly higher than the
room temperature, it is not possible to observe this by experimental means. Therefore,
modeling and simulation studies were useful in revealing deeper insight of the laser
welding process of ferritic/martensitic steels that could have been obtained by only the
experimental studies.
It can be concluded that this work could produce new and meaningful knowledge about
laser welding of ferritic/martensitic steels through experimental and computational
studies and has raised new questions for further studies. These experimental and
computational studies and the results are presented and discussed in detail in this
thesis.
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Chapter 1: Introduction
Ferritic/Martensitic Steels (FMS) with 8-12Cr, 1-2Mo/W, 0.1-0.2C and micro-alloying
additions of V (~ 0.24) and Nb/Ta (~0.08), where numbers are wt. % of the respective
elements, are high temperature materials for structural as well as functional applications
in ultra-supercritical thermal power plants and advanced nuclear reactor systems
including fusion reactors [1-4]. 9Cr-1Mo(V, Nb) FMS is a prominent member of this
group of steels. Its nominal composition is Fe-9Cr-1Mo-0.1C-0.24V-0.08Nb (where
numbers are wt. % of the respective elements). Because of high solute content, this
steel exhibits very high hardenability and transforms completely into martensite upon
cooling from the austenitic phase-field, even at a very slow cooling rate of ~5oC/minute
[5]. It transforms into lath martensite due to low carbon content. As-transformed
microstructure shows a hierarchical structure within prior austenite grains, with laths, the
smallest structural units, arranging into lath blocks, which arrange into lath packets [6].
As-transformed martensitic structure exhibits high strength but low ductility. Also,
martensite, phase being a supersaturated solution of carbon in ferritic structure, is not
stable at significantly high service temperatures of about 600oC. Therefore, this steel is
used in normalized and tempered (N&T) condition. Tempering causes rearrangement
and reduction of dislocations, leading to sub-grain formation. Excess carbon in the
supersaturated matrix precipitates out in the form of M23C6 (M being primarily Cr with
some Fe and Mo) type carbides on the prior austenite grain boundaries and subgrain
boundaries and in the form of MX (M is V or Nb) type carbonitrides within the subgrain.
These

carbide

and carbonitride

precipitates contribute

to

the

strength

and

microstructural stability by pinning down various interfaces. Coarsening of M23C6 type
1

carbide precipitates, during service, leads to loss of creep strength of the material [7].
Other deleterious phases like laves phase and Z-phase also form during service and
contribute to loss of fracture toughness and creep resistance of the material [8-10].
These microstructural changes during service are responsible for determining life of the
component made of this material.
This steel is welded to fabricate different components and assemblies [11]. Welding is
carried out using different conventional welding processes like Manual Metal Arc
Welding (MMAW), Gas Tungsten Arc Welding (GTAW), Gas Metal Arc Welding
(GMAW), Submerged Arc Welding (SAW), etc. and their advanced versions like
Activated Tungsten Inert Gas (A-TIG) welding and Narrow Gap Tungsten Inert Gas
(NG-TIG) welding [12 - 16]. Joining of this steel using conventional welding processes,
requires preparation of suitable joint design – V, J, U-groove etc. and filling the groove
with weld metal by melting the filler wire/rod using the heat from the arc in multiple
passes. Often two welding processes are also used in sequence, for example, GTAW is
used for the root passes and MMAW for the filling passes. Significantly high volume of
the weld metal need to be deposited, in multiple passes, for making a weld joint by
employing conventional welding processes. Besides, high hardenability of this steel
necessitates use of preheating and inter-pass heating (~200 – 300oC) to avoid cracking
during welding [16]. These requirements increase process complexity, add to the cost
and have adverse implications on the joint quality.
Welding heat source induces significant alteration in the tempered martensitic structure
of this material [16]. Multiple passes, associated with conventional arc welding
processes, create microstructural heterogeneity in the fusion zone (FZ) because of

2

reheating of the preceding weld passes by the succeeding weld passes [12, 17]. This
microstructural heterogeneity is responsible for failure of the weld joints in this material
by Type I and Type II cracking. High heat input associated with the conventional arc
welding processes lead to a wide heat affected zone (HAZ) with significant intercritical
softening in the HAZ region bordering the parent metal. This intercritical softening is
responsible for failure of the weld joints by Type IV cracking [18]. High heat input
associated with the conventional arc welding processes cause large distortions and this
limits application of these welding processes for fabrication of the components with low
distortion allowance.
These limitations can be overcome to a great extent if the weld joints in this material are
made in single pass with low heat input and without using any filler material. This is
possible by using laser or electron beam welding processes. Laser welding can produce
up to 20 mm thick weld joints in steel with low heat input and without using any filler
metal. Weld joints are made in keyhole mode and therefore, fusion zone exhibits high
depth to width aspect ratio. Because of low heat input, the metallurgical HAZ as well as
the residual stress affected zones are also much narrower than those in case of the
weld joints made by the conventional arc welding processes. Besides, laser welding
being non-contact and automatic, is a versatile welding process. Because of these
benefits laser welding of 9Cr FMS has recently attracted attention of material scientists
and engineers for fabrication of challenging components.
Test Blanket Module (TBM) for the International Thermonuclear Experimental Reactor
(ITER) is one such component, which is challenging to fabricate even by employing the
advanced fabrication technologies. This component is made of Reduced Activation

3

Ferritic Martensitic Steel (RAFMS), which has very similar chemistry, physical
metallurgy and welding characteristics as those of 9Cr-1Mo(V, Nb) FMS. Fabrication of
this component requires making a large number of weld joints in various challenging
configurations having stringent distortion allowance. Most of these joints can be made
by using laser welding. This is the reason for the recent interest in laser welding of
ferritic martensitic steels. However, literature on laser welding of ferritic martensitic
steels is rather limited [19 - 27].
Lee et al. [19] have reported microstructural characterization, notch tensile strength,
notch toughness and fatigue crack growth of full penetration laser weld beads produced
on 5 mm thick plates of 9Cr-1Mo(V, Nb) using 5 kW continuous wave CO2 laser (RofinSinar 850). They observed δ-ferrite, retained austenite as well as twinned martensite in
the fusion zone microstructure, which was predominantly auto-tempered martensite
within coarse prior austenite grains. They have reported much lower impact energy of
the fusion zone than that of the parent metal, which increased significantly when the
welds were tempered at 750oC. Both the parent metal as well as the welds, tempered at
lower temperatures, exhibited significant susceptibility to hydrogen embrittlement.
However, this susceptibility was significantly higher for the welds, except for those
tempered at 750oC.
Xu [20] has reported laser welding of P91 steel pipe with 3.34 mm wall thickness using
a pulsed Nd-YAG laser of 1.6 kW nominal power. He has reported the effect of process
parameters on various attributes like depth and lateral spread of the fusion zone and the
HAZ. A narrow fusion zone and HAZ with much higher hardness (~420 – 500 VHN) was
reported by him. In post weld heat treated (PWHT) condition, cross-weld hardness

4

profile did not show any soft zone, which is always associated with a multipass weld
joints in the HAZ-PM interface region and attributed for failure of the weld joint by TypeIV cracking under creep condition.
Shanmugarajan et al. [21] have reported laser welding studies for 6 mm thick plate of
P91 steel using continuous wave CO2 laser of 3.5 kW power. They have studied weld
beads and square butt weld joint produced by varying heat input from 168 J/mm to 1500
J/mm and have reported increase in width of the fusion zone and the HAZ with
increasing heat input. Further, at low heat input of up to 420 J/mm, they did not observe
any δ-ferrite in the fusion zone and any soft inter-critical HAZ; which was observed at
heat inputs exceeding 700 J/mm. Besides, they have reported a superior impact
toughness of the weld joint than that of the parent metal, which is in contrast to the
observation by Lee et al. [19].
Harinath et al. [22] have reported process parameter optimization for laser welding of
fuel clad tube – end cap, both made of 9Cr-1Mo(V, Nb) FMS, for potential application in
Indian fast breeder reactors. They have reported the presence of δ-ferrite in the fusion
zone, which comprised predominantly of as-transformed martensitic microstructure.
They have also reported considerable grain refining in the narrow HAZ region adjacent
to the fusion zone, and attributed the presence of δ-ferrite to incomplete δ-ferrite to γ
(austenite) transformation, during cool down of the weld joint.
Cardella et al. [23] have identified laser welding as one of the prominent joining
methods for TBM fabrication. They have presented a macrograph showing crosssection of a weld joint in 9 mm thick EUROFER 97, a RAFMS developed by European
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Union, showing a narrow fusion zone and HAZ. However, details regarding the laser
welding parameters and weld joint characterization were not reported.
Tanigawa et al. [24] have reported laser welding of F82H, a RAFMS developed by
Japan, for fabrication of the membrane panel for Japanese TBM. This requires welding
of 1.5 mm thick and 4 mm wide plate with tubes (11 mm diameter and 1 mm wall
thickness) on both sides of the plate. In this application laser welding offers advantage
of low heat input and negligible distortion. This welding has been done using a fiber
laser to produce sound weld joints. However, characterization of the weld joint in terms
of microstructure and mechanical properties is not reported. They emphasized the need
to characterize the weld joints, involved in TBM fabrication, in terms of residual
stresses.
Serizawa et al. [25] have reported welding of 32 mm thick plates of F82H by a
combination of laser welding and plasma – MIG hybrid welding. Laser welding was
carried out using a 10 kW fiber laser to produce 12 mm thick root pass and plasma-MIG
hybrid welding was used for the filling passes. They have performed computational
studies to investigate the effect of mechanical restraint on weldability of thick plates of
RAFMS. They have used different model sizes and have arrived at a minimum coupon
size which should be used for basic test of weldability for 90 mm thick plates of F82H
using electron beam welding.
Serizawa et al. [26] have reported dissimilar weld joint between 4 – 5 mm thick plates of
F82H and SS316L using 4 kW fiber laser. They produced the dissimilar weld joint by
keeping the beam at the seam line and also by shifting the beam by 0.1 mm and 0.2
mm towards SS316L side. Welds were produced at 4 kW of laser power and at different
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welding speeds in 2 – 4 m/min range. They have reported wider fusion zone and HAZ at
lower welding speed and vice-versa. The fusion zone was very hard when the beam
was at the seam line and its hardness could not be reduced significantly even after
PWHT. However, hardness of the fusion zone could be reduced to that of the parent
metal by shifting the laser beam towards SS316L and hardness of the HAZ on the P91
side could be reduced to the parent metal level after PWHT.
Aubert et al. [27] have presented a review of the candidate welding processes of
RAFMS for ITER and DEMO TBMs. They have emphasized the importance of high
power laser welding and laser/MIG hybrid welding for TBM fabrication. Different
research groups in European Union (EU) are actively pursuing laser and laser-MIG
welding processes to produce different joint configurations relevant for its TBM. They
have reported microstructural variation and microhardness profile across laser welded
joints in RAFMS (Eurofer 97).
Based on review of the existing literature, it can be seen that laser welding of 9Cr FMS
is of technological importance and there exists considerable interest in laser welding of
this steel. However, the existing literature on laser welding of 9Cr FMS covers very
limited aspects of the welding process and joint characterization in terms of
microstructure and properties. There is no published work on the residual stress
measurements in laser welded plates of this steel. Further, literature on the modelling
and simulation of laser welding of this steel also does not exist. These studies are
required to get a better insight of laser welding of 9Cr FMS in terms of the process
parameters, microstructure, residual stresses and properties of the welded joints for
effective utilization of laser welding process for fabrication of various challenging
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components of future generation nuclear reactors, including TBMs for the ITER. The
present work is an attempt to expand the understanding of laser welding of 9Cr FMS in
terms of microstructure, cross-weld tensile properties and residual stresses, their
interplay and their correlation with the welding process parameters.
Simulations of a process allow greater flexibility for variation of process parameters,
provide much more information and therefore, deeper insight of the process than the
real experiments. Also, simulation is relatively economical to perform. Modelling and
simulation of laser welding of 9Cr-1Mo(V, Nb) FMS has been performed to compute
temporal evolution and spatial distribution of temperature, metallurgical phase-fraction
and stresses resulting from laser welding. The computed and the experimental results
have been compared and discussed in the context of physical metallurgy of this steel.
Based on these studies, a good correlation has been obtained between the
experimentally derived and the computed results.
1.1 Aim and Objectives of the Research Work
Laser welding of 9Cr FMS is of technological importance. However, the existing
literature covers very limited aspects of laser welding of 9Cr FMS in terms of
microstructure, joint properties and residual stresses and their correlation with process
parameters. The objective of the present work is to expand the current understanding of
laser welding of 9Cr FMS in terms of microstructure, mechanical properties and residual
stresses of the resulting joint and correlation of these attributes of the joint with the
process parameters; by performing a detailed experimental and computational study.
Extensive laser welding experiments will be performed on 9Cr FMS plates, using high
power CO2 laser, to study effect of welding process parameters on the joint attributes
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like depth of penetration and weld defects. Subsequently, full penetration and sound
weld joints will be produced, between 9Cr FMS plates, for further characterization. Indepth microstructural characterization of the weld joints will be performed in different
regions of the joint – the fusion zone, the heat affected zone and the parent metal and
the microstructural attributes will be correlated with the process parameters.
Microstructural characterization will be performed at different length scales using optical
and electron microscopy. Cross-weld microstructural studies will be complemented with
cross-weld microhardness profiling. Cross-weld tensile tests will be performed to
evaluate tensile properties of the weld joint in relation to the tensile properties of the
parent metal.
Detailed residual stress measurements will be performed for the laser welded plates
using neutron diffraction. These measurements will be performed for the laser welded
plates, produced at different welding conditions, to understand the effect of martensitic
transformation and heat input on residual stresses.
Detailed modelling and simulation studies will be performed to compute temporal
evolution and spatial distribution of temperature and stresses resulting from laser
welding to get better insight of the process and the resulting phenomena. The computed
results will be compared with the experimental results and to comprehend the
agreement, or otherwise, between the two and also to comprehend the reasons for
differences between the two.
These studies are aimed at producing a comprehensive understanding of laser welding
of 9Cr FMS in terms of process parameters and characteristics of the weld joint like
microstructure, tensile properties and residual stresses.
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1.2 Organization of the Report
The work reported in this thesis has been organized in eight chapters. The structure of
the remaining part of this report is as follows:
Chapter 2 describes a detailed literature survey that was conducted to understand basic
metallurgy of the material, different welding processes used to join this material, the
issues related to welding of this steel, cross-weld microstructural variation resulting from
welding of this steel and computations and measurements of residual stresses in the
weld joints in this material. This was done to assess the status of laser welding of this
material and characterization of the laser welded joints for microstructure, residual
stresses and mechanical properties.
Chapter 3 of this thesis describes the material used in this study in terms of its
chemistry, starting heat treatment condition and mechanical properties. This chapter
also provides a brief description of different experimental methods used in the present
work, for processing (welding) and characterization of this material and the weld joints.
Chapter 4 of this thesis describes the results of the characterization of the as-received
material for its dilation behaviour, microstructure, microchemistry and phase-dependent
(elevated temperature) tensile behaviour.
Chapter 5 of this thesis presents the analysis of the bead on plate experiments in terms
of the process parameters, depth of penetration and joining efficiency. This chapter also
presents the results of detailed microstructural characterizations of the laser welded
joints between 9 mm thick plates of this steel (in square butt configuration), in as-welded
and also in post weld heat treated condition. In addition, the results of cross-weld
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microhardness hardness variation and cross-weld tensile tests are also presented and
discussed in this chapter.
Chapter 6 of this thesis presents and discusses the results of residual stress
measurements carried out by neutron diffraction across the laser weld joint and also
through the thickness of the welded plates in 9Cr-1Mo(V, Nb) FMS.
Chapter 7 of this thesis presents the results of modelling and simulation of laser welding
of 9 mm thick plates of 9Cr-1Mo(V, Nb) FMS for computation of thermal field,
metallurgical phase field and stress field. Important results obtained from the
computation and their implications have been presented and discussed. Comparison
with the experimental results are also presented and discussed in this chapter.
In chapter 8, a brief summary of the entire work and the important conclusions drawn
from the present investigation are presented. In addition, further possible extension of
the present study that may be carried out in future is also discussed.
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Chapter 2: Literature Review
2.1 Ferritic/martensitic Steel (FMS)
2.1.1 Historical Evolution of FMS
Electricity generation on large scale, using thermal power plants, stands as a major
milestone of modern industrial civilization. This involves conversion of thermal energy
into electrical energy by driving a turbine using hot and compressed steam. Efficiency of
thermal to electrical conversion is very important from the considerations of energy
conservation, economy of operation and environmental protection. This efficiency
increases with increasing temperature and pressure of the steam driving the turbine.
This provides the primary incentive for development of high temperature materials.
Historically there has been significant increase in the steam temperature and pressure
and associated increase in the thermal to electrical conversion efficiency in different
parts of the world [1-4].
By 1920s, thermal power plants had reached the upper limits on the steam temperature
(370oC) and pressure (4 MPa) imposed by the available materials for construction
(carbon steels) [2]. Further developments on the materials front, became essential to
construct thermal power plants operating at higher steam temperatures and pressures
to achieve higher thermal to electrical conversion efficiency. Different alloying additions
in carbon steels like Cr, Mo, Ni, V etc. were explored, individually as well as in
combinations [5]. This led to development of different low alloy Cr-Mo and Cr-Mo-V
steels for thermal power plants [5]. One of the prominent Cr-Mo steels from this
generation is 2.25Cr-1Mo. This is a very popular bainitic steel and is extensively used in
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the power plant industry even today. As a result of these developments, Mo was
identified as an important alloying addition for the elevated temperature strength [5].
During the 1950s, construction of large thermal power plants for public supply, operating
at temperatures in 538oC to 566oC called for a new set of heat resistant steels [5]. This
led to the development of different grades of 9-12%Cr ferritic / martensitic steels in
USA, Europe and Japan. Energy crisis of 1970s and increased concerns regarding
emission of pollutants and greenhouse gases provided further thrust for development of
power plants operating at still higher efficiency to minimize ecological damage. This
called for targeting higher steam temperatures (600 – 650oC) and pressures (up to 35
MPa). This requirement of high temperature materials and the experience with 9-12%
Cr steels developed in 1950s led to further developments on materials front. These
developments were undertaken under different international programmes in Europe,
Japan and USA. Fig. 2.1 shows the prominent international programmes undertaken for
the development of creep-resistant steels for advanced power plants [5, 6]. The
developments focused on optimization in the chemistry of 9-12% Cr steels developed in
1950s for better creep rupture strength and creep life. Evolution of Cr-Mo ferritic steels
through these international programmes is presented in Fig. 2.2 and chemistry and
creep-rupture strength of some of the important steel grades produced under different
international programmes are presented in Table 2.1 [5, 7].
Besides fossil-fuel fired power plants, developments in the nuclear energy also
contributed to the development of heat resistant steels. Fast breeder reactors operate at
higher temperatures and use liquid metal as coolant. In late 1970s, USA developed P91
(or mod. 9Cr1Mo steel) under its national programme for fabrication of pipes and vessel

18

for its Liquid Metal Fast Breeder Reactor (LMFBR) [5]. This steel was developed by
modifying an existing 9Cr1Mo steel (Grade P9) being used in petrochemical plants
since 1950s. The modification was mainly micro-alloying with V (~0.24%) and Nb
(~0.08%) and control of impurity and trace elements. This steel is tough, weldable and
has high creep rupture strength (94 MPa) at 600 oC and 100000 hr. [5]. Since then this
steel has found extensive application world over for manufacturing of pipes and forgings
for new supercritical and ultra-supercritical power stations. This steel requires special
precaution in welding and experience of this material in service has shown that the weld
joints are susceptible to premature failure by cracking in outer HAZ region (Type IV
cracking) [5, 7].

Fig. 2.1: International programmes for development of heat-resistant steels for
advanced thermal power plants [5, 6].
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Fig. 2.2: Evolution of Cr-Mo ferritic/martensitic steels [7].

Table 2.1: Various 9-12% Cr steels developed for under different international
programmes for high temperature applications [5].

20

Endeavours to harness energy from nuclear fusion provided a fresh opportunity for
developing ferritic/martensitic steels for high temperature application under high flux of
high energy (14.1 MeV) neutrons with low or reduced post irradiation activity. Based on
the experience with existing 9-12% Cr ferritic/martensitic steels, it was realized that
these steels with suitably modified chemistry for reduced activation will serve the
purpose. Mo and Nb were identified as the main alloying elements contributing to the
post irradiation activity. These alloying additions were replaced with W (for Mo) and Ta
(for Nb) to ensure that physical metallurgy and mechanical behaviour remained largely
unaltered as a result of these changes [8]. Besides, concentration of other alloying
elements like Al, Co, Cu, Mo, Ni, Nb, Ni, Sn were reduced to the highest extent
possible, to minimize post irradiation activity. Concentration of non-metallic and
metalloid impurities was also controlled to minimize post irradiation activity and to
improve fracture toughness of the steel.

Many grades of the reduced activation

ferritic/martensitic steel (RAFMS) like Eurofer 97 (Europe, USA), F82H (Japan, USA),
CLAM (China), In-RAFMS (India), Rusfer-EK181 (Russia) etc. were developed by
modifying chemistry of 9Cr-1Mo(V, Nb) FMS [8 - 26].
2.1.2 Metallurgy of 9Cr-1Mo(V, Nb) FMS
9Cr-1Mo(V, Nb) belongs to 9-12% Cr ferritic/martensitic steel family. This is known as
mod. 9Cr-1Mo steel, where mod. refers to the modifications in the chemistry of 9Cr-1Mo
steel by micro alloying addition of V (~0.24%) and Nb (~0.08%). This steel is also
known by different designations like P91, T91, F91 and Gr91 corresponding to its
product forms pipe, tube, forging and plate respectively. It is a martensitic steel and
transforms completely into martensite when cooled from austenitic phase field even at a
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very slow cooling rates of ~5oC/min. The Ms temperature is ~400oC and the martensite
has lath morphology due to low carbon content. Because martensite has very high
strength and very low ductility, therefore, this steel is always used in normalized and
tempered (N&T) condition [2, 5]. Different metallurgical aspects like phase diagram,
continuous cooling transformation curves, microstructural features and role of the
alloying elements etc. are briefly discussed in the subsequent sections.
2.1.2.1 Phase Diagram
Computed phase diagram by Mayr et al. [27] and Igarshi et al. [28] for 9-12%Cr
ferritic/martensitic steel are presented in Fig. 2.3 and Fig. 2.4 respectively. These
diagrams

can

be

used

to

understand

equilibrium

phase-fields

and

phase-

transformations in 9Cr-1Mo(V, Nb) FMS. Upon heating, this steel transforms from ferrite
to austenite, austenite to δ-ferrite and then δ-ferrite to liquid. The computed equilibrium
transformation temperatures for 8.85% Cr are 840 oC (Ae1 i. e. onset of ferrite to
austenite transformation), 895oC (Ae3 i. e. completion of ferrite to austenite
transformation) and 1224oC (Ae4 i. e. onset of austenite to δ-ferrite transformation) [27].
These temperatures are dependent on chemistry of the steel. Austenite stabilizers
expand austenite phase field by lowering Ae1 and Ae3 and increasing Ae4.
However, it is very important to realize that most of the engineering processes are far
from equilibrium and therefore, kinetics of phase transformation becomes important and
dictates the phase-transformation temperatures as well as the final microstructure. This
is of particular importance for 9-12% Cr FMS, which shows very sluggish carbide
dissolution kinetics while heating and transforms from austenite to martensite even at
very slow cooling rates because of very high hardenability on account of high
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concentration of alloying elements [29]. Therefore, continuous heating and cooling
transformation behaviour of these steels becomes important and the same is briefly
discussed in the subsequent section.

Fig. 2.3: Calculated isopleth for Cr-Mo FMS [27].
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Fig. 2.4: Calculated isopleth for Cr-Mo FMS showing solvus of carbides [28].
2.1.2.2 Continuous Heating Transformation (CHT) and Continuous Cooling
Transformation (CCT) Diagram
Ferrite to austenite transformation temperatures - A1 (temperature of initiation of
transformation) and A3 (temperature of completion of transformation) can be measured
experimentally while heating and cooling. Experimentally measured values differ from
equilibrium transformation temperatures (Ae) due to kinetic reasons. Experimentally
measured values are referred as Ac, if measured during heating and Ar, if measured
24

during cooling. Ac is higher than Ae, which is higher than Ar as some superheating and
undercooling is required to drive phase transformations during heating and cooling.
Experimentally measured values of Ac1 and Ac3 for 9Cr-1Mo(V, Nb) FMS, measured by
dilatometry, X-ray radiography and differential scanning calorimetry (DSC) have been
reported in the literature [27, 29]. It has been reported that both Ac1 as well as Ac3
increase with increasing heating rates, however increase in Ac3 is relatively more, as
shown in Fig. 2.5, which shows a typical continuous heating transformation (CHT)
diagram of P91 steel [29]. This leads to broadening of the intercritical region and has
very important consequence for microstructure of the heat affected zone (HAZ) resulting
from welding.

Fig. 2.5: Continuous Heating Transformation (CHT) diagram of P91 Steel [29].
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The temperatures Ar1 and Ar3 do not have any significance for 9Cr-1Mo(V, Nb) FMS,
because its austenite phase does not transform into equilibrium ferrite, rather it
transforms into martensite even at very low cooling rates (~ 5oC/min) [29]. Therefore,
martensitic start and finish temperatures – Ms and Mf, are important. Continuous cooling
transformation (CCT) diagram of P91 steel is presented in Fig. 2.6 [30]. From this
diagram, it can be seen that austenite to equilibrium ferrite transformation curve is
shifted towards far right on time axis. Even the nose of the C-curve is at more than 2
hrs. and the critical cooling rate is of the order of ~3 – 5oC/min. This implies that for the
practical cooling rates the austenite does not undergo any diffusional transformation.
Besides, there is no bainitic transformation region and this means, the austenite
transforms completely into martensite upon cooling. The martensite start temperature
(Ms) is ~400oC. Because of high hardenability, it is very easy to produce completely
martensitic microstructure even in thick sections, without inducing distortions. This steel
is normalized to produce completely martensitic structure within prior austenite grains.
Normalizing is carried out by solutionizing at a temperature in the range of 1050 –
1080oC for a time duration that depends on the section thickness. Lower normalizing
temperatures and / or time results in incomplete dissolution of carbides and
inhomogeneous prior austenite grain size and higher normalizing temperature leads to
abnormal coarsening of prior austenite grains.
P91 steel in the normalized condition has a 3-level hierarchical microstructure within
prior austenite grains, size of which depends on normalizing temperature and time. Prior
austenite grains are divided into packets comprising of lath blocks, which in turn are
comprised of martensite laths, the smallest microstructural entity in normalized
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ferritic/martensitic steel (Fig. 2.7) [31 - 34]. The martensitic transformation effectively
divides a prior austenite grain in a large number of tiny crystallographic units (laths) and
their aggregations (lath blocks and packets) and creates many interfaces - lath
boundary, block boundary and packet boundary within it. Besides the as-transformed
martensitic structure has very high density of dislocations. Martensite has high strength
but poor ductility and toughness. Therefore, the normalized microstructure is tempered
to improve ductility and toughness.

Fig. 2.6: Continuous Cooling Transformation (CCT) diagram of P91 Steel [30].
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Fig. 2.7: Schematic diagram showing 3-level hierarchical microstructure in P91
steel in normalized condition [31].
2.1.2.3 Tempering of 9Cr-1Mo(V, Nb) FMS
Tempering is carried out in a temperature range of 740 – 780oC for a time duration that
depends on the section thickness. Lower tempering temperature is used if high strength
is required and higher tempering temperature is used if higher ductility is required in the
end use. If welding of the component is involved then higher tempering temperature is
used. Tempering of martensitic microstructure in alloy steel proceeds in four stages and
leads to important microstructural changes like decomposition of retained austenite,
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precipitation of different carbides, reduction and rearrangement of dislocations etc. [35].
Tempering of P91 steel in normalized condition leads to reduction in dislocation density
and rearrangement of dislocations resulting in formation of elongated subgrains.
Besides, there is precipitation of carbides (M23C6) and carbonitrides (MX) at different
interfaces like prior austenite grain boundaries, packet boundaries, block boundaries
and subgrain boundaries and within the subgrains, as shown in schematic
microstructure of P91 steel in tempered condition (Fig. 2.8) [3, 36]. These carbides play
very important role in stabilizing the microstructure at elevated temperature and
contribute to high temperature strength.

Fig. 2.8: Schematic diagram showing microstructure of tempered P91 steel [3].
2.1.2.4 Role of the Alloying Elements
Alloying elements play multiple roles in steel and many times their roles also depend on
the other alloying element. Therefore, it is not very easy to describe, however some
general observations can be made about the major roles played by the important
alloying elements in this steel. Roles played by important alloying elements in P91 steel
is briefly summarized below.
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Chromium (Cr)
This is the main alloying element of P91 steel. This is a ferrite stabilizer and therefore,
limits austenitic phase field. In P91 steel it improves hardenability, which is very
important to obtain complete martensitic microstructure. This is a strong carbide former
and forms M23C6 carbides, which contributes to the strength of tempered martensitic
steel. These carbides also stabilize the microstructure by preventing coarsening of the
subgrains. Therefore, chromium contributes to creep resistance. However at elevated
temperatures these carbides coarsen, particularly in the intercritical and fine grain heat
affected zones of a weld joint, and facilitate premature failure of the welded components
in service [3, 4]. In addition, chromium also contributes to general corrosion resistance.
Molybdenum (Mo), Tungsten (W) and Rhenium (Re)
Mo is the 2nd most alloying addition after Cr. This is also a ferrite stabilizer. This
improves hardenability and contributes to high temperature strength of P91 steel.
However, it cannot be added in larger concentration as it leads to formation of δ-ferrite
and laves phases. δ-ferrite reduces strength and creep-rupture strength while laves
phase reduce toughness of P91. W and Re are two other alloying additions in creep
resistant steels with 9-12% Cr, with similar effects on metallurgy of these steels.
Vanadium (V) and Niobium (Nb)
These are micro alloying additions in P91 steel. They are strong carbide formers and
form MX type carbides and carbonitrides at the subgrain boundaries and within. These
carbides are resistant to coarsening in creep condition encountered in service and
contribute to high temperature strength of P91 steel. Ta and Ti also have similar
characteristics as micro alloying addition in steel.
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Carbon (C) and Nitrogen (N)
These are interstitial alloying additions and austenite stabilizers. They improve strength
and hardenability of steel. They combine with carbide and carbonitride formers leading
to formation of M23C6 and MX, which is critical for high temperature strength of this
steel. A high N to Al ratio is also beneficial for controlling type IV cracking in the soft
inter-critical HAZ (ICHAZ) of weld joints in P91 steel [37]. However, higher carbon
content has adverse effect on weldability of steel.
Boron (B)
Boron improves strength and hardenability of steel. In 9-12% Cr FMS, B gets absorbed
on M23C6 type carbides and thus retards it‘s coarsening under in-service creep
conditions [17]. Thus type IV cracking resistance in the FGHAZ and ICHAZ region of
weld joints is improved. However, B causes hot shortness and reduces fracture
toughness of steel.
Manganese (Mn), Nickel (Ni), Copper (Cu) and Cobalt (Co):
These are austenite stabilizers and therefore inhibit formation of δ-ferrite. These alloying
additions thus contribute to the toughness of P91 steel. However, these alloying
additions also lower Ac1 temperature. This is very important for P91 steel as tempering
temperature of this steel is very close to Ac1 temperature and one has to be careful that
tempering temperature does not exceed this temperature. Besides, Mn counters
deleterious effect of S by forming MnS.
Sulphur (S) and Phosphorus (P):
These are impurities and therefore, undesired. Therefore, concentration of these
elements is kept as low as possible.
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2.1.2.5 Microstructural Features
P91steel is used in the tempered martensitic condition. Its microstructure consists of
subgrains (within prior austenite grain) formed during tempering, by rearrangement of
dislocations in normalized or as-transformed lath martensitic microstructure. Besides,
there are various carbides, carbonitrides and other precipitates at different interfaces
like prior austenite grain boundaries, lath block and lath packet boundaries, subgrain
boundaries and within the subgrains. While carbides and carbonitrides form during
tempering, laves phase and Z-phase form during service. Crystallography and chemical
composition of these precipitates is briefly discussed below.
M23C6 Precipitates
This is Cr23C6 with some Cr being replaced with other elements like Fe, Ni, Mo, Mn etc.
This is the main precipitate in 9-12% Cr ferritic martensitic steels. These carbides form
in the early stages of tempering and mainly on the various interfaces available in the
microstructure. High temperature strength and creep behaviour of these steels is
strongly influenced by the size, volume fraction and distribution of these carbides. This
has a face centred cubic (fcc) structure with lattice parameter in 1.057 nm to 1.068 nm.
Schematic crystal structure of this carbide is presented in Fig. 2.9 [4].
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Fig. 2.9: Schematic crystal structure of M23C6 carbide, M is Cr (Fe, Ni, Mo, Mn) [4].
These carbides (M23C6) coarsen during service under creep condition. Larger particles
grow in size while the smaller ones dissolve, leading to reduction in number of carbide
particles. Coarsening of these particles gets accelerated under creep condition at 600oC
[38 - 40]. Coarsening of M23C6 carbides is the life limiting factor for P91 steel and leads
to premature failure through type IV cracking in the ICHAZ and FGHAZ region of weld
joint. Boron in very small quantity is beneficial in controlling coarsening rate of these
carbide particles [41 - 44]. Boron replaces some of the carbon in M23C6 making it
M23(CB)6.
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MX Precipitates
MX is a generic term representing carbonitrides of strong carbide/nitride formers like Ti,
V, Nb, Zr, Ta etc. present in steel as micro-alloying additions. In P91 steel, mainly
carbonitrides of V and Nb form on tempering. MX carbonitrides have NaCl type fcc
structure (Fig. 2.10) [4]. Normally solid solution of the carbonitrides is observed and not
the pure carbide or nitride and therefore, the experimentally measured lattice
parameters differ slightly from that of the pure carbide/nitride. MX carbonitrides normally
form on dislocations, staking faults, lath block and packet boundaries and prior
austenite grain boundaries. These particles coarsen at very negligible rate and increase
creep resistance by pinning down the dislocations [45 - 50].

Fig. 2.10: Schematic crystal structure of MX carbonitride, M is Nb, Ta, Ti, Zr, V [4]
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Laves Phase
It has a generic formula (Fe, Cr)2(Mo, W). It has hexagonal structure (Fig. 2.11). These
can be made to form during tempering by increasing Mo or W content. Presence of Si
and Cu accelerates formation of Laves phase [51]. It forms along prior austenite grain
boundaries during long term exposure to high temperatures (550oC or higher) after
~10,000 hrs. and decreases fracture toughness of P91 steel [52 - 55].

Fig. 2.11: Schematic crystal structure of laves phase (Fe2Mo) [4].
Z-Phase
It is the equilibrium nitride in 9-12 Cr ferritic/martensitic steels. It is a complex nitride of
Cr(V, Nb)N form and has tetragonal lattice (Fig. 2.12) [56, 57]. It forms during service at
the expense of beneficial MX type carbonitride and leads to reduction in the creep
rupture strength of 9-12 Cr ferritic/martensitic steels [58, 59].
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Fig. 2.12: Schematic crystal structure of Z-phase [56].
2.2 Welding Processes for Joining 9Cr-1Mo(V, Nb) FMS
Ferritic/martensitic steels are joined by different welding processes for making
components and assemblies for a variety of engineering applications in thermal power
plants as well as well as in nuclear reactors. Welding of 9Cr-1Mo(V, Nb) FMS requires
special care because of its high hardenability. Different conventional arc welding
processes like Manual Metal Arc Welding (MMAW), Gas Tungsten Arc Welding (GTAW)
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etc. are widely used for joining of 9Cr-1Mo(V, Nb) FMS [37, 60 - 77]. Advance welding
processes like uniaxial diffusion welding and hot isostatic pressing (HIPing), electron
beam welding, laser welding, laser-arc hybrid welding etc. are also being actively
explored for joining of this steel and RAFMS for fabrication of different components of
the TBM for ITER [78 - 94]. A brief description of the different joining processes used for
joining this steel is presented in the subsequent sections and the detailed description of
these welding processes can be found in the standard textbooks on welding [60 - 61].
2.2.1 Conventional Welding Processes
Conventional arc welding refer to a group of welding processes, in which thermal
energy required for fusing the work piece and / or the weld metal is produced by striking
an electrical arc between the work piece and an electrode. The electrode can be either
consumable, forming the weld metal by itself or non-consumable, requiring a separate
filler wire to form the weld metal. The power density of the arc is of the order of 1
kW/cm2 and therefore, this can deposit energy on the surface of the work piece and
cannot penetrate deep inside. Therefore, making a suitable joint (U-groove, V-groove
etc.) and filling it with weld metal becomes necessary for joining of thick components
using conventional arc welding processes. Some prominent arc welding processes used
for joining of 9Cr-1Mo(V, Nb) FMS are Manual or Shielded Metal Arc Welding
(MMAW/SMAW), Gas Tungsten Arc Welding (GTAW), Gas Metal Arc Welding
(GMAW), Flux Cored Arc Welding (FCAW), Submerged Arc Welding (SAW) etc.
Different conventional welding processes used for joining of this steel is briefly
discussed below.
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2.2.1.1 Manual Metal Arc Welding (MMAW)
Manual Metal Arc Welding (MMAW), also known as Shielded Metal Arc Welding
(SMAW) is the most common welding method employed for joining of different metals
across a wide spectrum of applications [60 - 61]. Substantial literature exists on welding
of 9Cr-1Mo(V, Nb) by MMAW [62 – 67]. In this method a consumable electrode,
covered with flux and other desirable additives, is used to strike arc between itself and
the parts to be welded. The electrode melts with the heat generated by the arc and gets
deposited in the joint (U-, V-, J- groove) and solidifies with slag cover over it, protecting
the weld metal from getting oxidized. The entire joint is filled with the weld metal in
multiple passes. This is a simple welding process and is used extensively on the shop
floor as well as in the fields for fabrication as well as repair. However, this is a slow and
high heat input welding process. Being a manual welding process, joint quality depends
on the welder, who must be skilled and qualified as per the suitable code in force. Slag
inclusions leading to loss of fracture toughness is an important issue with the weld joints
made by using this process.
2.2.1.2 Gas Tungsten Arc Welding (GTAW)
This is also a simple welding process like MMAW. In this process, a non-consumable
electrode made of tungsten is used to strike arc between itself and the parts to be
welded. Heat produced by the arc, melts the parts to be joined and the filler rod, which
fuse together to form the weld joint. A shielding gas (Ar, He etc.) is used to protect the
hot and molten metal from oxidizing. Sometimes, active gases like CO2, O2 etc. are also
mixed, in very small quantity, in the shielding gas to modify melt pool convection from
diverging to converging. Thin components can be welded without using any filler metal.

38

The welding process can be manual as well as semi-automatic. The resulting weld joint
is clean as there is no slag inclusion. However, sometimes W particle inclusions are
observed. This process is extensively used for welding of 9Cr-1Mo(V, Nb) FMS [67 –
72]. Weld joints produced by GTAW are very clean as no slag is involved. Therefore,
GTAW process is generally used to make high quality weld joints and for the root
passes of a thick weld joint [66, 70].
There have been many improvisations in GTAW process aimed at controlling the heat
input to the weld joints leading to many variants of this process. One important variant
of this process is ‗Activated Tungsten Inert Gas‘ (A-TIG) process [72]. In this process, a
thin coating is applied on the work piece to be joined. This thin coating confines the arc
in the vicinity of the weld seam, leading to very high energy density and also promotes
converging flow of the melt in the fusion zone. The net result is deeper penetration and
joints up to 6 mm thickness can be made without the need of any filler metal. However,
inclusions resulting from the thin flux layer may have an adverse impact on the fracture
toughness of the weld joint.
Another important variant of this process is Narrow Gap TIG or NG-TIG [70 - 71]. When
very thick plates are to be welded, then conventional joint designs call for huge amount
of weld metal deposition. This will require huge amount of costly filler metal, very slow
welding process, very high heat input, unacceptable level of distortion etc. Therefore,
narrow gap concept was developed. This concept is not exclusive to only GTAW
process; rather it is utilized with other welding processes like GMAW, SAW and LaserArc hybrid welding processes as well. The groove angle is kept small (~ 2 o – 5o) leading
to a very high aspect ratio of the fusion zone. Welding is carried out in automatic mode

39

with welding machine, welding torch and the welding process designed to ensure proper
access in the narrow groove. Welding is carried out in multiple passes. Further variation
in NG-TIG has been Hot Wire NG-TIG, in which the filler wire is heated by ‗joule
heating‘ before it is melted by the arc produced by the electrode [70 - 71].
2.2.1.3 Gas Metal Arc Welding (GMAW)
This is an automatic welding process. In this process, an arc is struck between a
consumable filler wire, which is continuously fed through a spool, and the parts being
welded. A shielding gas (Ar or He) is used to protect the hot and molten metal. In case
of ferrous metal welding, active gases like CO2 or O2 in small quantities, is mixed with
Ar to avoid under cutting. GMAW is carried out in reverse polarity i.e. Direct Current
Electrode Positive (DCEP) to ensure higher deposition rate of weld metal and smooth
metal transfer. Like GTAW process, GMAW also gives a very clean weld. However,
weld metal deposition rate is much higher in GMAW process and therefore, thick joints
can be produced at much higher welding speed. The skill to maintain a short and stable
arc, as in case of GTAW process, is not required in case of GMAW process. However,
the GMAW gun is bulky and therefore, joint accessibility can be an issue in many
situations. GMAW process is also used in Narrow Gap mode for joining of thick plates.
A similar welding process is FCAW process, in which flux forms the core of the
consumable wire electrode, being continuously fed into the weld pool. The flux forms
slag and protects the molten metal in the fusion zone. FCAW process has been
reported for welding of 9Cr-1Mo(V, Nb) FMS [73 – 74].
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2.2.1.4 Submerged Arc Welding (SAW)
This welding process is used for joining of very thick sections. Arc is struck between a
consumable electrode and the sections to be welded. The arc is covered within the
granular flux, which is fed continuously through a hopper, and the slag. Very high
current is used and the melt deposition rate is very high. However, there is no melt
splatter, as the arc is submerged within the flux. The resulting weld metal is clean, as
the melt is protected and refined by the flux and the slag. SAW process is also used in
Narrow Gap mode for joining of thick plates. This method is used for joining of thick
section of 9Cr-1Mo(V, Nb) FMS [75].
2.2.2 Advance Welding Processes
Advance welding processes for 9Cr-1Mo(V, Nb) FMS include Uniaxial Diffusion Welding
(UDW), Electron Beam Welding (EBW), Laser Welding and Laser-Arc Hybrid Welding.
These advanced welding processes for this steel has drawn considerable interest in
recent times for fabrication of the challenging components for fusion reactor
applications. In diffusion welding and HIPing welding is performed in the solid state;
while a beam of high power density is used to fuse a very narrow zone of the material
along the weld seam in case of beam welding processes. A brief description of these
welding processes is presented in the following sections.
2.2.2.1 Diffusion Welding and Hot Isostatic Pressing (HIPing)
This is a solid state joining process, which employs a combination of temperature and
pressure to form a weld joint across a clean interface. When clean surfaces are brought
into intimate contact (by application of pressure), atomic bonds form and the interface
gets annihilated by diffusion of atoms. Minimization of the surface energy and/or
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chemical potential energy is the main driving force for diffusion bonding. Application of
temperature helps the bonding process by enhancing the rate of diffusion. This method
is employed to produce weld joints between the materials, which are difficult to weld by
fusion welding processes. Hot Isostatic Pressing (HIPing) is a three dimensional variant
of diffusion bonding, which is used for densification of powder metallurgy products, cast
products and fabrication of components with intricate design. Diffusion bonding and
HIPing of RAFMS has evinced considerable interest for fabrication of components with
intricate cooling channels like the first wall and cooling plates of the Test Blanket
Module (TBM) for ITER [78 – 82].
Extensive work has been done by different countries participating in ITER for process
parameter optimization (surface finish, temperature and pressure) for diffusion bonding
and HIPing of RAFMS [78 – 82]. Diffusion bonding takes place in austenitic phase-field
with growth of the austenite grains across the interface being the underlying
mechanism. Because appreciable grain growth in this steel occurs at ~ 1100 oC,
therefore diffusion bonding or HIPing is carried out at 1100/1150 oC. In addition a
pressure of 150 MPa is also applied to ensure intimate contact at the interface [78 – 82].
An elaborate procedure is required for preparing the assembly for HIPing. It has to be
ensured that the interfaces have been sufficiently degassed before closing the
assembly for formation of a good joint. The advantage of diffusion bonding or HIPing is
uniform microstructure and therefore, properties, across the joint, unlike the fusion
welded components which have graded microstructure across the joint. However, the
joint is planer and therefore, the discontinuities are arranged in a plane forming a wall
and this leads to significant drop in the Charpy impact energy of the joint [80]. Besides,
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this joining process requires a huge and costly dedicated facility, a HIPing machine.
Also, this method is not amenable for making many joints configurations while
fabricating a component.
2.2.2.2 Electron Beam Welding (EBW)
In this process a focused beam of electrons (beam current ~ 50 – 1000 mA) accelerated
to very high voltage (~ 30 – 175 kV) is used as the heat source [60]. Diameter of the
focussed beam on the work piece is ~ 0.5 mm; leading to very high power density (a
few MW/cm2) of the incident beam. This power density is sufficient to instantly vaporize
the material in the line of sight of the beam. A metal vapour filled hole (termed as
keyhole) surrounded by the melt, is thus created in the work piece. Electron beam
propagates through this keyhole and melts and vaporizes the metal deep inside [60].
The keyhole is moved along the welding seam by translating / rotating the parts being
welded. As the keyhole moves ahead, melt from its front wall is pushed towards its rear
wall and fills the hole.
Due to very high beam power and power density very thick weld joints – up to 200 mm
in steel and even more in aluminium, can be made using EBW process, in single pass,
without using any filler rod. High quality weld joints with very high depth to width aspect
ratio of the fusion zone are produced and the joint distortion is negligible due to low heat
input associated with this process. Due to these reasons, EBW finds extensive
application in fabricating critical and strategic components. However, this welding can
be carried out in vacuum only and therefore, size of the component that can be welded
and manoeuvrability of the component during welding is restricted by the size of the
vacuum chamber. Vacuum less EBW processes have also been developed, which
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extend the range of applications of this process. Harmful radiations like X-rays are also
produced during welding, due to high kV electron beam and therefore, necessary
protection for the operator is essential. While joining magnetic materials like ferritic
steel, the material must be demagnetized to avoid uncontrolled and unpredictable
deflection of the beam. As the beam diameter is very small, the joint fit up should be
very good and sufficient care is required to ensure that the beam does not miss the joint
line during welding process. Recently, there has been considerable interest in EB
welding of 9Cr FMS, driven mainly by the TBM fabrication activities [83, 90 - 92]. This is
because, fabrication of TBM requires welding of very thick back and or side plates
(thickness in 45 – 90 mm range) with the first wall and distortion allowance in very strict
so conventional welding processes cannot be used.
2.2.2.3 Laser Welding
In this process, a focused laser beam is used as the heat source to weld metallic
materials. Laser welding has been extensively discussed by Steen el al [84]. Laser
beam is a beam of monochromatic and coherent photons, produced in a lasing media
by stimulated emission and conditioned in a suitably designed design cavity. Due to its
coherent and monochromatic characteristics, a laser beam can be focused to very fine
diameters. While lasers are used for a wide range of applications, a laser used for
welding applications has typically a few kW of beam power and the focused beam
diameter is typically ~ 0.5 mm, leading to very high power density (a few MW/cm 2),
comparable to that achieved in case of electron beam welding. Therefore, welding is
generally performed in keyhole mode. However, for thin sections, lower power density
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can be achieved by decreasing the beam power and / or increasing the beam diameter
and welding can be performed in conduction mode, as well.
Different lasers used for welding are – CO2 Laser, Nd-YAG Laser, Disk Laser, Fiber
Laser and High Power Diode Laser (HPDL). Besides CO 2 laser, which is a gas laser
and lases at 10.6 µm; all the other lasers are solid state lasers and lase at a wavelength
~ 1 µm. CO2 laser was the first laser to provide multi kW laser beams and has been the
main workhorse of laser welding for many decades. There have been significant
developments in high power solid state lasers during past 10 – 15 years in terms of
beam power and beam quality. Nd-YAG laser was the most important solid laser,
however, its beam power is limited to ~ 4 – 5 kW and this laser is getting obsolete now.
High power diode lasers offer laser beam in 8 – 10 kW power range, however, beam
quality is not very good and therefore, these lasers are not suitable for producing a deep
and narrow fusion zone. Disk laser offers beam power more than 16 kW and fiber laser
in excess of 20 kW. Beam quality of these lasers is excellent and these lasers are
capable of producing a deep and narrow fusion zone. However, these lasers are
relatively new and significant amount of research is required before, they can compete
with CO2 laser in terms of welding applications. However, due to lower wavelength,
solid state lasers have a clear advantage over CO2 laser for welding of metals with high
reflectivity like Cu, Mo, and Nb – alloys.
Compared to electron beam welding, laser welding can be carried out in open air with
shielding gas and the welding head itself can be maneuverered using a CNC / robot.
These features make laser welding very flexible and versatile and therefore, weld joints
can be made in different configurations and positions, with ease. Due to these benefits,
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industrial application of laser welding is expanding rapidly. Recently, the interest in laser
welding of 9Cr FMS has increased considerably due to its suitability for making
challenging joints required for TBM fabrication [85 – 94].
2.2.2.4 Laser-Arc Hybrid Welding
Laser-Arc welding combines laser welding with arc welding (TIG or GMAW). This
combination harnesses synergy of the two heat sources. A narrow laser beam serves to
achieve deep penetration, while a wide arc ensures that the joint gap is bridged, without
fail. Further, preheating of the work piece by the arc, improves coupling of the laser
beam energy and the metallic vapours produced by the laser beam provide a
conducting path, thus restricting spread of the arc. Due to these benefits laser-arc
hybrid welding is finding increasing application, particularly in joining of thick sections.
The benefit is that high quality weld joints can be produced in thick sections with very
narrow gap, and therefore less weld metal and heat input are required. In these joints, a
deep root pass is produced by high power laser beam, followed by weld metal
deposition in a narrow V-joint with Laser-GMAW hybrid welding process. Laser-Arc
hybrid welding of 9Cr RAFMS has been identified as a potential joining method for TBM
fabrication [89].
2.2.3 Welding of 9Cr-1Mo(V, Nb) FMS
Ferritic/Martensitic steels including 9Cr-1Mo(V, Nb) steels are welded by different
welding processes like SMAW, GTAW, Flux Cored Arc Welding (FCAW), GMAW and
SAW or a combination of these processes [62 - 77]. Laha et al. [63] have reported a
detailed microstructural and creep study on weld joints in modified 9Cr-1Mo steel and
also on simulated HAZ specimens. These weld joints were made between 12 mm thick
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plates of modified 9Cr-1Mo steel by SMAW process. The study focussed on the
microstructural variation across the HAZ and its role on intercritical softening and loss of
creep rupture strength by Type – IV cracking. It was reported that the soft region in the
weld joint correspond to the intercritical HAZ. The soft intercritical region sandwiched
between hard regions (parent and the weldment) creates stress triaxiality, which in-turn
facilitates localization of the creep deformation in this region and failure of the weld joint
by Type – IV cracking. Reduction in the strength in the intercritical region was attributed
to the combined effects of coarsening of dislocation substructures and precipitates.
However, they have not suspected and interrogated the effect of low austenitization
temperature, which is present in the intercritical HAZ, on transformation behaviour of
austenite while cooling and its role in intercritical softening.
Mythili et al. [64] have reported microstructural modification due to reheating in
multipass manual metal arc welds of 9Cr–1Mo steel. Presence of a repetitive
microstructure consisting of columnar grain, coarse grained austenite, fine grained
austenite and unaffected structure within the weld zone was reported in this study,
confirming a significant modification of microstructure due to multiple passes. Significant
coarsening of laths, decrease in defect density and extensive precipitation with Cr
enrichment in the carbides along the weld centre line from top to root was also reported
in this study. The microstructural variations caused by the multiple passes showed a
good correlation with the variation in the lattice strain indicated by FWHM of the X-ray
diffraction peaks. They have also reported extensive tempering of the primary
solidification structure as the root is approached. Therefore, it can be concluded that
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multiple passes associated with arc welding introduces considerable heterogeneity in
the fusion zone microstructure.
Shiue et al. [65] have reported effect of tempering temperature on fracture toughness
and stability of retained austenite in the weld joints in modified 9Cr-1Mo FMS. The
welds were made by multipass arc welding (GTAW for root pass and MMAW for filling
passes) between 6.4 mm thick plates. The fusion zone produced by MMAW showed
showed profound slag inclusions. Significant drop in the fracture toughness and
increase in the hardness for the weld joints tempered in 450 – 610 oC temperature
range with lowest fracture toughness for the welds tempered at 540 oC was reported in
this study. However, there was significant improvement in the fracture toughness for the
tempering temperatures higher than 680 oC. It was also reported that for tempering
temperatures in 450 – 610 oC range, the retained austenite in the welds, transformed
into untempered martensite and this could be the reason for loss of toughness of the
welds tempered in this temperature range. However, acceptable fracture toughness and
hardness was obtained for the welds tempered at 750 oC for 1 hour and these welds
fractured in ductile manner with dimpled fracture surface.
Arivazhagan et al. [66] have reported the effect of surface remelting using TIG arc on
the toughness of MMAW welds in P91 steel. MMAW process was reported to introduce
profound micro inclusions in the weld metal which has adverse effect on fracture
toughness of these weld joints. It was reported that surface remelting of the MMAW
welds by TIG arc resulted in refinement of the coarse (> 5 μm) inclusions and
improvements in the fracture toughness of the weld joints from 40 J for MMAW welds to
72 J for the TIG arc remelted MMAW welds.
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Ghosh et al. [67] have reported influence of pre- and post-weld heat treatment
temperatures on weldability of modified 9Cr-1Mo(V-Nb) steel pipe, produced using
SMAW and TIG welding. In this study, the preheating temperatures and PWHT
temperatures were respectively varied in 200 – 300 oC and 650 – 850 oC range. They
have not explained the use of a PWHT temperature of 850 oC, much higher than the
code specified values (730 – 780 oC range) and also, where this PWHT temperature
stands in relation to the Ac1 temperature of the material, they have used. No
appreciable reduction in the hardness of the weldment was reported as a result of
PWHT at any temperature, they have used. The results reported in this study does not
confirm to the existing and well accepted knowledge about characteristics of the welds
in this steel. The reason for such a result could be insufficient time for PWHT, which is
not reported in this paper.
Watanabe et al. [68] have reported evaluation of creep damage of 9Cr-Mo-V-Nb steel
welded joints by conducting experiments over a temperature range of 550 – 650 oC and
stress range of 40 – 230 MPa range. A shift in the rupture location from weldment
region at high stress – low temperature condition to the FGHAZ region at low stress –
high temperature condition was reported in this study. The fracture in the FGHAZ at
high temperature – low stress condition is known as Type IV cracking. It was reported
that before creep tests, the FGHAZ region did not show any lath martensitic structure
and the dislocation density in the subgrains in this region was also much lower than that
in the weldment. They observed accelerated coarsening of carbides and recovery of the
dislocation structure in the FGHAZ region, which led to preferential accumulation of
creep damage in this region causing creep void formation and Type IV cracking. Hongo
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et al. [69] have also reported similar results for weld joints, in 25 mm thick Grade 91
steel plates.
Kumar [70] has reported welding of P91 steel by autogenous and cold- and hot wire TIG
welding processes for fabrication of steam generators of the 500 MWe Prototype Fast
Breeder Reactor. The steam generators are designed to operate at high steam outlet
temperature and pressure of 493

o

C and 172 bar respectively. A preheating

temperature in 200 – 250 oC range and PWHT at 760+10 oC was used in these
weldings. It was reported that hot wire TIG not only increases the weld deposition rate,
there is also associated lower heat input, lower distortion and a significant reduction in
the porosity as joule heating removes any volatile matter from the filler wire. Barthoux
[71] has also reported similar benefits for welding of heavy wall thickness materials by
narrow gap welding for nuclear application.
Arivazhagan et al. [72] have reported effect of variation in heat input on the
microstructure of reduced activation ferritic martensitic steel weld metal produced by
GTAW process. In the weld metal, δ-ferrite was observed, volume fraction of which
increased with increasing heat input. They inferred that slower cooling rate associated
with high heat input was the facilitating factor for formation of δ-ferrite in the weldment.
A detailed study on structure and properties of the actual as well as Gleeble simulated
heat affected zone of P91 steel has been subject of doctoral study of Sulaiman [73]. He
reported very good agreement between the actual and the Gleeble simulated HAZ in
terms of structure and properties. It was reported that except for prior austenite grain
size variation there is no microstructural marker to distinguish the different sub regions
of the HAZ. The cross-weld hardness profile showed softening in the FGHAZ and
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ICHAZ. Dilatometric studies showed that simulated normalizing did not result in
complete

dissolution

of

the

carbides

affecting

hardness

and

transformation

temperatures of the resulting austenite and the Ms temperature. It was reported that in
spite of high hardenability of the P91 steel which resulted in complete martensitic
transformation, the Ms temperature and the hardness of the resultant martensite varied
substantially with the associated thermal cycle. The Ms varied in 370 – 420 oC range
and the hardness in 365 – 480 HV range. However, no explanation was provided for
this variation.
Arivazhagan et al. [74] have reported influence of shielding gas composition and TIG
arc remelting on toughness of flux-cored arc weld of P91 steel. They found that
Ar+5%CO2 mixture resulted in minimal slag inclusion and superior toughness of the
weld metal. Increasing the proportion of CO2 led to inclusion of coarse slag particles
and associated deterioration in the weld toughness. This deterioration in the toughness
of the weld due to slag inclusions could be rectified by TIG arc remelting of the welds,
which led to formation of fine inclusion particles at the expense of coarse particles.
However, the researchers have not provided any rationale for this study on variation of
the shielding gas composition and also why this variation affected the inclusion content
of the welds.
Paddea et al. [75] have reported residual stress distributions in a P91 steel-pipe girth
weld before and after PWHT. They produced a weld joint between two pipes (325 mm
outer diameter and 25.4 mm wall thickness) made of P91 steel by employing GTAW for
root passes and SAW for the filling passes and studied residual stress distribution
across the joint as well as through the thickness of the joint by neutron diffraction. It was
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reported that highest residual stress was found towards the outer HAZ region and the
root region in as-welded and also in PWHT condition. This work hints at a possible role
of the weld residual stresses on the Type IV cracking encountered in the welded
components in this steel, but that cannot be confirmed without a comprehensive study.
It was also reported that a compressive state of the residual stresses in the weldment
corresponding to the final pass, confirming the compressive effect of the martensitic
transformation on the weld residual stresses.
Parker [77] has reported his investigation on the factors affecting Type IV creep damage
in Grade 91 steel welds. Through microstructural and creep studies on welds made in
P91 steel pipes and Grade 91 steel plates by MMAW process, he concluded that in the
outer HAZ region, which forms FGHAZ and ICHAZ, martensitic transformation is not
likely to occur because for the fine grained austenite the ability to undergo martensitic
transformation may be limited. This region is susceptible for accelerated softening of the
matrix and accelerated coarsening of the precipitates leading to localization of the creep
damage, creep cavitation and Type IV cracking.
Welding and weldability of these steels have been extensively reviewed by David et al.
[62]. Tempered martensitic microstructure of these steels is completely altered by the
weld thermal cycle. This material undergoes melting in the fusion zone and solidifies as
δ (ferrite), which then transforms into austenite), which finally transforms into ‘
(martensite). In the heat affected zone, ferritic to austenitic transformation and
dissolution of the carbide particles takes place during heating cycle. This material is
highly hardenable and therefore, all the austenite produced in the fusion zone and HAZ
undergoes complete martensitic transformation during cooling leg of the weld thermal

52

cycle. Martensite is a hard and brittle phase and this necessitates preheating of the
parts to be joined, particularly, when multiple passes are required to produce a weld
joint. Therefore, a preheating and inter-pass temperature is maintained during welding
of 9Cr-1Mo(V, Nb) FMS (Fig. 2.13) [62]. Preheating temperature depends on many
factors like composition of the material and constraint imposed on the parts being
joined. Lower end of the preheating temperature is guided by the ductility required to
avoid cracks in the weld and the upper end is guided by the necessity to ensure
complete martensitic transformation of the austenite during cooling cycle. Typically the
upper end of the preheating and the inter-pass temperature is kept ~ 100oC below Ms of
the weld metal. The preheating temperature generally kept for an extended time after
completion of welding, also termed as post heating or bake-out of the weld, particularly
for thick sections. This is preferred if the joint is not going for post weld heat treatment
(PWHT), soon after welding. This serves to keep the joint dry, facilitates hydrogen
diffusion and avoids any unwarranted contamination.
In as-welded condition, microstructure in the fusion zone and HAZ is as-transformed
martensite within prior austenite grains of varying shapes and sizes. In this condition,
the fusion zone and the HAZ have much higher strength and hardness; but much lower
ductility and toughness and therefore, the component cannot be put into the service in
as-welded condition. Post weld heat treatment (PWHT) of the weld joint is carried out to
improve ductility and toughness of the joint. Range of PWHT temperatures allowed by
ASME for P/T91 steel weld joints is 730-800oC [62]. Lower tempering temperature leads
to higher joint strength and higher tempering temperature leads to higher ductility.
However, upper end of tempering temperature is capped by A 1 temperature, which can
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vary considerably (770 – 850oC), depending on composition of the weld metal [77].
Care should be taken to ensure that tempering temperature does not exceed A 1
temperature of the weld metal, else some part of it gets reaustenitized and transforms
into martensite, leading to degradation of fracture toughness of the weld joint.

Fig. 2.13: A typical preheating/inter-pass heating/post weld bake-out and post
weld heat treatment (PWHT) used for welding of 9Cr-1Mo(V, Nb) FMS [62].

Cross-weld microstructural variation in this steel has been subject of the extensive
studies [64, 76]. Thermal cycle imposed on the material, by the welding heat source
induces different metallurgical changes. This leads to a gradually varying microstructure
across the weld joint (Fig. 2.14) [76].
In the fusion zone, the material melts and then solidifies in columnar morphology.
Adjacent to it lies a narrow partially melted zone (PMZ) in which the peak temperature
was between solidus and liquidus of the steel. Beyond PMZ lies the HAZ, which can be
broadly divided into following four sub-regions depending on the strength of the thermal
cycle and the resultant metallurgical changes experienced by the material.
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Coarse Grained HAZ (CGHAZ): The peak temperature in this region is between ~
1100oC and solidus temperature. In this region complete austenitization of the tempered
martensitic structure, dissolution of the carbide precipitates and coarsening of the prior
austenitic grains take place. This zone includes two phase δ+ region, in which a
fraction of austenite transforms into δ-ferrite, which at times gets retained right up to
room temperature [76].

Fig. 2.14: Schematic diagram showing microstructural variation across weld joint
in P(T)91 steel and corresponding regions in the calculated phase diagram [76].
Fine Grained HAZ (FGHAZ): In this region, the peak temperature is between A 3 and ~
1100oC. Tempered martensitic structure undergoes complete austenitization, however,
complete dissolution of carbide precipitates does not takes place. As a result of
relatively weak thermal cycle, the original prior austenite grains get divided into multiple
new austenite grains. This results in fine prior austenite grains.
Intercritical HAZ (ICHAZ): The peak temperature in this zone lies between A 1 and A3
and the tempered martensite undergoes partial austenitization. This zone consists of as
55

transformed martensitic structure within fine prior austenite grains and over tempered
ferritic subgrains.
Subcritical HAZ: In this zone the peak temperature is less than A 1 temperature and
therefore, this zone undergoes some additional tempering.
Multipass welding processes introduce non-uniformity in the fusion zone microstructure
as the heat from the succeeding passes leads to formation of a graded HAZ, consisting
of various microstructural zones, in the weld metal deposited by the preceding passes
and also cause tempering of the same. Thus fusion zone of a multipass weld joint in
ferritic steels is essentially a mixture of fusion zone, HAZ and tempered fusion zone [64,
76, 95]. Reed et al. [95] have presented a model for multipass weld joints in steels.
Different metallurgical regions in fusion zone and HAZ resulting from a typical multipass
welding process in a ferritic steel are shown in Fig. 2.15. In this figure, it can be seen
that the fusion zone and the HAZ consists of a mixtures of different metallurgical
regions, resulting from the heat input of multiple passes. This kind of microstructural
heterogeneity is always present in the fusion zone and HAZ of a multipass weld joints in
9Cr FMS [64, 76]. This microstructural heterogeneity is one of the prominent
contributing factors for the weld joint failure by Type I and Type II cracking [76].

Fig. 2.15: Schematic diagram showing heterogeneous microstructure in the
fusion zone and the HAZ of a typical multipass weld joint in a ferritic steel [95].
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2.2.4 Rationale for Laser Welding of 9Cr-1Mo(V, Nb) FMS
Conventional arc welding processes are being used for decades to join a large number
of components and assemblies made of 9Cr-1Mo(V, Nb) steel, for power plants,
petrochemical industries and nuclear reactors. There have been considerable
improvements in the area of arc welding process, which resulted in cleaner and tougher
weld metal. However, there are certain limitations like high heat input and
heterogeneous microstructure in the fusion zone and HAZ, which are inherent to the
process and therefore, cannot be avoided. These limitations lead to failure of the joint
by different modes of cracking like – Type I, Type II, Type III and Type IV (Fig. 2.16)
[76]. Type I cracks originate and culminate in the weldment. Type II cracks originate in
the weldment but may extend into the HAZ or even the parent metal. Type III cracks
originate in the coarse-grained HAZ and can propagate in this zone as well as into the
parent metal. Type IV cracks originate and propagate into the fine-grained or intercritical HAZ. Laser welding being a low heat input and single pass process, produces
uniform fusion zone and HAZ and therefore, a better alternative joining process to
overcome these problems.

Fig. 2.16: Different modes of cracking associated with weld joints in 9Cr-1Mo(V,
Nb) FMS [76].
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Besides, many joint configurations do not allow for making grooves and filling it with
weld metal due to design considerations and also have minimal distortion allowance.
These kind of very demanding joint configurations are present in the Test Blanket
Modules (TBMs) to be used at International Thermonuclear Experimental Reactor
(ITER). These TBMs are to be made of RAFMS, a material with very similar chemistry,
physical metallurgy and weldability as that of 9Cr-1Mo(V, Nb) FMS. Therefore, making
of these joints calls for single pass, low heat input welding processes or a combination
of low heat input welding processes (laser welding) and arc welding process. While
EBW can be used to make single pass, low distortion weld joints with low heat input and
narrow FZ and HAZ; the process does not offer sufficient flexibility (beam
manoeuvrability) to be used for many joint configurations. Therefore, laser welding
remains potentially the only option to make those weld joints. Due to these reasons,
laser welding has emerged as the welding process of choice for many joints (up to 10
mm thick) in TBM fabrication [89 - 94]. Because of very similar chemistry, metallurgy
and weldability characteristics, the results of laser welding of 9Cr-1Mo(V, Nb) FMS can
be utilized for laser welding of RAFMS. However, the literature on laser welding of 9Cr1Mo(V, Nb) FMS and RAFMS is rather limited [85 - 94]. This provides rationale for a
detailed study on laser welding of 9Cr-1Mo(V, Nb) FMS.
2.2.5 Laser Welding of 9Cr-Mo(V, Nb) FMS and RAFMS
Rather limited literature on laser welding of 9Cr-1Mo(V, Nb) is primarily because this
material is being welded by multipass arc welding processes for over last three decades
[85 - 94]. Lee et al. [85] produced and characterized full penetration weld beads on 5
mm thick plates of 9Cr-1Mo(V, Nb) FMS in normalized condition (1040oC, 30 minutes),
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using 5 kW continuous wave CO2 laser (Rofin-Sinar 850). They produced two weld
beads, overlapping 6% at the root, on each plate to produce wide enough fusion zone
for further characterization. The welds were tempered at 250 oC, 540oC and 750oC for 1
hour. They have characterized the welds and the parent material for the microstructure,
impact toughness and notch tensile strength and fatigue crack growth, in air as well in
hydrogen atmosphere. They have reported presence of δ-ferrite, retained austenite as
well as twinned martensite in the fusion zone microstructure, which was predominantly
auto-tempered martensite within coarse prior austenite grains. They have reported
considerable drop in the impact energy for the parent metal tempered at a temperature
in the vicinity of 540oC. They have reported much lower impact energy of the fusion
zone than that of the parent metal. However, the impact energy for welds increased
significantly when tempered at 750oC. Both the parent metal as well as the welds,
tempered at lower temperatures, exhibited significant susceptibility to hydrogen
embrittlement; however, this susceptibility was significantly higher for the welds.
Susceptibility towards hydrogen embrittlement became negligible for the parent metal
as well as the welds tempered at 750oC. The specimen with lower impact toughness
displayed unstable fatigue crack growth and quasi-cleavage on fracture surface. The
welds showed higher fatigue crack growth rate than the parent metal; however, this
difference became negligible for the parent metal and the weld tempered at 750 oC.
Xu [86] has reported laser welding of pipe with 3.34 mm wall thickness using a pulsed
Nd-YAG laser of 1.6 kW nominal power. He has reported the effect of process
parameters on the various attributes like depth and lateral spread of fusion zone and the
HAZ. A narrow fusion zone and HAZ with much higher hardness (~420 – 500 VHN) was
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reported by him. In post weld heat treated condition, cross-weld hardness profile did not
show any soft zone, which is always associated with a multipass weld joints in the HAZPM interface region and attributed for failure by Type-IV cracking under creep condition.
Shanmugarajan et al. [87] have reported laser welding studies for 6 mm thick plate of
P91 steel using continuous wave CO2 laser (Power 3.5 kW). They have studied weld
beads and square butt weld joint produced by varying heat input in 168 J/mm to 1500
J/mm. They have reported increase in width of the fusion zone and the HAZ with
increasing heat input. Further, at lower heat input up to 420 J/mm, they did not observe
any soft inter-critical region; which was observed at heat inputs exceeding 700 J/mm. At
lower heat input (up to 420 J/mm) they did not observe any δ-ferrite in the fusion zone,
which was present in the fusion zone of the joints made at heat inputs exceeding 700
J/mm. Besides, they have reported superior impact toughness for the weld joints than
that of the parent metal, which is in contrast to that reported by Lee et al. [85].
Harinath et al. [88] have reported their work on laser welding of fuel clad tube – end
cap, both made of 9Cr-1Mo(V, Nb) FMS, for potential application in Indian fast breeder
reactors. They have reported their work on process parameter optimization and
preliminary microstructural examination on the weld joint cross-section. They have
reported presence of δ-ferrite in the fusion zone, which comprised predominantly of astransformed martensitic microstructure. They have also reported considerable grain
refining in the narrow HAZ region adjacent to the fusion zone. They have attributed the
presence of δ-ferrite to incomplete δ-ferrite to γ (austenite) transformation, during cool
down of the weld joint.
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Fabrication of TBMs has led to renewed interest in laser welding FMS and significant
amount of literature exists on laser of RAFMS, which has very similar metallurgy and
weldability characteristics as that of 9Cr-1Mo(V, Nb) FMS [89 - 94]. Cardella et al. [89]
have mentioned laser welding as one of the prominent joining method for TBM
fabrication. They have presented a macrograph showing cross-section of weld joint in 9
mm thick EUROFER 97, a reduced activation ferritic/martensitic steel developed by
European Union, showing a narrow fusion zone and HAZ. However, details regarding
the laser welding parameters and weld joint characterization were not reported.
Tanigawa et al. [90] have reported laser welding of F82H, a reduced activation
ferritic/martensitic steel developed by Japan, for fabrication of the membrane panel for
Japanese TBM. This requires welding of a 1.5 mm thick and 4 mm wide plate with tubes
(11 mm diameter and 1 mm wall thickness) on both sides of the plate. In this application
laser welding offers advantage of low heat input and negligible distortion. This welding
has been done using a fiber laser to produce sound weld joints. However,
characterization of the weld joint in terms of microstructure and mechanical properties is
not reported. They have emphasized the need to characterize the weld joints, involved
in TBM fabrication, in terms of residual stresses.
Serizawa et al. [91] have reported welding of 32 mm thick plates of F82H by a
combination of laser welding and plasma – MIG hybrid welding. Laser welding was
carried out using a 10 kW fiber laser to produce 12 mm thick root pass and plasma-MIG
hybrid welding was used for the filling passes. They have performed computational
studies to investigate the effect of mechanical restraint on weldability of thick plates of
RAFMS. They have used different model sizes and have arrived at a minimum coupon
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size which should be used for basic test of weldability for 90 mm thick plates of F82H
using electron beam welding.
Serizawa et al. [92] have reported dissimilar weld joint between 4 – 5 mm thick plates of
F82H and SS316L using a 4 kW fiber laser. They produced the dissimilar weld joint by
keeping the beam at the seam line and also by shifting the beam by 0.1 mm and 0.2
mm towards SS316L side. Welds were produced at 4 kW of laser power and welding
speed of 2 m/minute – 4 m/minute. They have reported a wider fusion zone and HAZ at
the lower welding speed and vice-versa. The fusion zone was very hard when the beam
was at the seam line and its hardness could not be reduced significantly even after post
weld heat treatment (PWHT). However, hardness of the fusion zone could be reduced
to the parent metal level by shifting the laser beam towards SS316L and hardness of
the HAZ on P91 side could be reduced to the parent metal level after PWHT.
Aubert et al. [93] have presented a review of candidate welding processes of RAFMS
for ITER and DEMO TBMs. They have emphasized the importance of high power laser
welding and Laser/MIG hybrid welding for TBM fabrication. Commissariat à l‘Energie
Atomique et aux Energies Alternatives (CEA), France is using a high power (multi
kilowatt) disk laser to produce different joint configurations relevant for European TBM.
It has reported microstructural variation and microhardness profile across laser welded
joint in 11 mm thick EUROFER 97 plates using 8 kW disk laser at 0.35 m/minute
welding speed. They have also produced sound weld joints of same thickness (11 mm)
at much higher welding speed (2.5 m/minute) by using still higher laser power (10 kW).
Thus it can be seen that laser welding of FMS and RAFMS is finding increased
attention, due to its benefits. However, a detailed study on laser welding of 9Cr-1Mo(V,
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Nb) FMS in terms of process parameters, microstructure and residual stresses is not
reported in the literature. This work presents detailed study on laser welding of 9Cr1Mo(V, Nb) steel using high power CO2 laser, in terms of the process parameters,
microstructure and residual stresses. Besides, thermo-metallurgical and thermomechanical modelling and simulation of laser welding of 9Cr-1Mo(V, Nb) FMS have also
been done to get a better insight of the process.
2.3 Modelling and Simulation of Welding
Welding is a complex process comprising of many seamlessly interrelated electrical,
physical, chemical, metallurgical and structural phenomena and therefore, modelling
and simulation of a welding process is very challenging. The starting point can be
interaction of the energy source – flame, arc, beam etc., with the material leading to
generation of heat in the solid. This is a very complex problem to model, in itself. The
heat source resulting from the interaction of the energy source can be of different spatial
(point, line, area, volume with different kind of intensity distributions) and temporal
profile (continuous, pulsed, modulated etc.). Computation of the temperature profile and
the heating and cooling rates resulting from a heat source requires simultaneous
solution of the heat diffusion equation in the solid, in conjugation with cooling of the solid
by convection and radiation. If the heat source is strong enough to cause phase
changes, modelling of the same becomes necessary, to predict many outcomes of
relevance. When melting is involved, which is invariably associated with welding,
modelling of solid to liquid transition and convection in the melt, driven by surface
tension and density gradients, becomes necessary to accurately predict weld pool
morphology and temperature profile in the weld pool. One can go on counting a large
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number of phenomena that need to be considered simultaneously, for accurate
modelling of any welding process. However, it is not possible to include all of these in a
single model. Therefore, only the phenomena of interest and relevance for the
outcomes of interest are included in a model. The outcomes of interest can be the
temperature profiles, the FZ and HAZ profiles, the heating and the cooling rates,
distortion of the joint, residual stress profiles etc.
Heat conduction in solid forms the core of all the analytical and numerical models of
welding. Analytical solution of the heat conduction equation has been extensively
described by Carslaw and Jaeger [96]. Rosenthal [97] presented analytical solution of
temperature profiles resulting from the application of a point heat source incident on the
surface of an infinite solid and moving along weld line. This solution is applicable for
welding in the conduction mode. Rosenthal [97] also proposed analytical solution for an
infinite line source extending through the thickness of the joint and moving along the
welding direction. This solution can be used for through-thickness as well as partially
penetrating, deep weld joints. However, the point and line source models do not
account for the finite size of actual welding heat sources and therefore, predict infinite
temperature at the source. Solutions from point and line sources can be integrated to
obtain analytical solutions resulting from a surface and a volume heat source with
different intensity profiles (flat top, Gaussian etc.); however, analytical models cannot
incorporate temperature and phase-dependent material properties. To incorporate the
variation in material properties with temperature, one has to go for numerical solution of
the model. Besides, numerical solutions can incorporate any joint configuration and
provide much more results and therefore, much deeper insight, than one can get from
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the analytical solutions. Due to these reasons, numerical modelling and simulation of
welding process have gained considerable interest. Considerable amount of work on
finite element modelling and simulation covering different aspects of arc welding has
been reported in the literature [98 - 128]. The interest in modelling and simulation of
welding can be gauged by the fact that Mackerle [127, 128] has presented a
bibliography of over 1300 papers between 1976 – 2001, on finite element modelling and
simulation of welding and the number of publications has continued to increase at a
rapid pace since then. Different multiphysics software packages like ANSYS, FLUENT,
ABAQUS, SYSWELD etc. are available for modelling different aspects of welding [129 141]. These software packages along with much stronger computing systems help in
modelling and simulating different aspects of the welding process such as thermal, fluid,
metallurgical and structural. Modelling and simulation of the conventional arc welding of
9Cr-1Mo(V, Nb) FMS has been extensively reported in the literature [129 - 131].
However, modelling and simulation of laser welding of 9Cr-1Mo(V, Nb) FMS is not
reported in the literature.
2.3.1 Modelling and Simulation of Laser Welding
Analytical solution for an infinite line source, extending through depth of the material
and moving along the welding line, can be taken as a starting point for analytical
solution of laser welding. As line source cannot account for finite size of the heat
source, therefore, by integrating the point and the line source solutions over an area,
different kinds of heat sources can be constructed. Lax [142] provided solution for
steady state temperature distribution resulting from a stationary Gaussian beam incident
on a semi-infinite medium. This solution is applicable for laser welding in conduction
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mode. Nissim [143] presented a 3-D solution for a moving elliptical Gaussian heat
source. Miyazaki and Giedt [144] presented solution of the heat conduction equation for
a cylindrical molten region with elliptical cross-section. A laser weld joint made in
keyhole mode of welding has a nail like shape. This shape was modelled by a
combination of point and line source solutions by Steen et al.. [145], which has been
extended further by different researchers [146 – 148].
Again analytical solution of laser welding has its own limitations and therefore,
numerical modelling and simulation has been used extensively to study different
aspects of laser welding. Mazumder et al. [149] presented numerical model for heat
transfer resulting from materials processing using a continuous wave laser. They
assumed a Gaussian heat source model and 100% coupling of beam energy above
boiling point of the material. Besides, conduction, melt pool convection has very
significant effect on the temperature distribution within the melt pool and on the
morphology of the melt pool itself. Significant amount of modelling and simulation
studies have been carried out on melt pool convection during laser welding [150 - 154].
The underlying mechanism for deep penetration laser welding is formation of a
‗keyhole‘, which travels along the welding line. This keyhole is filled with metal vapour,
through which laser beam propagates deep inside and gets absorbed on the walls
formed of the molten metal. Absorption of the laser beam energy is increased due to
lower angle of incidence [155] as well as entrapment of the laser beam within the
keyhole leading to multiple reflection and absorption on the keyhole walls. Morphology
of the keyhole is determined by the combined effect of melt flow within the keyhole as
well as that of the melt surrounding the keyhole. Significant amount of modelling and
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simulation studies have been reported in the literature on different aspects - formation,
stability, morphology etc. [156 - 174]. An extensive review of thermal modelling of laser
welding and related processes has been presented by Mackwood and Crafer [175].
Thermo-metallurgical computations provide thermal field and metallurgical phase field,
which are then used for thermo-mechanical computations. Thermo-metallurgical
computations involve computing phase-fractions due to the weld thermal cycle. Phasetransformations lead to formation of different phases, which differ in thermo-physical
properties. Therefore, thermal and metallurgical computations are simultaneously
coupled. For this purpose, thermal equations describing heat diffusion in the solid and
convective-radiative cooling of the solid and phase transformation equations describing
diffusional

or

martensitic

transformations

are

solved

simultaneously.

These

computations are performed numerically using commercially available software
packages like SYSWELD [136] and provide temporal evolution and spatial distribution
of different phases resulting due to welding operation.
Results of Thermo-metallurgical computations i.e. thermal and metallurgical phase
profiles, along with temperature and phase-dependent mechanical properties form the
input for thermo-mechanical computations. As mechanical behaviour of the material
does not have significant bearing on the evolution of thermal and metallurgical phasefield, thermo-mechanical computations are sequentially coupled to the thermometallurgical computations. Thermo-mechanical computations are made numerically
using commercially available software packages like ANSYS, ABAQUS, SYSWELD etc.
[129 - 138]. Yaghi et al. [129] have reported residual stress simulation using ABAQUS in
multi-pass arc welded section of P91 pipes. They have used an axisymmetric model of
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the butt joint between P91 steel pipes for this simulation and have computed through
thickness residual stress profiles along weld centre line and in the HAZ. They performed
the analysis for five joint configurations each for two wall thicknesses – 7.1 mm and 40
mm, by varying the inside radius to wall thickness in 1 to 100 range. It was reported that
the peak tensile stresses occurred nearer to the inside surface of the pipe in the thin
walled joints and nearer to the outside surface of the pipe in the thick walled joints. The
peak compressive stresses, if any, occurred nearer to the outside surface of the thin
walled pipe and nearer to the inside surface of the thick walled pipe. A set of material
properties generated for this purpose was used in this study. However, material
properties of supercooled austenite were not considered in these computations. In
addition, solid state phase transformation (SSPT) of the austenite into martensite was
also not considered in their model.
Deng et al. [130] have reported computation of welding residual stresses using
ABAQUS in multi-pass arc welded modified 9Cr-1Mo steel pipe in butt configuration,
considering SSPT effects. They have also used axisymmetric model and considered the
effects of volumetric and/or yield strength change arising out of SSPT of austenite into
martensite during welding. It was reported that the volume and yield strength changes
associated with SSPT of austenite to martensite during welding have significant effects
on residual stress and must be considered for computation of stresses arising out of
welding of this material. Because of non-availability of mechanical properties of the low
temperature austenite, they have used properties of the base metal itself in this regime.
However, it was recommended that phase-dependent mechanical properties of the
material should be used for further improvements in the computed results.
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Kim et al. [131] have reported numerical computation using ABAQUS and experimental
measurements using neutron diffraction of residual stresses for a modified 9Cr-1Mo
steel weld joints. They have used material property data from Yaghi et al. [129] and
have not used phase-dependent material property data. The weld joints were produced
in butt and fillet configurations using arc welding methods. They had not implemented
SSPT of austenite into martensite; however, based on the experimental results it was
recommended that SSPT should be considered for arriving at more reliable results.
Price et al. [132] have reported comparison of the residual stress in welds computed
using SYSWELD and that measured experimentally using neutron diffraction. They
have used metal inert gas deposited weld beads on low carbon steel. Their results show
that longitudinal component of the residual stress is the most significant and the normal
and transverse components are much smaller and comparable to each-other. Bate et al.
[133] have reported thermo-metallurgical and thermo-mechanical computations using
SYSWELD for bead on plate specimen produced by tungsten inert gas welding. They
have presented transient temperature evolution and residual stress profiles on the weld
bead cross-section. Aloraier et al. [134] have reported computation of residual stresses
in flux cored arc welding process in bead on plate specimen for a boiler and pressure
vessel steel (Fe-1.35Mn-0.155C) using SYSWELD. They have presented temperature
distribution at different instants of time and residual stress field. Xu et al. [135] have
reported transient thermo-metallurgical and thermo-mechanical computations using
SYSWELD for bead on plate specimen of an austenitic stainless steel (SS316L)
produced by automated tungsten inert gas welding. They have presented residual
stress profiles as well as temporal evolution of temperature and stress field. This work
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clearly shows the effect of heating, melting and post-solidification cooling on the
evolution of stress field.
Joshi et al. [137] have reported experimental and computational approach for
determination of the geometrical parameters of the Goldak heat source (double
ellipsoid) used for weld simulation using SYSWELD for two overlapping GMAW beads.
They varied the overlap percentages from 40% to 80% in increments of 10%. They
used the parameters of Goldak‘s double ellipsoidal heat source model, determined in
this study, for simulation of the overlapping beads on the plate and for computation of
the simulated bead geometry, extent of the molten pool and the HAZ. They reported a
reasonably good agreement between the computed and the experimentally observed
results.
Joshi et al. [138] have reported computation of weld-induced residual stresses in a
prototype dragline cluster using SYSWELD and comparison of the computed values
with design codes. The welding process was in a single weld pass, with the approach
used in two design codes: (i) R6 - Revision 4, Assessment of the Integrity of Structures
Containing Defects and (ii) American Petroleum Institute API 579-1/ ASME FFS-1 2007.
They reported that the computed values of the residual stresses in the fused area was
higher than the yield stress at some points, however, these were generally not capable
of inducing cracks on their own.
These solutions provide temporal evolution and spatial distribution of temperature,
displacement, strain and residual stresses of the weld joints produced by arc welding
and are useful for distortion engineering of welded structures. Significant amount of
thermo-metallurgical

and

thermo-mechanical
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modelling

and

simulation

studies

pertaining to laser welding of different materials is also reported in the literature for
different steels [139 – 141].

Tsirkas et al. [139] have reported thermo-mechanical

computation of laser welding in 4 mm thick plate of AH36 ship building steel using
SYSWELD. However, the results are limited to the temperature contours and
displacement contours. Moraitis et al. [140] have reported thermo-mechanical
computation of laser welding in high strength steel and an aluminium alloy using
ANSYS. They have reported transient temperature field and residual stress profiles
across the weld joint and through thickness of the weld joint. However, details of the
steel in terms of composition and properties and also if any SSPT has been considered
is not reported in this paper. Shanmugam et al. [141] have reported transient thermal
computation using SYSWELD for T-joints in austenitic stainless steel (SS304L) made
by laser welding. They reported that for proper fusion of base material (horizontal and
vertical sheets), and for formation of a good joint between the two, incidence angle of
the laser beam should be 60o, irrespective of beam power and welding speed. Lack of
penetration was reported by them for a beam angle of 30 o. For the beam angle of 45o,
they reported that proper fusion of base material was achieved between the horizontal
and vertical sheets, however, lack of fusion could not be ruled out. A very good
agreement between the computed and the experimentally measured depth of
penetration and width of the fusion zone was reported, with standard errors of 2.78%
and 1.9%, respectively. However, a very high values of the peak temperatures in the
fusion zone was reported, which shows that the latent heat of fusion and vaporization
was not considered in their model.
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2.3.2 Modelling and Simulation of Laser Welding of 9Cr-1Mo(V, Nb) FMS
While significant volume of literature exists on modelling and simulation of different
welding processes on different materials including 9Cr-1Mo(V, Nb); the literature on
modelling and simulation on beam welding of 9Cr FMS is rather limited. Serizawa et al.
[91] have reported FEM modelling and simulation of EB welding of RAFMS to assess
weldability of 90 mm thick plates this steel under restraint. They considered models of
different total lengths (150 mm, 200 mm and 400 mm) with weld lengths of 136 mm and
176mm to examine cracking tendency under the restraint. Their results showed that for
assessing weldability study of 90 mm thick plates of this steel by EB welding, the
minimum coupon size should be 200 mm long, 400 mm wide and 90 mm thick with ~
180 mm long weld length. However, this work does not provide the details like material
properties used in this study and also if SSPT was considered in this study. Their
computed residual stress values do not reflect the effect of SSPT and therefore, it
appears that SSPT was not considerd by them, in this study. As the literature on
modelling and simulation of laser welding of 9Cr FMS is very limited therefore, this was
pursued as an important component of the present work.
2.4 Residual Stress Measurements of Weld Joints
Stress is response of solid, constrained against free body motion, to applied force.
Residual stresses, on the other hand are self-equilibrating stresses present in a solid
without any force applied to it. Instead, different regions of solid exert force on each
other leading to a stress-field, which is self-equilibrating over entire volume of the solid.
Residual stresses are generated when a solid is subjected to some kind of non-linear
change during different shaping processes like casting, machining, rolling, forging,
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welding, bending etc. Depending on the length scale, on which these self-equilibrating
stresses vary within the body of the solid, residual stresses are classified as:
Type I or Macro-stresses: The scale of variation of stress encompasses many (typically
more than hundred thousand) grains and the typical length scale is mm. This is of
engineering interest.
Type II or Micro-stresses: This varies from grain to grain.
Type III or Micro-stresses: This varies within a grain and is due to defects like
dislocations.
Residual stresses are of interest to engineers as they affect the life of a component in
service. Many life limiting phenomena like stress corrosion cracking (SCC), creep, and
fatigue are accelerated in presence of residual stresses. Welded joints are generally
associated with high level of residual stresses. These residual stresses arise from a
complex interplay of thermal and / or metallurgical phase-transformation induced
dilation of material in a localized region near the weld joint under self- as well as clampimposed

constraints. Residual stress

contributions from different phenomena

associated with a welding process are shown in Fig. 2.17 [176].
High residual stresses resulting from welding have significant bearing on the structural
integrity and in-service performance of welded components. Therefore, reliable
estimation and prediction of residual stresses in a weld joint is of significant interest to
engineers. Methods of residual stress measurement are briefly discussed in the
subsequent section.
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Fig. 2.17: Contribution of different processes associated with welding on
variation of residual stresses across weld joint [176].

2.4.1 Methods for Residual Stress Measurements
Residual stresses of type I or macro residual stresses are of interest to engineering
community and experimental measurements focus on this stress. Experimental
measurement of residual stresses is carried out either by measuring the strain resulting
from relieving the residual stress by sectioning, drilling etc. of solid (destructive / semidestructive methods) or by measuring interaction of a suitable probe with the residual
stress field present in the solid (non-destructive). There are many methods for
experimental measurement of residual stresses in welded components. Rossini el al
have presented an exhaustive review of different methods for residual stress
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measurement [176]. These methods can be broadly classified under the following three
categories:
2.4.1.1 Destructive Methods
These methods are based on measurements of strains resulting from relieving the
residual stresses by sectioning of the stressed region in the solid. Sectioning method
and contour method are two prominent methods in this category. In sectioning
technique an instrumented plate is cut along the line of interest and the resulting strain
is measured using electrical or mechanical strain gauges [177]. The measured strain is
then converted into residual stress. This method is suitable when longitudinal stress is
the most significant. Care should be taken to ensure that the method employed for
cutting does not induce plastic deformation or heating of the part.
Another very important destructive method for residual stress measurements is ‗contour
method‘, which provides 2D map of a residual stress field on the cross-section of
interest [178, 179]. In this method, the solid is cut across the section of interest,
employing a technique, usually wire-electro-discharge machining (wire-EDM), which
does not introduce plasticity or heat. This results in relieving of the residual stress
component normal to the cross-section. The resulting strain field is then measured by a
suitable co-ordinate measuring machine (CMM) (contact or non-contact) to generate
strain map on the cross-section. This strain map and elastic properties (elastic modulus
and Poisson‘s ratio) form the input from which the residual stress is then computed
using suitable finite element based software package like ABAQUS. However,
destructive methods cannot be employed on actual components.
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2.4.1.2 Semi-Destructive Methods
Semi-destructive methods also rely on measurement of strain resulting from relieving
residual stresses present in the solid by removal of the material from the stressed
region. However, the extent of material removal is small and therefore, many times
functionality of the component is not affected. Therefore, these methods can be
employed on actual components as well. Three prominent semi-destructive methods
employed for measurement of residual stresses are – hole-drilling method, ring-core
method and deep-hole method. In hole-drilling method, a small hole (diameter ~ 1.8
mm and depth ~ 2 mm) is drilled in the region of interest to relieve the stress. The
strains around the hole, resulting from the relieving of residual stress are measured by
using a strain gauge of appropriate design (Fig. 2.18) [180]. From the strain, thus
measured, the residual stress is then calculated by using suitable calibration standard.
In ring-core method, an annular slot is cut around the rosette strain gauge, to relieve the
residual stress, which is then calculated from the measured strain [181]. Deep-hole
drilling method combines the hole-drilling method and ring-core method [182, 183]. In
this method, a through-thickness hole is drilled in the region of interest and diameter of
this hole is measured. Subsequently, material around this central hole is trepanned out
and diameter of the central hole is measured again. Residual stresses are calculated
from the change in the diameter of the hole. Hole-drilling methods are relatively simple
and are most commonly used in industry. However, destructive and semi-destructive
methods interact with the residual stress-field in destructive manner and provide only
limited information about the stress field. Therefore, many non-destructive methods for
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residual stress measurements have been also developed over time. Non-destructive
methods for residual stress measurements are discussed in the subsequent section.

Fig. 2.18: Schematic illustration of residual stress measurement by hole-drilling
method [180].
2.4.1.3 Non-Destructive Methods
Non-destructive methods use a probe – magnetic, acoustic, X-ray or neutron beam,
which interacts with the residual stress-field present in the solid in non-destructive
manner and provides a response. This response depends on the stress-field present in
the solid and by comparing the response from region under stress to another free from
stress; residual stresses in the stressed region is calculated. Prominent non-destructive
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methods used for residual stress measurements are ‗Barkhausen noise method‘,
‗Ultrasonic method‘, ‗X-ray diffraction method‘ and ‗Neutron diffraction method‘.
Magnetic Barkhausen Noise (MBN) method is based on magneto-elastic interaction,
and can be used to measure surface stresses in ferromagnetic materials [184, 185].
Tensile stresses increase MBN signal, while compressive stresses reduce it. However,
microstructural features like grain boundary, intra-grain interfaces and defects also
affect MBN signal and therefore, the effect of microstructural features has to be
accounted for. Ultrasonic method is based on acoustic-elasticity effects, wherein
velocity of elastic wave propagation in solids is affected by the stress-field [186, 187].
This method is applicable for any metallic material and can be used for measurements
in reasonably thick components (~ 10 mm). However, this method has poor spatial
resolution. X-ray diffraction method is based on measurements of deviation in the interplaner spacing in the crystalline material under the influence of stress [188, 189]. From
this deviation, strain is computed and then stress is back calculated using elastic
constants like modulus (E) and Poisson‘s coefficient () of the material. However, due to
limited penetration of X-rays into the material, information from only thin surface layer (~
10 – 100 µm, depending on atomic number of the material) can be obtained and
therefore, only biaxial state of stress can be measured. These limitations are overcome
if synchrotron radiation is used. In that case, one can measure section thickness in 5 10 mm range with greatly improved resolution of ~0.1 mm. Residual stresses in thicker
sections can be measured using neutron diffraction, which is discussed in the
subsequent section. Section thickness and spatial resolution of different methods for
residual stress measurements are presented in Fig. 2.19 [177].
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Fig. 2.19: Penetration and spatial resolution of different methods for residual
stress measurement [177].
2.4.2 Residual Stress Measurements by Neutron Diffraction
Neutron diffraction is the most versatile, non-invasive method for stress measurements.
This method is not limited to the measurements of only the residual stresses, but even
the stresses arising from in-service loading can be measured by simulating the service
conditions on the actual components. Stress measurements can be done even in thick
(up to 100 mm) walled components due to deep penetration capability of neutrons and
the individual component of the residual stress along the desired direction can be
determined by strain measurements in multiple directions in the gauge volume of
interest. Like X-ray and synchrotron diffraction method, this method also, relies on
deviation in the inter-planar spacing under the influence of stress.
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Fig. 2.20: Schematic diagram showing neutron diffraction set up using
monochromatic neutron source [190].

Fig. 2.21: Schematic diagram showing neutron diffraction set up using white
neutron source [190].
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Neutron diffraction requires a high flux neutron source, which can be obtained either
from a nuclear reactor or a spallation source. Nuclear reactors provide continuous
neutron beam which is then made monochromatic. Spallation sources on the other hand
provide white neutron beam in pulsed mode. Dedicated beam lines and diffractometers,
constructed in the vicinity of the neutron sources are used for these diffraction
measurements.

Schematic

of

neutron

diffraction

set

up

for

residual

stress

measurements using continuous and monochromatic neutron beam from a nuclear
reactor, and pulsed and white neutron beam from a spallation source are shown in Figs.
2.20 and 2.21 respectively [190]. Gauge volume or measurement volume is defined by
apertures on the incident beam side and on the detector side. The direction of strain
measurement is defined by the diffraction vector Q. Direction of measurement of the
diffraction vector can be changed by reorienting the sample, without changing the
gauge volume. Diffraction peaks are recorded in 2𝜃 domain in case of a monochromatic
beam and in time of flight () domain in case of a white neutron beam. There are many
neutron diffraction facilities, the world over for residual stress measurements. Some
important facilities are listed below.
Reactor based:
ILL, Grenoble, and Saclay, France; Berlin and Munich, Germany; Rˇ ež, Czech
Republic; Chalk River, Canada; Petten, Netherlands; Budapest; NIST, MURR and
HFIR, Oak Ridge, USA; ANSTO, Australia.
Spallation source based:
ENGIN-X at ISIS, UK, POLDI on SINQ, Switzerland, SMARTS at Los Alamos and
VULCAN at SNS, ORNL, USA.
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Institut Laue-Langevin (ILL) at Grenoble, France is a reactor based research centre to
perform neutron related research. It has a 58 MWth research reactor and a large
number of neutron beam lines and instruments to perform a wide variety of experiments
using neutrons. Residual stress measurements are performed using a dedicated beam
line and the instrument named, SALSA. Neutron diffraction for residual stress
measurements reported in present work was performed at ILL, Grenoble.
Neutron diffraction provides peak location (2𝜃) for a particular plane (h k l) along chosen
scattering vector in the gauge volume. From this data lattice spacing (d) of the plane
can be calculated using Bragg‘s law, λ = 2dSin𝜃. By conducting diffraction experiment,
in the same setting, stress-free lattice spacing (do) for the same plane (hkl) along the
same scattering vector can be obtained. By combining these two, one can calculate
strain (ϵ) along the scattering vector as, ϵ = (d-do)/do. By measuring neutron diffraction
peaks and therefore, strain along three principal directions x, y and z, one can obtain
three orthogonal components ζx, ζy and ζz of the residual stress in the gauge volume,
using Equation 1.
[

]

(1)

Where ζx and εx are stress and strain components in principal directions x and E and ν
are respectively the crystallographic elastic modulus for the (h k l) plane and Poisson‘s
ratio of the material.
Location of the measurement can be changed by manipulating (translating, rotating) the
sample and thus residual stress distribution can be mapped. Because, fine gauge
volumes of size as small as 1x1x1 mm can be employed and therefore, it is possible to
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map very steep residual stress profiles resulting from high energy welding processes
like laser and electron beam welding.
Neutron diffraction is today a well-established method for residual stress measurement.
Significant volume of literature exists on residual stress measurements in the weld
joints, produced by different welding processes, in different materials [190 - 206].
However, literature on the residual stress measurements, using neutron diffraction, in
laser and EB welded joints in 9Cr-1Mo(V, Nb) FMS are rather limited [83, 206]. Narrow
fusion zone and HAZ and steep metallurgical and residual stress variation across the
laser / EB welded joints in this material, makes it challenging to measure residual
stresses even with neutron diffraction. Residual stress measurements, in laser welded
9Cr-1Mo(V, Nb) FMS plates, by neutron diffraction form an important component of this
research work.
2.5 Basis of the Present Work
Based on an extensive literature survey of welding of 9Cr-1Mo(V, Nb) FMS, it is
important to mention that this material is welded by several conventional processes
including SMAW, GTAW, FCAW, SAW etc. and optimum joint characteristics have been
achieved. However, the work related to laser welding of this steel is rather limited. In
addition, the measurement of residual stress is not well documented in laser welded
joints of this steel. In the present work on laser welding of 9Cr-1Mo(V, Nb) FMS, it has
been attempted to optimize laser welding process parameters and characterize the weld
joints in terms of microstructure, microhardness and cross-weld tensile behaviour.
Measurement of residual stress field in laser welded joints in this material by neutron
diffraction has been reported for the first time. In addition, thermo-metallurgical and
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thermo-mechanical modelling and simulation of laser welding of this material has been
performed for the first time to compute temporal evolution and spatial distribution of
temperature, metallurgical phase-fraction and stress-field distribution resulting from
laser welding.
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Chapter 3: Materials and Methods
3.1 Description of the Material
ASTM A387 Gr91 steel plates of different thicknesses 6, 10, 30 mm; procured from M/s.
Industeel, Belgium in normalized (heated to 1050oC, soaked for 30 min and air cooled)
and tempered (heated to 770oC, soaked for 30 min and air cooled) condition, were used
in the present study. This is 9Cr-1Mo steel modified with microalloying additions of V
and Nb.
3.1.1 Chemistry
Chemical composition of the material, in the test certificate provided by the
manufacturer, is presented in Table 3.1. Chemical composition of the material was
reconfirmed by carrying out chemical analysis at Analytical Chemistry Division (ACD) of
Bhabha Atomic Research Centre (BARC), Mumbai.
Table 3.1: Chemical composition of the steel in wt. % (balance Fe)
Cr

Mo

C

V

Nb

Mn

Si

Test
8.965 0.901 0.106 0.194 0.073 0.443
Certificate
ACD,
BARC

8.95 0.90

0.11

0.20 0.07

P

S

Al

N

Ni

Cu

0.221 0.018 0.0008 0.010 0.0464 0.212 0.045

-

-

-

-

-

-

-

-

3.1.2 Mechanical Properties
Tensile properties of the material, as reported in the test certificate, are presented in
Table 3.2. These properties were confirmed by carrying out tensile test.
Table 3.2: Tensile properties of 9Cr-1Mo(V, Nb) FMS in as-received condition.
Tensile Properties

Test Certificate
Our Results

Yield Strength
(MPa)

Ultimate Tensile
Strength (MPa)

%Elongation (A50)

545

692

24

550+10

710+10

20+1
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3.2 Experimental Methods
3.2.1 Dilatometry of the Parent Material
Dilatometry was performed using a horizontal dual push-rod type dilatometer (make:
MAC Science Co. Ltd., Japan, model: TD 5000S) to characterize the solid state phase
transformations – ferrite to austenite on heating and austenite to martensite on cooling.
For this purpose, a cylindrical pin (length 14.91 mm and diameter 4 mm) was used as
the sample and a cylindrical alumina pin was used as the reference. The sample and
the reference pins were heated simultaneously at a rate of 10 oC/min from room
temperature to 1060oC; soaked for 30 min and cooled to room temperature at 10oC/min.
In addition to the phase transformation temperatures, these experiments also provided
the coefficients of linear expansion for the three phases – ferrite, austenite and
martensite, which were used as inputs for modelling and simulation of laser welding of
this steel. The strain associated with these phase transformations is expected to have a
significant bearing on the residual stress profile. Therefore, these experiments provided
important material data, for example, transformation temperatures and the strain
associated with these transformations, for the modelling and simulation of laser welding.
In addition, a set of dilatometric experiments were performed to study the effect of
austenitization temperature on the transformation behaviour of the austenite while
cooling. For this purpose, the cylindrical pins (15 mm length and 4 mm diameter) made
of this steel were heated to different austenitization temperatures – 850oC, 950oC,
1050oC and 1150oC at a rate of 10oC/min and then cooled to room temperature at the
same rate, without any soaking at austenitization temperature. The purpose of these
experiments was to study transformation behaviour of austenite while cooling in the
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HAZ during a welding thermal cycle where the material experiences different
austenitization temperatures and hardly any soaking time.
3.2.2 Laser Welding
Laser welding was carried out using high power continuous wave CO2 laser, (make:
Trumpf Laser, Germany, model: TruFlow 10000) with 10 kW maximum power, mounted
on a 5-axis CNC machine. The welding head was equipped with a focusing optics of
280 mm focal length, which provided a focused beam diameter of about 0.5 mm. Helium
gas at a flow rate of 20 litres per minute was used for shielding the hot and / or molten
metal against oxidation and also for avoiding formation of plasma at the work piece
surface. The laser welding machine and the set up used for making the weld joints
reported in this study are shown in Fig. 3.1. This set up was used for making the weld
beads and the weld joints, details of which are presented in the subsequent sections.

Welding Head
Mounted on CNC

Plates to be welded
Pneumatically clamped

A snapshot during laser welding

Fig. 3.1: Laser welding set up and a snap shot during laser welding of 9 mm thick
plates of 9Cr-1Mo(V, Nb) FMS in square butt configuration.
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3.2.2.1 Bead on Plate
Weld beads were produced on 30 mm thick plates of 9Cr-1Mo(V, Nb) FMS. Laser
power was varied in 2 - 8 kW range and welding speed was varied in 0.5 - 5.0 m/min
range. A total number of 22 weld beads, each of 200 mm length, were produced for
different laser power – welding speed combination, details of which are presented in
Table 3.3. The purpose of the bead on plate experiments was to generate a process
parameter window for selecting optimum parameters for making full penetration sound
weld joints with narrow fusion zone and HAZ. All the weld beads showed smooth and
continuous appearance and no visible defect. The weld beads thus produced were
sectioned to measure depth of penetration for each of the laser power – welding speed
combinations.
Table 3.3: Details of Bead on Plate Experiments.
Sl.
No.
1
2
3
4
5
6
7
8
9
10
11
12
13
14
15
16
17
18
19
20
21
22

Laser Power
(kW)

Power Density
(MW/cm2)

2

1.02

4

2.04

6

3.06

8

4.08

Welding Speed Interaction
(m/min)
Time (ms)
0.5
1.0
1.5
2.0
3.0
0.5
1.0
2.0
3.0
4.0
1.0
2.0
3.0
4.0
5.0
0.5
1.0
1.5
2.0
3.0
4.0
5.0
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60
30
20
15
10
60
30
15
10
7.5
30
15
10
7.5
6
60
30
20
15
10
7.5
6

Remarks
Wide Bead
Narrow Bead
Narrow Bead
Narrow Bead
Narrow Bead
Wide Bead
Narrow Bead
Narrow Bead
Narrow Bead
Very Narrow Bead
Wide Bead
Narrow Bead
Narrow Bead
Very Narrow Bead
Very Narrow Bead
Very wide Bead
Wide Bead
Narrow Bead
Narrow Bead
Narrow Bead
Very Narrow Bead
Very Narrow Bead

3.2.2.2 Square Butt Joints
Square butt joints were produced between 5 mm thick plates and also between 9 mm
thick plates of 9Cr-1Mo(V, Nb) FMS. Weld joints were made at 8 kW laser power for
further characterization of the weld joints for microstructure, microhardness, tensile
properties and residual stresses. Details of the weld joints and the welding parameters
are provided in Table 3.4. The weld joints showed full penetration, nice bead
appearance and no visible defect. Weld joints produced between 9 mm thick plates of
9Cr-1Mo(V, Nb) FMS are presented in Fig. 3.2. Some of the laser welded plates were
tempered at 770oC for 30 min for microstructural characterization and property
evaluation of the weld joints in PWHT condition.

Fig. 3.2: Square butt weld joint produced between 9Cr-1Mo(V, Nb) FMS plates
(500(l)x70(w)x9(t) mm3) produced be laser welding at 8 kW laser power and two
different welding speeds – 1.5 m/min (25 mm/s) for Plate A and 0.75 m/min (12.5
mm/s) for Plate B. ‘l’, ‘w’ and ‘t’ are respectively length, width and thickness of the
plate.
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Table 3.4: Details of the laser welded joints produced between 9Cr-1Mo(V, Nb)
ferritic/martensitic Steel plates.
Sl.
No.

Plate Size
(mm)

Joint
Length
(mm)

Joint
Thickness
(mm)

Laser
Power
(kW)

Welding
Speed
(m/min)

Number
of Plates

1.
2.
3.

230x115x5
500x70x9
500x70x9

230
500
500

5
9
9

8
8
8

5.0
1.5
0.75

2
4
4

3.2.3 Optical / Scanning Electron Microscopy
Weld joints were sectioned normal to the welding direction to examine the crosssection. The cross-section was ground, polished and then etched using Villella‘s
reagent (ethyl alcohol: 95 ml, hydrochloric acid: 5 ml and picric acid: 1 gm) to reveal the
microstructure of different regions – the fusion zone (FZ), the heat affected zone (HAZ)
and the parent material (PM), across the weld joint. Microstructure of the different
regions was then examined using an optical microscope and a scanning electron
microscope (SEM) at different length scales.
3.2.4 Microhardness Measurements
Welding thermal cycle induces metallurgical phase transformations in the fusion zone
and the HAZ in 9Cr-1Mo(V, Nb) FMS. This leads to significant variations in hardness
across the weld joint. Microhardness measurements were made to capture variation in
the hardness of the material across the weld joint. These measurements were made
using a Vickers hardness testing machine at a load of 2 N and a dwell time of 10 s.
Separation between the successive measurement points was kept small (0.2 mm) in the
fusion zone and the HAZ to capture the anticipated steep variation in the microhardness
through the narrow HAZ (~ 0. 5 mm) and then increased (0.5 – 1 mm) in the parent
metal.
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3.2.5 Transmission Electron Microscopy
Microstructural characterization of the material in the different regions across the weld
joint at higher resolution was carried out using a transmission electron microscope
(TEM) (make: JEOL, model: 2000 FX). This TEM operates at a maximum accelerating
voltage of 200 keV and is equipped with an energy dispersive spectroscopy (EDS) unit
(make: Oxford, model: X-Max) for micro-chemical analysis. For this purpose specimens
were prepared from respective regions – FZ, HAZ and PM. First a thin slice (~ 0.3 mm
thick) of material was extracted from the weld joint cross-section using a slow speed
diamond saw. This slice was thinned to a thickness < 0.1 mm by grinding it against
abrasive papers. Small discs of 3 mm diameter were punched out from this thinned slice
to extract specimen from the parent metal. Because of very small width of the fusion
zone (~ 1 mm) and the HAZ (~ 0. 5 mm on the either side of FZ) it was not possible to
extract separate specimen from the fusion zone and the HAZ. Therefore, 3 mm discs
were extracted keeping the fusion zone in the centre. These discs were then thinned by
electrolytic jet thinning in 90:10 solution (perchloric acid: ethanol) at -30oC.
Microstructural examination of the fusion zone and the parent metal was performed.
Subsequently, the central hole in the fusion zone was extended to create thin regions in
the HAZ in a Gatan dual ion mill (make: Gatan, model: 600) and microstructural
characterization of the HAZ region was then performed in TEM.
Microstructural examination of the fusion zone and the HAZ was performed in the aswelded and also in post weld tempered condition. Post weld tempering leads to
formation of carbide and carbonitride precipitates in the fusion zone and the HAZ.
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Micro-chemical characterization of these precipitates was performed using Energy
Dispersive Spectroscopy (EDS) unit attached to the transmission electron microscope.
3.2.6 Tensile Property Evaluation
3.2.6.1 Tensile Tests for the Parent Material and the Weld Joints
Room temperature tensile properties of the parent material and the laser welded joints
were measured by carrying out tensile tests. Transverse tensile tests were performed
for weld joints, keeping the fusion zone in the centre of the tensile test specimen. Full
thickness tensile test specimens were used for 5 mm thick butt joints. For 9 mm thick
butt joints, half thickness tensile test specimens were used. Tensile test specimens
were prepared by wire electro-discharge machining. Drawing of the tensile test
specimen for the parent metal and the weld joints are presented in Figs. 3.3(a) and (b)
respectively.

Fig. 3.3(a): Drawing of the tensile test specimen used for evaluation of tensile
properties of the parent metal at room temperature as well as at elevated
temperatures. All dimensions are in mm.
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Fig. 3.3(b): Drawing of the transverse tensile test specimen used for evaluation of
tensile properties of the weld joint in as welded and also in postweld heattreated
conditions. All dimensions are in mm.
Tensile tests were performed at a strain rate of 5x10-4 s-1 and a strain gage (25.4 mm)
was used to measure elongation in the initial part of deformation (up to ~ 2%
elongation). For subsequent deformation, cross-head displacement was converted into
strain using the entire gage length (35 mm) and compliance of the loading train was
also considered. For welded joints, cross-weld tensile tests were performed in as
welded and also in post weld tempered (770oC for 30 minutes followed by air cooling)
conditions.
3.2.6.2 Elevated Temperature Tensile Test for the Parent Material
Elevated temperature tensile tests were conducted to measure phase-dependent tensile
properties of this steel. The material, 9Cr-1Mo-0.2V-0.07Nb-0.1C FMS, in as received
condition - normalized (1050oC for 30 minutes followed by air cooling) and tempered
(770oC for 30 minutes followed by air cooling), designated as Tempered Martensite
(TM), was used in these experiments. Flat/rectangular tensile test specimens (Fig.
3.3(a)) were extracted from the as-received material by wire electro-discharge
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machining. A tensile test machine equipped with a split furnace, having heating rate
controls and three thermocouples for monitoring the temperatures in different zones
along the length of the tensile test specimen, was used to conduct these tests. The
tensile test specimen in the TM condition was heated to the test temperatures (27 oC to
800oC range) at a rate of 3oC/min, soaked for 30 min, and then the tensile tests were
conducted at a strain rate of 5 x 10-4 s-1. In order to generate martensitic structure,
designated as M, some of the tensile test specimens, made from the material in the TM
condition, were normalized again (solutionized at 1050oC for 30 minutes followed by air
cooling) in a separate furnace. These normalized tensile test specimens were tested at
different test temperatures (27oC to 400oC range) adopting a procedure similar to that
for the TM condition. A metastable austenitic condition, designated as A, was produced
in-situ in the tensile test setup. For this purpose, the tensile test specimen, made from
the material in the TM condition, was mounted on the tensile test machine and heated in
the split furnace (attached to the tensile test machine) to 1050oC at a heating rate of
3oC/minutes, soaked for 30 minutes, and cooled at a nominal rate of 10oC/minute. This
cooling rate from the austenitic phase field was sufficient to retain the metastable
austenite in this material right up to the test temperature [1 – 2]. Thermocouple readings
were recorded while cooling of the tensile test specimens to the test temperature. Once
it reached the test temperature, the furnace was switched on and the test temperature
was set. The tensile test specimen was allowed to stabilize at the test temperature for 5
minutes and the tensile tests were then conducted at a strain rate of 5 x 10-4 s-1. Tensile
tests for metastable austenitic condition were conducted in the range of 400oC to 800oC.
Tensile test conditions for the three structural designations - TM, M, and A, are
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presented in Fig. 3.4. The test temperatures and the structural conditions of the material
during the tensile tests are also marked with dark squares on the dilation curve of this
material (Fig. 3.5) produced at a similar cooling rate.

Fig. 3.4: Tensile test conditions for tempered martensitic (TM), martensitic (M)
and metastable austenitic (A) employed in this study.

Fig. 3.5: Tensile test conditions are marked with dark squares on the dilation
curve of 9Cr-1Mo(V, Nb) FMS produced at a heating and cooling rate of 10 oC/min.
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An extensometer was used to measure strain for the tests conducted at room
temperature. For elevated temperature tests, crosshead displacements were converted
into strain. Corrections for machine compliance were made using elevated temperature
elastic modulus of carbon steel for TM and M conditions, and that of austenitic steel for
‗A‘ condition. Elevated temperature elastic modulus for carbon steel and austenitic
stainless steel was obtained by linear fitting of the data in the literature [3]. Some
important tensile properties such as yield strength (YS), uniform elongation (UE), and
ultimate tensile strength (UTS) (true stress) of this material under different test
conditions were derived from the respective engineering stress–strain curves.

The

fractured, tensile test specimens were allowed to cool in the furnace because rapid
cooling of the same, to retain the as-tested microstructure, was not possible in the
existing experimental setup. Optical metallography and TEM studies were performed on
the samples extracted from the uniformly elongated region of the fractured specimens
tested in the metastable austenitic phase field.
3.2.7 Neutron Diffraction for Residual Stress Measurements
Residual stress measurements were carried out by neutron diffraction. Laser welded
plates of 9 mm thickness produced at 8 kW power and welding speeds – 1.5 m/min
(Plate A) and 0.75 m/min (Plate B) were used in these measurements. Details of laser
welding conditions – A and B, are presented in section 3.2.2.2. Neutron diffraction
measurements were made along three principal orthogonal directions – longitudinal,
normal and transverse. Longitudinal direction is the translational direction of welding,
the normal direction is perpendicular to the welding direction passing through the
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thickness of the plate and the transverse direction is in the plane of the plate and
perpendicular to the other two directions.
Neutron diffraction for residual stress measurements was carried out at Institut LaueLangevin (ILL), Grenoble, France on the SALSA instrument. The neutron source at this
facility is an experimental nuclear reactor with 58 MW thermal power. All measurements
were made using {211} crystal reflection of the material, with a monochromatic beam of
wavelength λ = 1.648 Å. Diffraction peak from {211} planes is most commonly used for
residual stress measurements in the ferritic steels, because elastic properties of the
material along this direction is representative of the bulk of the material. This
wavelength resulted in a scattering angles close to 90o, thereby giving essentially a
cuboidal gauge volume. Fig. 3.6(a) shows a schematic of neutron diffraction
measurement and the actual set up for neutron diffraction measurements performed at
at ILL, Grenoble, France and reported in this study is shown in Fig. 3.6(b).
b
a

Fig. 3.6: Schematic of neutron diffraction (a) and actual set up for neutron
diffraction measurements at ILL, Grenoble (b), reported in this study.
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Source and detector slit combinations were chosen to define gauge volumes, in the
sample, small enough to capture the rapid variations in strain; expected across the weld
and in the through-thickness direction of the plate. For measurements of lattice spacing
in the longitudinal direction, a gauge volume of 0.8 mm x 0.8 mm x 2 mm was chosen,
and an extended volume (in the longitudinal direction) of 0.8 mm x 0.8 mm x 20 mm
was chosen for measurements of lattice spacing in the transverse and the normal
directions. Measurement points were placed at close spacings (at 0.5 mm) near the
weld line and sparsely thereafter. The lines along which neutron diffraction
measurements were made are shown schematically in Figs. 3.7(a) and 3.7(b) for
welding conditions (A) and (B) respectively.
a

b

Fig. 3.7 (a): Macrograph showing joint cross-section in Plate A (welded at 8 kW
and 1.5 m/min) and (b): Macrograph showing joint cross-section in Plate B
(welded at 8 kW and 0.75 m/min) with neutron diffraction measurement lines
marked. Measurement line is 1.5 mm and 4.5 mm below the left top surface.

Values of the stress-free lattice spacing, d0, for (211) planes were required to determine
the measured residual strains. Invariably, it is difficult to determine reliable values of the
stress-free lattice parameters in the vicinity of narrow weldments. Several approaches
that can be used have been documented by Withers et al.. [4]. In the present case, the
very narrow width of the fusion zone (~ 1.2 mm) and HAZ (~ 0.6 mm) means that steep
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changes in d0 were expected. Therefore, it was decided to use a ―comb sample‖
spanning the weld as illustrated in Fig. 3.8.

Fig. 3.8: Sketch showing the comb sample used for d0 measurements.
The comb was machined from a cross-sectional slice of the material (approximately 5
mm thick) that had been extracted from near the end of the laser welded plate. Four
transverse ―prongs‖ spanning the weld line, each about 2 mm thick, were created by
making three EDM cuts through the thickness of the slice as shown in Fig. 3.8. Whilst
such samples are often considered to be free of ―macrostress‖, significant remnant
stresses in a similar comb extracted from an aluminium alloy plate have been reported
[5]. This may be even more important in the present case because of the short residual
stress length-scales involved.

To mitigate this potential uncertainty, strains were

measured in the three orthogonal directions – longitudinal, transverse and normal, in the
comb prongs and a state of plane stress (for the normal plane) was assumed to exist
within the prongs in order to derive values for d0. Measurements for the d-spacing in the
three orthogonal directions were made at different points across the weld in the top
most prong. A gauge volume of 0.8 x 0.8 x 2.0 mm 3 was used for measurements in the
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longitudinal and normal directions and an extended gauge volume of 0.8 x 0.8 x 5.0
mm3 was used for measurements in the transverse direction. Stress-free lattice
parameter (d0) values were derived assuming a plane stress condition in the topmost
prong as described below.
The stress along a principal direction x can be written as [4]
[

]

(3.1)

Where σx is component of stress along x-direction and εx, εy, εz are strain components in
principal directions x, y and z respectively, and E (218 MPa) and ν (0.3) are the Young‘s
modulus and Poisson‘s ratio respectively.
If

is relieved by cutting a thin strip normal to the x-direction; then
[

]

(3.2)

and making the substitution

(3.3)

gives

(3.4)

This expression was used to derive d0 values for the fusion zone and the HAZ. The
approach assumes isotropic material properties (i.e. low texture) and that values of d0
are direction-independent (i.e. negligible microstresses are present owing to the
influence of plastic strain). For the parent metal, the average d0 value of ten different
measurements on a small piece of material cut from the far end of the plate was used.
The diffraction angle, 2, determined from the measured position of the diffraction peak,
was used to derive the lattice spacing, d, using Bragg‘s Law,

= 2dsin

(3.5)

125

The lattice spacing along three orthogonal directions of the welded plate – longitudinal,
transverse and normal, were calculated using the corresponding diffraction peaks from
different measurement points. These values were then used to calculate strain values

x, y and z in the three directions using suitable d0 values as described above. Using
these strain values, the residual stress along the three orthogonal directions – x, y
and z were calculated for all the measurement points using equation (3.1). Errors in the
individual lattice spacing measurements were derived from the error in the location of
the diffraction peak centre, arising from the Gaussian fit. This exercise was carried out
for all the measurements on the plate as well as on the combs. The error propagation
was applied in the derivation of all values for d0 (using a plane stress assumption) and
for values of residual strain and residual stress along the three principal directions.
3.3 Modelling and Simulation using SYSWELD
Thermo-metallurgical and thermo-mechanical modelling and simulation of laser welding
was performed to compute temporal evolution and spatial distribution of temperature,
phase-fraction and stresses resulting from laser welding of 9 mm thick plates of 9Cr1Mo(V, Nb) FMS in square butt configuration. The thermo-metallurgical and thermomechanical analyses were sequentially coupled.
3.3.1 Geometry and Mesh Model
A three dimensional (3D) mesh model of a plate of size 90 x 70 x 9 mm3 was prepared
for these computations. Mesh model of only one plate was prepared to take advantage
of the symmetry offered by the square-butt configuration. Element size was kept very
fine 0.1x0.2x0.25 mm3 in the fusion zone due to fine heat source size and increased
gradually away from it, to minimize the computation time. The model consisted of
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279744 3D-elements and is presented in Fig. 3.9. A two dimensional skin was extracted
for heat exchange with the air at ambient temperature (30 oC). Welding line, welding
direction and the nodes for application of the clamps were defined.

Fig. 3.9: Three dimensional mesh model of the plate used for laser welding
simulation. Part of the plate near the joint line is shown in greater detail.

3.3.2 Material Properties
Temperature dependent physical properties of this material, presented in Fig. 3.10,
were compiled from the literature [6 - 7] and used in these computations. Room
temperature specific density of the material was taken as 7.85, which was made
temperature dependent by considering thermal dilation and volumetric changes
associated with solid state phase transformation. Latent heat of fusion was not
considered in these computations due to exorbitantly high computational time
requirement. This steel has tempered martensitic structure, which transforms into
austenite on heating between Ac1 (820oC) and Ac3 (900oC) and the austenite
transforms into martensite upon air cooling below Ms temperature (375 oC).
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Temperature dependent mechanical properties for different phase-fields – as
transformed martensite, tempered martensite and austenite, were obtained by carrying
out elevated temperature tensile tests in respective phase-fields, as described in section
3.2.6.2. These experimentally measured values, presented in Figs. 3.11 through 3.13,
were used in these computations. Thermal expansion coefficients and phase
transformation temperatures were obtained by carrying out dilatometry of this material
(described in section 3.2.1) and were used in these computations. Softening
temperature was considered to be 1200oC above which mechanical behaviour of the
material was not considered.

Fig. 3.10: Physical properties of 9Cr-1Mo(V, Nb) steel used in this simulation (‘k’
is thermal conductivity, ‘Cp’ is heat capacity and ‘K’ is thermal expansion
coefficient) [6 – 7].
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Fig. 3.11: Mechanical properties of 9Cr-1Mo(V, Nb) steel used in this simulation.

Fig. 3.12: Strain hardening behaviour of the 9Cr-1Mo(V, Nb) steel in tempered
martensitic (parent metal) and as transformed martensitic condition.
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Fig. 3.13: Strain hardening behaviour of the 9Cr-1Mo(V, Nb) steel in metastable
austenitic condition.

3.3.3 Heat Source Definition
Proper heat source definition is necessary for realistic simulation of a welding process.
SYSWELD offers some standard form of heat sources like surface Gaussian, double
ellipsoid and 3D Gaussian [8] with provision for calibrating the actual heat source
parameters using the experimental data like depth and width of the fusion zone crosssection. A 3D Gaussian heat source (Fig. 3.14 (a)) has a form of a cone / truncated
cone with heat intensity following a Gaussian profile in radial direction and a linear
profile along the axis of the cone. This heat source can be represented by means of top
and bottom radii and height of the truncated cone. A double ellipsoidal heat source (Fig.
3.14(b)) is made of two semi-ellipsoids – one in the front and another in the rear of the
heat source. The intensity distribution in this heat source can be represented by means
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of three geometrical parameters a, b and c, which are semi-major axes of the semiellipsoids. This software package also allows for combining these standard heat source
forms. In addition, there is a provision for using user defined heat source. 3D Gaussian
and double ellipsoid heat sources are used for simulating beam welding processes and
conventional arc welding processes respectively [6 - 18].
a

b

Fig. 3.14: Schematic representation of combined (a) 3D Gaussian and (b) double
ellipsoid heat source used in this simulation.

However, a careful observation of cross-section of laser welded joint shows that it has a
nail like profile with small nail-head and a large nail-body. While the body of the nailshaped fusion zone can be represented by a 3D Gaussian heat source, realistic
representation of the nail head requires a double ellipsoid heat source. Therefore, a
linear combination of a 3D Gaussian and a double ellipsoid heat source (Fig. 3.13) was
used to represent the welding heat source during these computations. These two types
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of heat sources have been extensively used and described in the literature [6 - 18]. 70%
of the laser beam energy (120 J/mm) was assumed to be absorbed by the work piece
and the total absorbed energy was divided between the 3D Gaussian and the double
ellipsoid heat source in the ratio of 93:7 (104:8 J/mm); based on heat source calibration
exercise using dedicated heat source fitting tool available in SYSWELD 2012.
3.3.4 Transient Thermo-metallurgical Computations
Transient thermo-metallurgical computation was done for laser welding at 8 kW laser
power and 1.5 m/min (25 mm/s) welding speed to compute transient temperature-field
and transient metallurgical phase-field. Computation of transient temperature-field
involved solving the heat conduction equation (Equation 3.7) with a moving heat source
(described in the previous section) as heat input, in combination with a combined
convection-radiation cooling condition (Equation 3.8) on the skin of the plate.
Heat Conduction Equation:
̇

̇

(3.7)

Where, k is thermal conductivity, ρ is density, c is specific heat capacity and T is
temperature.
Combined convection-radiation heat exchange coefficient (h)
(3.8)
Where, Stefan‘s constant s = 5.67 x 10-8 Wm-2K-4, emissivity (e) of steel was taken as
0.8 and T is absolute temperature.
For metallurgical computations this material was considered as three phase material –
ferrite (the starting material), austenite and martensite. Metallurgical computations
involved computation of the phase fraction as a function of temperature. Reactions for
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phase

transformation

were

defined

between

corresponding

transformation

temperatures. Ferrite to austenite transformation was defined between (Ac1 = 820oC
and Ac3 = 900oC) and this transformation was computed according to Leblond‘s
equation [19]. Martensitic transformation was defined for austenite cooling below Ms
temperature (375oC) and martensite phase fraction was computed according to
Koistinen-Marburger equation (Equation 3.9) [20].
Leblond Equation [19]
̇

(3.9)

Where P(T) is proportion of phase, t is time, T is temperature, P eq(T) is equilibrium
phase fraction and  is delay time.
Koistinen-Marburger Equation [20]
(3.10)
Where P(T) is fraction of martensite at a temperature lower than the martensite start
temperature, Ms, which was taken as 375oC from dilatometric experiment on this
material, see Section 3.2.1.
An optimized time step of 8 ms was used by the software for computations during
welding (when heat source was on) and subsequently increased by 1.5 times for
successive computations. Computations were carried out in 574 time steps and results
were stored in 574 cards – one card corresponding for one time step. Total computation
time for the thermo-metallurgical computation was 67080 s (18 hours and 38 minutes).
3.3.5 Transient Thermo-mechanical Computations
The plate was clamped to mimic actual clamping condition as closely as possible.
Plates were rigidly clamped in the through thickness direction on all the nodes, 4 mm
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farther from the weld centre line, to simulate the pneumatic clamping used during the
welding process. These clamps were kept for 300 s from the start of welding and
removed afterwards. Additionally, symmetry clamps were applied on the longitudinal
(along welding line) – normal (along plate thickness) plane as only one plate has been
modelled. The four extreme corners of the plate, farthest from the weld centre line were
rigidly clamped in all the three directions (x, y and z) to prevent rigid body motion of the
plate.
Sequentially coupled, non-linear thermo-mechanical analysis was performed. Results of
transient thermo-metallurgical computations stored in 574 cards (time steps) were read
and mechanical analysis was performed at each time step. Thermo-mechanical
computations involved solving Hook‘s law with thermal and transformational strains; in
conjugation with von-Mises yielding criteria. Isotropic strain hardening of the material
was considered for these computations. Displacement, strain and stress-fields were
computed for each of the 574 time steps. Total computation time for thermo-mechanical
computation was 400636 s (111 hours and 17 minutes).
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Chapter 4: Microstructure, Phase Transformation and Phasedependent Tensile Behaviour of 9Cr-1Mo(V, Nb) FMS
4.1 Introduction
P/T/Gr91 steel, also known as modified 9Cr-1Mo steel or 9Cr-1Mo(V, Nb) steel is a high
temperature material of interest to ultra-supercritical power plants and next generation
nuclear reactors [1-6]. This is a martensitic steel and used in tempered martensitic
condition. The final microstructure of this steel is obtained by employing a heat
treatment, which involves normalizing at a temperature in the range of 1050 – 1080oC
and tempering at a temperature in 730 – 780oC range. This is highly hardenable, low
carbon steel and therefore, normalizing produces a lath martensitic microstructure
within prior austenite grains. The normalized microstructure gets transformed into
elongated subgrain structure decorated with submicron (~100 nm) size M 23C6 type
carbides and nanometer (~ 10 – 20 nm) size MX type carbonitrides. Microstructure of
this steel, resulting from its standard heat treatment is well characterized in the literature
[7 - 11]. Microstructural characterization of the as-received material was performed at
different length scales to obtain the starting microstructure before its laser welding.
Because of high alloying content, this steel is highly hardenable. Therefore, when
cooled from the austenitic phase field, transforms into martensite even at very slow
cooling rates (~ 5oC/min). The Ms temperature of this steel is about 400oC. Phase
transformation in this steel is well characterized in the literature [12 - 13]. However, the
effect of austenitization temperature on transformation behaviour of austenite, while
cooling, is not well reported. Austenitization temperature and time becomes important
because, it determines solute content of the austenite formed during austenitization,
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which in turn determines hardenability of the austenite. Lower austenitization
temperature may lead to an austenite leaner in solute content due to insufficient
dissolution of carbide precipitates. This austenite is expected to be less hardenable than
that indicated by nominal composition of the steel. Such austenite can therefore,
transform into ferrite as well as bainite, instead of the usual martensitic transformation in
this steel. This material experiences lower austenitization temperature and time during
welding in the outer HAZ region. Therefore, it is desirable to understand the effect of
austenitization temperature on the transformation behaviour of austenite in this steel.
Dilatometry is one of the important and commonly employed methods to study phase
transformations involving change in specific volume of the phases. This method relies
on change in length of the specimen caused by phase-transformations, which is
recorded continuously while the specimen is subjected to a thermal cycle across
different phase-fields. When a ferritic/martensitic steel specimen is heated, its length
increases with temperature until austenitic transformation commences. Ferritic to
austenitic phase-transformation results in decrease in length of the specimen until the
transformation is over. Subsequent heating leads to increase in length due to thermal
expansion of austenite. When the specimen is cooled from austenitic phase-field, it
undergoes thermal contraction until transformation of austenite commences. Austenite
transforms into ferrite/bainite/martensite or into a mix of these phases, depending on its
hardenability and the cooling rate employed during dilatometry. These transformations
are associated with increase in length of the specimen. After these transformations are
complete, subsequent cooling leads to thermal contraction. Thus dilatometry provides
phase-transformation temperatures in ferritic / martensitic steels, which provides insight
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of the transformation behaviour of austenite. Different aspects of phase transformation
behaviour of steel have been studied and reported in the literature [14 – 16]. Sulaiman
[14] has used dilatometry to measure phase transformation temperatures in P91 steel.
Ning et al. [15] have used dilatometry to study phase transformation mechanism of
minor stressed T91 steel using dilatometry. They have reported that Ms temperature
increases by application of compressive stress, however, beyond a critical stress Ms
temperature starts to decrease. Wang et at [16] have studied martensitic transformation
behaviour of deformed supercooled austenite in a medium-carbon Si–Al-rich alloy steel
using dilatometry. They have reported decrease in Ms temperature due to deformation
of supercooled austenite. They have attributed the decrease in the Ms temperature to
strengthening of austenite due to deformation. However, there is no reported study on
the effect of austenitization temperature on the transformation behaviour of austenite in
9Cr-1Mo(V, Nb) FMS. This work reports the effect of austenitization temperature on the
transformation behaviour of austenite in this steel, studied using dilatometry.
This steel, like any other martensitic steel, shows hysteresis in the phase field, as it
transforms from tempered martensite (TM) to austenite (A) in the temperature range
820 – 900oC while heating, and then from austenite to martensite (M) in 375 – 225oC
range while cooling [12 - 13]. Thus, depending on the thermal cycle that this steel is
subjected to, there are two regimes of phase field hysteresis – Regime I (RT – 375oC),
in which either TM or M can exist and Regime II (375 – 820oC), in which either TM or A
can exist. Such thermal cycles, causing excursion through the three different phase
fields – TM, A, and M, are associated with several thermo-mechanical processes
including welding of this steel. Therefore, this steel is subjected to hysteresis in the
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phase field with each welding pass. The three phase fields – TM, A, and M, differ
substantially in terms of basic crystal structure as well as microstructure. As the
structure of a material forms the basis of its mechanical properties, it is natural that
structural hysteresis in this steel will induce phase-dependence in its tensile behaviour.
Phase-dependent tensile properties are expected to have a strong influence on the
evolution of displacement and stress fields during welding. Therefore, quantitative
assessment of phase-dependent tensile behaviour is essential for modelling and
simulation endeavours, for computing the displacement and stress-fields, resulting from
welding of this steel. Though substantial literature exists on the phase transformation
behaviour of metastable austenitic phase field of different grades of steel under stress
as well as plastic deformation [17 - 20], and tensile tests of supercooled austenite in
high hardenability low carbon steel have also been reported [21], there is no published
literature quantifying phase-dependence in the tensile behaviour of this steel. Due to
non-availability of information on the phase-dependent mechanical properties of this
steel, computational efforts in this direction have relied on published literature on
elevated temperature mechanical properties of either austenitic stainless steel or those
of TM condition of this steel [22 - 24]. Inferences drawn from such computational studies
may lead to erroneous conclusions and often, understanding of the underlying process
remains incomplete. Therefore, Dean et al. [23] suggested using data on phasedependent mechanical properties for improving accuracy of the computed results.
Phase-dependent tensile properties of 9Cr-1Mo(V, Nb) ferritic/martensitic steel in its
three different phases– TM, A, and M were evaluated by performing elevated
temperature tensile tests. Additionally, an attempt has been made to correlate tensile
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properties of the metastable austenite with microstructural changes during the tensile
test, which could be inferred from the room temperature microstructure of the fractured
samples. Results of microstructural characterization, dilatometry and elevated
temperature tensile tests of the three phases – TM, A and M of 9Cr-1Mo(V, Nb) FMS
are presented and discussed in this chapter.
4.2 Microstructure of the As-received Material
The as-received material was in normalized (1050oC) and tempered (770oC) condition.
Representative optical micrograph of the as-receive material is presented in Fig. 4.1.
This micrograph was produced using Villella‘s reagent on a polished surface of the asreceived material. This is a typical tempered martensitic microstructure. Prior austenite
grains and lath packets are clearly resolved in this micrograph.

Fig. 4.1: Representative optical micrograph of 9Cr-1Mo(V, Nb) FMS. Prior
austenite grains and substructures within can be clearly seen in this micrograph.
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Representative micrograph of the as-received 9Cr-1Mo(V, Nb) FMS obtained by
scanning electron microscope are presented in Figs. 4.2 and 4.3. The scanning electron
micrgraph at lower magnification (Fig. 4.2) shows a large number of submicron
precipitates, distributed uniformly. The scanning electron micrographs at higher
magnification (Fig. 4.3) shows there are two type of precipitates, the larger precipitates
are approximately 100 nm in size while the smaller precipitates are approximately 10
nm in size. The bigger precipitates (~ 100 nm) are reported in the literature to be M23C6
carbides, where M is mainly Cr, which is partly substituted with Fe, Mn, Mo etc. [10 11]. The smaller precipitates (~ 10 nm) are reported as MX type carbonitrides where M
is mainly V and Nb [10 - 11]. Transmission electron micrograph of this steel is presented
in Fig. 4.4. The tranmission electron micrograph shows that the M23C6 type carbides are
along the elongated subgrain boundaries. Microstructure of the as-received material is
consistent with with that reported in the literautre for 9Cr-1Mo(V, Nb) FMS in normalized
and tempered condition.

2 µm

Fig. 4.2: Representative scanning electron micrograph of 9Cr-1Mo(V, Nb) FMS.
The micrograph shows uniformly distributed submicron carbide precipitates.
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MX

M23C6

100 nm
Fig. 4.3: Representative scanning electron micrograph of 9Cr-1Mo(V, Nb) FMS.
The micrograph shows M23C6 and MX precipitates.

M23C6

Fig. 4.4: Representative transmission electron micrograh of 9Cr-1Mo(V, Nb) FMS.
The micrograph shows carbide precipitates along the elongated subgrain
boundaries and also within the subgrains.
144

4.3 Effect of Austenitization Temperature on Transformation of Austenite
Dilatometry curves for 9Cr-1Mo(V, Nb) FMS heated to different austenitization
temperature and subsequently cooled to room temperature, at a heating and cooling
rates of 10oC/min, are presented in Figs. 4.5 (a – d). The tempered martensite starts to
transform into austenite at ~ 830oC (Ac1) while heating. These dilatometry curves clearly
show the effect of austenitization temperature on the transformation behaviour of
austenite while cooling. The specimen austenitized at 950oC and higher temperatures
transformed from austenite to martensite, below Ms temperature (~ 375 oC), while
cooling as shown in Figs. 4.5 (b – d). However, the specimen austenitized at 850oC,
transformed from austenite to ferrite plus carbide, while cooling. The transformation
temperature of austenite was also much higher (780 – 720oC) (Fig. 4.5a) than Ms
temperature of this steel (~375oC). This implies that hardenability of the austenite
formed at 850oC is significantly lesser than that of the austenite formed at 950 oC and
higher temperatures. This can be explained on the basis of carbide dissolution and
solute content of the resulting austenite. Degree of completion of ferrite to austenite
transformation, dissolution of carbide / carbonitride precipitates and therefore, solute
content of the austenite depends on the superheat above Ac 1 temperature and the time
above this temperature. If superheat is not sufficient, ferrite to austenite transformation
and dissolution of the carbides will not be complete. Insufficient dissolution of carbide,
results in austenite with significantly lower solute content than that indicated by the
nominal composition. Hardenability of austenite depends on the solute content and
therefore, lower austenitizing temperature leads to formation of austenite with lower
solute content and therefore, of lesser hardenability. In case of 9Cr-1Mo(V, Nb) FMS,
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solvus temperature of M23C6 type carbide is higher than 850oC (Fig. 1.5). Therefore, the
austenite produced by heating this steel at 850oC is expected to be depleted of alloying
elements like C, Cr, Mo, V and Nb. Therefore, it showed lesser hardenability and
transformed into ferrite plus carbide.
a

b

d

c

Fig 4.5: Dilation curve of 9Cr-1Mo(V, Nb) FMS austenitized at different
temperatures – a. 850oC, b. 950oC, c. 1050oC and d. 1150oC.

It is important to mention that outer part of the HAZ, bordering the parent metal,
experiences lower superheat over the Ac1 temperature and the time of exposure is also
very small. The austenite formed in this region is therefore, expected to exhibit lesser
hardenability and transform into ferrite as well as bainite. These transformation products
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have inferior creep properties than the martensite. These results are important to
understand formation of type IV cracking in the weld joints in this material.
4.4 Phase-Dependent Tensile Behaviour of 9Cr-1Mo(V, Nb) FMS
Engineering stress-strain curves of 9Cr-1Mo(V, Nb) FMS tested at different
temperatures in 30 – 800oC range in TM, A, and M phase fields are presented in Fig.
4.6. The contrast in the tensile behaviour of the three phases is obvious with the
martensitic conditions showing much higher yield strength and significantly lower
elongation as compared to the metastable austenitic condition at a given test
temperature. This contrast is also a manifestation of phase dependence in the tensile
behaviour of this material, as it presents two completely different tensile curves at the
same test temperature. This can be attributed to the difference in the strength and workhardening behaviour of the different phases. Ranking of the three phases – TM, A, and
M in terms of strength and elongation, and superior work hardening behaviour of the
metastable austenite over that of the martensitic conditions is also clear from these
tensile curves. Some important tensile properties such as yield strength (YS), uniform
elongation (UE) and ultimate tensile strength (UTS) (true stress) of this material under
different test conditions were derived from the respective engineering stress-strain
curves. These values are presented in Fig. 4.7 as (YS, UE, UTS) triplet near the dark
squares, marking test conditions on the dilation curve of this material.
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Fig. 4.6: Engineering stress-strain curve of 9Cr-1Mo(V, Nb) FMS in three different
phase fields - tempered martensite (TM), metastable austenite (A) and as
transformed martensite (M) at different test temperatures in RT – 800oC range.

Fig. 4.7: Phase-dependence in tensile properties (YS, UE, UTS) of 9Cr-1Mo(V, Nb)
FMS marked on its dilation curve at a heating and cooling rate of 10oC/min.
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Fig. 4.8: Variation of the tensile properties like yield strength (YS), true ultimate
tensile strength (UTS) and uniform elongation (UE) with test temperature of 9Cr1Mo(V, Nb) FMS in three phase fields - tempered martensitic (TM), metastable
austenitic (A) and as transformed martensitic (M). YS_M stands for yield strength
of the material in as transformed martensitic condition.
Variation of the tensile properties - YS, UTS (true stress), and UE of this material with
test temperature for the three different conditions (TM, A, and M), is presented in Fig.
4.8. Phase-dependence in the tensile behaviour of this material can be seen as
difference in the tensile properties of the different structural conditions, which can exist,
at a common test temperature while heating and cooling. For clarity, this plot can be
divided into two regimes of the test temperature – Regime I (RT – 375oC) in which TM
and M conditions can exist and Regime II (375 – 800oC) in which TM and A conditions
can exist. Throughout the Regime I, as-transformed martensite shows more than twice
YS and UTS than that of tempered martensite. As-transformed martensite also shows
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significantly lower UE as compared to that of tempered martensite, except at 400oC at
which UE of the as transformed martensite (8.7%) is greater than that of the tempered
martensite (6.5%). Besides, in Regime I, even though YS of as-transformed martensite
shows the expected inverse correlation with the test temperature, its UTS shows direct
correlation, which is anomalous. These two apparently anomalous results need further
work for satisfactory explanation.
In Regime II, YS of the tempered martensite decreases from 478 MPa to 48 MPa (90%
drop) as temperature increases from 400oC to 800oC. On the other hand, YS of the
metastable austenite falls from 150 MPa to 64 MPa and thus shows relatively much
smaller (60%) drop over the same temperature range. Thus YS of the metastable
austenite is not only significantly lower than that of the tempered martensite at a given
temperature; it is less temperature-sensitive as well. This is primarily due to relatively
lower and less temperature-sensitive Peierls-Nabarro stress of face-centred cubic
structure, than that of body-centred cubic structure [25]. Additionally, much coarser
microstructure and absence of carbide precipitates in the metastable austenite also
contribute to its lower YS than that of the tempered martensite.
Interestingly, differences in the UTS (true stress) are much smaller in magnitude and
opposite in direction than those in the YS. Thus, at a common test temperature, while
YS of the metastable austenite is lower, it‘s UTS (true stress) is higher than the
corresponding values of the tempered martensite. This results in much higher UTS to
YS difference for the metastable austenite than that for tempered martensite. Also,
throughout Regime II, the metastable austenite shows nearly one order higher UE than
that shown by the tempered martensite. This is a manifestation of superior work
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hardening behaviour of the metastable austenite as compared to tempered martensite.
This has important implication for the stress-field evolution during welding process,
when the metastable austenite in the fusion zone and the heat affected zone can
accommodate much larger stress than its YS by deforming plastically and getting work
hardened under influence of the thermal contraction induced forces of tensile nature.
Uniform elongation of the metastable austenite shows inverse correlation with the test
temperature, decreasing from 50% to 17% over the test temperature range of 400 –
800oC. This is apparently anomalous as positive correlation is expected for a
homogeneous microstructure. Room temperature microstructures of the tensile samples
tested in the metastable austenitic conditions provided a possible explanation for this
anomaly as discussed in the next section.
4.5 Microstructure of Fractured Metastable Austenitic Tensile Specimen
Optical and TEM micrographs of the tensile test specimen tested in the metastable
austenitic condition at different test temperatures (400 – 800oC) and allowed to cool in
the furnace are presented in Figs. 4.9 through 4.11. The experimental set-up used in
the present study did not allow rapid cooling of the fractured specimen, therefore, astested microstructure could not be preserved. Slow cooling of the fractured samples
could

have

introduced

some

changes in

the

microstructure,

which

include

recrystallization and diffusional phase transformation of the deformed austenite. In view
of this, only very limited inferences could be drawn from these microstructures. The
optical micrograph (Fig. 4.9a) of the sample tested at 400oC shows profuse microdeformation bands within the deformed prior austenite grains and the TEM micrograph
(Fig. 4.9b) shows the micro-deformation bands swamped with submicron as-
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transformed martensite laths. These micro-deformation bands are formed within the
austenite grains due to plastic deformation during the tensile test and subsequently get
inherited by the product microstructure as the deformed austenite gets transformed into
bainite/martensite [16, 17]. There is no signature of recrystallization of the parent
austenite phase tested at 400oC, which is natural as the test temperature is lower than
0.4Tm.

a

b

Fig. 4.9: Room temperature microstructure of metastable austenite tensile tested
at 400oC (a) optical micrograph showing deformation bands within prior austenite
grains and (b) TEM bright field image of the deformation bands swamped with
martensite lath.
However, the metastable austenite specimens tested at higher temperatures – 500oC,
600oC (Fig. 4.10a) and 800oC (Fig. 4.11a) show varying degree of recrystallization in
the deformed prior austenite phase field. Partial recrystallization of the parent austenite
phase field provides a possible explanation for inverse correlation between UE and test
temperature for the metastable austenitic condition. It is reasonable to expect that the
recrystallization being incomplete can create an inhomogeneous microstructure
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consisting

of

work-hardened

and

soft

recrystallized

austenite

grains.

This

inhomogeneity of the microstructure can cause necking and thus limit UE during the
tensile test. Onset of recrystallization requires larger plastic deformation at lower test
temperatures and vice-versa. Therefore, onset of necking and thus UE shows inverse
correlation with the test temperature.

a

b

Fig. 4.10: Room temperature microstructure of metastable austenite tensile tested
at 600oC (a) optical micrograph showing deformed and also some recrystallized
prior austenite grains and (b) TEM bright field image showing bainitic region.
In addition to the lath martensitic structure, the metastable austenite tested at 600oC
shows some bainitic regions (Fig. 4.9b) and that tested at 800oC shows ferritic (Fig.
4.11b) as well as bainitic regions (Fig. 4.11c). Presence of the ferritic region is expected
as the fractured samples were left in the furnace to cool after the tensile test, so the
cooling rate was low and also because plastic deformation is known to shift the
continuous cooling transformation (CCT) curves towards left [18]. However, the bainitic
regions were not expected as the CCT curve of this material does not show any bainitic
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transformation [13]. This difference could be due to the fact that the parent austenite
was deformed prior to transformation and that is not accounted for in the case of the
CCT curve. These results, however, suggest that under the conditions of deformation
and stress, this material can transform into bainite as well. Therefore, further work is
required to modify the CCT curve of this material to include the effect of stress and prior
deformation on phase transformation of this material.

a

c

b

d

Fig. 4.11: Room temperature microstructure of metastable austenite tensile tested
at 800oC (a) optical micrograph showing deformed and as well as partially
recrystallized prior austenite grains and (b) TEM bright field image of ferrite plus
carbide region, (c) TEM dark field image of bainitic region and (d) TEM bright field
image of martensite laths.
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4.6 Conclusions
Microstructural characterization and dilatometry of the as-received 9Cr-1Mo(V, Nb) FMS
in normalized and tempered condition were done. In addition, phase-dependent
(elevated temperature) tensile tests of this steel were also performed and this is being
reported for the first time. From this study following conclusions can be drawn.
(i)

The microstructure of 9Cr-1Mo(V, Nb) FMS showed elongated subgrains
within prior austenite grains of ~ 20 µm size. Submicron M23C6 type carbides
(~ 100 nm) decorated the prior austenite grain boundaries as well as the
subgrain boundaries. In addition, MX type carbonitrides of size about 10 nm
were also observed within the subgrains. This microstructure is consistent
with that reported in the literature for this steel.

(ii)

Austenitization

temperature

showed

significant

influence

on

the

transformation behaviour of austenite during cooling, in this steel. While
cooling, the austenite transformed into martensite (Ms ~ 375oC), for
austenitization temperatures of 950oC and higher, while it transformed into
ferrite plus carbide for austenitization temperature of 850 oC. This was due to
loss of hardenability of the austenite due to insufficient dissolution of carbides
at lower austenitization temperatures.
(iii)

The results showed considerable influence of the underlying phases –
tempered martensite, metastable austenite and as-transformed martensite,
on different tensile properties – yield strength, uniform elongation and ultimate
tensile strength, of this material during heating and cooling due to hysteresis
in the phase field.
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(iv)

This material in the metastable austenitic condition showed one order higher
uniform elongation and superior work hardening characteristics as compared
to that in the tempered martensitic condition in the 400 - 800oC temperature
range.

(v)

The metastable austenitic phase field of this material showed higher uniform
elongation with decreasing deformation temperature. Therefore, this material
can be a promising candidate for ausforming.

(vi)

Bainitic

transformation

products

observed

in

the

room

temperature

microstructure of metastable austenite, deformed at 600oC and at higher
temperatures cannot be explained on the basis of the existing CCT curve.
Therefore, effect of stress and deformation on the transformation of the
deformed austenite in this material requires further investigation.
(vii)

This work is relevant for 8-12%Cr ferritic/martensitic steels, including reduced
activation ferritic martensitic steels, produced under different grades for a
variety of high temperature applications as the phase transformation
behaviour is very similar within this group.
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Chapter 5: Laser Welding of 9Cr-1Mo(V, Nb) FMS and
Weld Joint Characterization
5.1 Introduction
9Cr-1Mo FMS modified with optimized microalloying additions of V and Nb, is a high
temperature material of interest to ultra-supercritical power plants and next generation
nuclear reactors [1 - 7]. This material forms the basis for development of the reduced
activation ferritic/martensitic steels (RAFMS), which is the structural material for the test
blanket modules for fusion reactors [8 - 14]. This steel is joined by different conventional
arc welding processes like Manual Metal Arc Welding, Gas Tungsten Arc Welding,
Submerged Arc Welding etc. [15 - 21]. However, these are high heat input processes
and require multiple passes with preheating as well as inter-pass heating of the
component. High heat input associated with these conventional welding processes
results in higher distortion / residual stresses as well as a wider heat affected zone
(HAZ), which in turn has adverse impact on the integrity of the weld joints. A premature
failure mechanism in weld joint of Cr-Mo ferritic martensitic steels, known as type IV
cracking, is often attributed to microstructural changes in the HAZ [15]. As the extent of
microstructural changes in the HAZ is governed by the quantum of heat supplied to
carry out welding, therefore, it has been suggested that low heat input processes like
laser and electron beam welding can minimize type IV cracking susceptibility of weld
joints [21 - 22]. Besides, these welding processes can produce a thick weld joint with
narrow fusion zone and HAZ without any filler material. Distortion of the weld joint is
negligible because of low heat input. Owing to these benefits, laser welding of 9Cr
ferritic/martensitic steels (FMS) has recently evinced considerable interest [22 - 29].
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Fabrication activities for test blanket modules (TBM) for International Thermonuclear
experimental Test Reactor (ITER) has provided a fresh impetus for research activities in
laser and electron beam welding of 9Cr FMS. The TBMs being developed by different
participants in ITER, have fairly complex design and therefore, it is very challenging to
fabricate them, even after employing the state of the art in technology. Fabrication of
TBM requires making a large number of weld joints of varying thickness to be made and
the distortion allowance is very minimal. Therefore, laser and electron beam welding is
being used for fabrication of different subcomponents of TBM and also for integrating
these subcomponents into the final TBM assembly. Laser welding is being adopted in ~
2 – 12 mm thick joints, while EB welding is being used for up to 90 mm thick joints by
Japan for joining side plates and back plates with the first wall [25 - 29].
9Cr-1Mo(V, Nb) FMS is a highly hardenable material and undergoes complete
martensitic transformation upon cooling from austenitic phase-field, even at very low
cooling rates ~5oC/min [30]. Thermal cycles imposed by welding heat source, therefore,
induce phase transformations as well as significant microstructural changes. Strength of
a thermal cycle is qualitatively defined as a function of superheat and residence time of
the material above a critical temperature required to cause a change. Strength of the
weld thermal cycle weakens gradually from the fusion zone towards the parent metal.
This leads to formation of a graded heat affected zone in the welded 9Cr-1Mo(V, Nb)
FMS. The microstructural variations across the weld joint, including that in the graded
HAZ resulting from welding of 9Cr-1Mo(V, Nb) FMS has been discussed in detail in the
literature [15, 17]. However, literature on laser welding of this steel is rather limited [22,
23]. Shanmugarajan et al. [22] have reported laser welding studies for 6 mm thick plate
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of P91 steel using continuous wave CO2 laser (Power 3.5 kW). They have studied laser
welds produced by varying heat input in the range of 168 J/mm to 1500 J/mm. They
have reported increase in width of the fusion zone and the HAZ with increasing heat
input. Further, at lower heat input up to 420 J/mm, they did not observe any soft intercritical region; which was observed at heat inputs exceeding 700 J/mm. At lower heat
inputs (up to 420 J/mm) they did not observe any δ-ferrite in the fusion zone, which was
present in the fusion zone of the joints made at heat inputs exceeding 700 J/mm.
Lee et al. [23] produced and characterized full penetration laser welds on 5 mm thick
plates of 9Cr-1Mo(V, Nb) FMS in normalized condition (1040oC, 30 minutes), using 5
kW continuous wave CO2 laser (Rofin-Sinar 850). They produced two weld beads,
overlapping 6% at the root, on each plate to produce wide enough fusion zone for
further characterization. The welds were tempered at 250 oC, 540oC and 750oC for 1
hour. They have characterized the welds and the parent metal for microstructure,
impact toughness, notch tensile strength and fatigue crack growth, in air as well in
hydrogen atmosphere. However, these studies have not dwelt upon cross-weld
microstructural variation resulting from laser welding.
Laser welding differs significantly from the conventional welding processes due to its
high power density, resulting in deeper penetration with significantly lower heat input.
This results in high thickness to width aspect ratio of the fusion zone plus HAZ region.
High thickness to width aspect ratio of the fusion zone and the HAZ also influences the
constraints imposed on the material in this zone, dilating under the influence of steep
temperature gradient as well as solid state phase transformations. Lower heat input also
results in rapid cooling in the fusion zone and the HAZ region, which results in relatively
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weaker thermal cycle for recrystallization and grain coarsening due to lower residence
time above the critical temperatures. This work reports variation of microstructure
across the weld joint in laser welded 9Cr-1Mo(V, Nb) FMS and the important features of
the microstructure have been discussed in terms of the synergistic effect of various
factors influencing microstructural evolution during laser welding.
5.2 Depth of Penetration and Joining Efficiency
Depth of penetration, for the weld beads produced on a 30 mm thick plate of 9Cr1Mo(V, Nb) FMS at different laser power (2 – 8 kW) and welding speed (0.5 – 5.0
m/min), was measured at the mid-length cross-section. Depth of penetration was
measured from the top surface of the plate to the lowest point in the fusion zone.
Variation of the depth of penetration with welding speed, for different laser powers in 2 –
8 kW range, is presented in Fig. 5.1.

Fig. 5.1: Variation of depth of penetration of weld beads produced on 9Cr-1Mo(V,
Nb) FMS at different laser powers and joining efficiency with welding speed.
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For a given laser power, the depth of penetration decreases with increasing welding
speed and for a given welding speed the depth of penetration increases with increasing
laser power. This variation is very much on the expected lines and can be explained by
energy balance. From this data, joining efficiency for each of the weld bead was
calculated using the following equation.
J. E. = (v x d) / P

…………. (5.1)

J. E. = Joining efficiency (mm2/kJ)
v = speed of welding (mm/s)
d = Depth of penetration (mm)
P = Laser power (kW)
Joining efficiency is a measure of the parting area which can be fused together per unit
of energy supplied by the laser beam. Higher joining efficiency implies that a larger
fraction of the supplied energy is being used for achieving the intended purpose of
fusing the interface and not for broadening of the fusion zone and the HAZ. Joining
efficiency showed a positive correlation with the welding speed; this is because at
higher welding speed more of the supplied energy is being utilized in through thickness
direction than that in the lateral direction.
Average joining efficiency of the weld beads at different laser powers (2 – 8 kW) was
plotted against welding speed. The variation of average joining efficiency with welding
speed could be fitted into the following linear equations.
J. E. = 19.903 x v + 6.2674

0.5 < v < 2.0

= 2.9907 x v + 40.273

2.0 < v < 5.0

Where J. E. is joining efficiency in mm2/kJ and ‗v‘ is the welding speed in m/min.
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It can be seen that, as the welding speed increased from 0.5 m/min to 2.0 m/min, the
joining efficiency increased rapidly. However, the incremental rate of increase in the
joining efficiency with increasing welding speed was much lower at higher welding
speeds (beyond 2.0 m/min). This can be explained in terms of competitive rate of heat
transfer in the desired (through thickness) and undesired (transverse) direction with
respect to the welding direction. Heat transfer in the through thickness direction occurs
almost instantly by keyhole formation and radiation mechanism and that in the
transverse direction is predominantly by melt pool convection and also by conduction in
the solid. While lowering the welding speed serves to increase the depth of penetration
by depositing more energy; a larger fraction of the deposited energy is carried away in
the transverse direction by melt pool convection and thus joining efficiency is lower and
the reverse is true when the welding speed is increased. However, beyond a certain
welding speed, the welding speed to melt pool velocity ratio saturates and therefore, the
incremental gain in the joining efficiency is significantly lower.
Also, increasing the welding speed leads to lower depth of penetration and therefore, a
trade-off has to be made between joining efficiency and the depth of penetration, while
choosing the optimum welding speed. From the results of the present experiments it
emerged that the trade-off is at a welding speed of 2.0 m/min.
In conventional arc welding processes, linear heat input (power/speed) (kJ/mm) is used
as a measure of heat input. The macro-structural as well as microstructural features
associated with the weld joint are discussed in terms of this parameter (linear heat
input). This works well because the heat transfer is 3-dimensional. Sometimes this
practice, of discussing the macro-structural as well as microstructural features
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associated with the weld joint on the basis of linear heat input, is extended to laser
welded joints also [22]. However, this does not seem to be a good practice as the heat
transfer in case of deep penetration welding (for example laser and electron beam
welding) is 2-dimensional. It must be noted that same linear heat input can be supplied
by proportionately varying the laser power and welding speed. However, the outcome in
terms of depth of penetration, heat transfer from the fusion zone to the parent metal,
shape and size of the fusion zone and the HAZ and the microstructural features in the
fusion zone and the HAZ can be vastly different for the two laser power – welding speed
combinations, with same linear heat input. For a fixed linear heat input, high laser power
- welding speed combination produces a deeper and narrower fusion zone and HAZ
than that at lower laser power and proportionately lower welding speed. Therefore,
linear heat input is not a good parameter to discuss the macro and microstructural
features associated with a laser / electron beam welded joints; rather joining efficiency
is a much better parameter.
Higher joining efficiency also implies that a larger cross-section is available for diffusion
of the same amount of thermal energy being deposited near the joint and therefore,
rapid heating and cooling of the material outside of the heat deposition zone by the
welding heat source. This leads to a narrow fusion zone and HAZ for the weld joints
produced at higher joining efficiency and vice-versa. Macrograph of the weld beads
produced on a 30 mm thick plates of 9Cr-1Mo(V, Nb) at 8 kW laser power and different
welding speeds - (a) 0.5 m/min, (b) 1.0 m/min, (c) 1.5 m/min and (d) 2.0 m/min is
presented in Figs. 5.2(a) through Fig. 5.2(d). It may be noted that for the weld beads
produced at 8 kW laser power, joining efficiency increases from 15 mm 2/kJ to 42
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mm2/kJ; when welding speed increased from 0.5 m/min to 2.0 m/min. With increasing
joining efficiency, the lateral spread of the fusion zone and the the HAZ gets markedly
restricted.

a

c

d

5 mm

b

15 mm2/kJ

5 mm

25 mm2/kJ

35 mm2/kJ

42 mm2/kJ

Fig. 5.2: Macrograph of laser weld beads produced at 8 kW laser power and
welding speed of (a) 0.5 m/min, (b) 1.0 m/min, (c) 1.5 m/min and (d) 2.0 m/min.
Joining efficiency for these weld beads are respectively 15 mm2/kJ, 25 mm2/kJ, 35
mm2/kJ and 42 mm2/kJ.

5.3 Cross-Weld Microstructural Variation in As-welded Condition
Macrographs showing cross-section of the laser welded joints produced at 8 kW laser
power and two different welding speeds 1.5 m/min and 0.75 m/min, are presented in
Figs. 5.3(a) and 5.3(b) respectively. These macrographs show a deep and narrow
fusion zone and HAZ. Such a deep and narrow fusion zone and HAZ with high depth to
width aspect ratio is a characteristic of the weld joints produced by high power density
energy sources like focused laser and electron beams. Shape of the fusion zone
resembles that of a nail with a small head and a long body. While the long body of the
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fusion zone forms through keyhole mechanism, a small nail head forms at the top
surface because of surface tension gradient induced melt pool convection. The fusion
zone and the HAZ are significantly wider in case of the weld joint produced at same
laser power but slower welding speed (0.75 m/minute) and lower joining efficiency (14
mm2/kJ) than that in case of the weld joint produced at higher welding speed (1.5
m/minute) and higher joining efficiency (28 mm2/kJ).

PM

PM

FZ

HAZ

FZ

HAZ

PM

HAZ

b

HAZ

a

PM

Fig. 5.3: Macrographs of laser welded joint in 9Cr-1Mo(V, Nb) FMS produced at 8
kW power and two different welding speeds (a) 1.5 m/min (Plate A) and (b) 0.75
m/min (Plate B).
Microstructure of the parent metal consists of tempered martensitic subgrains decorated
with M23C6 type carbides and MX carbonitrides within prior austenite grains of ~ 20 µm
size and has been discussed in detail in Chapter 4. There was no significant difference
in the microstructure of the different regions the HAZ as well as the FZ in the plates
welded at same laser power (8 kW) but two different welding speeds 1.5 m/min and
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0.75 m/min. Optical micrograph of the HAZ region in in the plate welded at 8 kW laser
power and 1.5 m/min welding speed is shown in Fig. 5.4(a). This micrograph shows astransformed martensitic structure within prior austenite grains of varying size. The
austenite grains are formed by phase transformation of ferrite to austenite, which then
grows in size. The extent of ferrite to austenite transformation depends on the
superheat above Ac1 temperature. Growth of the austenite grains depends on combined
effect of the superheat and time spent above grain growth temperature. Strength of the
thermal cycle weakens progressively with increasing distance from the fusion line. This
has resulted in progressively smaller prior austenite grains with increasing distance from
the fusion line.

Fig. 5.4(a): Optical micrograph of the HAZ region in the plate welded at 8 kW laser
power and 1.5 m/min welding speed showing prior austenite grains of varying
size.
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In case of arc welded joints in this steel five different zones – PMZ (partially melted
zone), CGHAZ (coarse grained HAZ), FGHAZ (fine grained HAZ), ICHAZ (intercritical
HAZ) and SCHAZ (subcritical HAZ) form as weld thermal cycle is very strong due to
high heat input and therefore longer residence time for the material above the
respective critical temperatures. However, in these laser welded joints no CGHAZ was
observed. This can be explained by lower heat input resulting in rapid cooling and
therefore short residence time for the material above the critical temperature for grain
coarsening, which is ~ 1100oC. This argument is supported by the scanning electron
micrograph from the HAZ region (Fig. 5.4(b)), which shows incomplete dissolution of the
carbide precipitates present in the original microstructure.

carbide

10 µm

Fig. 5.4(b): Scanning electron micrograph of the HAZ region in the plate welded at
8 kW laser power and 1.5 m/min welding speed, showing presence of undissolved
carbide/carbonitride precipitates.
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TEM micrographs from the HAZ region are presented in Figs. 5.4(c) and 5.4(d). Figure
5.4(c) shows some fine undissolved carbide precipitates, in the HAZ region, and thus
confirms incomplete dissolution of the carbide precipitates. Incomplete dissolution of
carbide precipitates, because of short residence time of the material at the higher
temperatures, did not allow grain coarsening to take place in the HAZ region.

c

d

carbide

Fig. 5.4: TEM micrographs from the HAZ region in in the plate welded at 8 kW
laser power and 1.5 m/min welding speed showing (c) incomplete dissolution of
carbide precipitates and (d) presence of bainitic region.
In addition to incomplete carbide precipitates, the HAZ region also showed bainitic
region (Fig. 5.4(d)). This steel is highly hardenable and therefore, not expected to
undergo bainitic transformation, at least at the high cooling rates experienced by the
material in the HAZ region. Presence of the bainitic region can be explained by loss of
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hardenability of the steel resulting from incomplete dissolution of the carbide
precipitates at lower peak temperatures experienced in the outer HAZ region (i.e. the
HAZ region closer to the parent metal). It has been discussed in Chapter 4, how lower
austenitization temperature can lead of loss of hardenability to the extent that this steel
can undergo even diffusional transformation at a cooling rate at which it is expected to
undergo only martensitic transformation.

Fig. 5.4(e): Optical micrograph of the fusion zone in the plate welded at 8 kW laser
power and 1.5 m/min welding speed showing columnar prior austenite grains.
Optical micrograph of the fusion zone in the plate welded at 8 kW laser power and 1.5
m/min welding speed is presented in Fig. 5.4(e). This micrograph shows as-transformed
martensitic structure within columnar prior austenite grains. Columnar morphology is a
result of solidification under steep temperature gradient generally associated with the
melt produced by high intensity heat sources like laser and electron beam. The direction
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of solidification is normal to the fusion line and the columnar morphology has prevailed
right up to the weld centreline. Besides, this microstructure is a homogeneous astransformed martensite and no δ-ferrite was observed. This is consistent with the results
reported by Shanmugarajan et al. [22] for the laser welded joints made with comparable
heat input.
SEM micrograph of the fusion zone is presented in Fig. 5.4(f). This micrograph shows
that the fusion zone is a homogeneous single phase and no precipitate is present in this
zone.

3 µm

Fig. 5.4(f): SEM micrograph of the FZ region in the plate welded at 8 kW laser
power and 1.5 m/min, showing absence of any precipitate in this zone.
TEM micrographs from the fusion zone are presented in Figs. 5.4(g) and 5.4(h). These
micrographs confirm that the fusion zone is indeed a homogeneous single phase and
there are no carbide precipitates in this zone. This differs from microstructure of the
fusion zone of multipass arc welded joints in which succeeding passes cause re-
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austenitization and tempering of the material deposited by the preceding passes and
thus creating a heterogeneous microstructure comprised of as-transformed martensite,
δ-ferrite as well as different carbide precipitates [17].
g

h

Fig. 5.4: TEM micrographs from the fusion zone region in laser welded 9Cr-1Mo(V,
Nb) FMS showing (g) lath martensite and (h) twinned martensite.

This is a low carbon steel and therefore, transforms predominantly as lath martensite
(Fig. 5.4(g)), however, in addition to lath martensite, significant fraction of twinned
martensite was also observed (Fig. 5.4(h)). Twinned martensite has also been reported
in the fusion zone of this steel by Lee et al. [23]. However, they have reported that the
twinned martensite formed during PWHT by decomposition of retained austenite in the
inter-lath region. In our case, no retained austenite was observed and the twinned
martensite was observed in as-welded condition. This may be explained by suppression
of the Ms temperature due to work-hardening resulting from plastic deformation of the
austenite in the fusion zone, prior to its transformation. Wang et al. [31, 32] have
reported that higher strength of austenite, resulting from work hardening, suppresses
Ms temperature by mechanical stabilization of austenite. Martensitic transformation at
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lower temperatures results in twinned martensite. Austenite in the high aspect ratio
fusion zone contracts under greater constraint and therefore, is likely to experience
significant plastic deformation and work hardening. This can result in significant
suppression of the Ms temperature and this explains significant fraction of twinned
martensite in the fusion zone, even though it is not generally observed in this steel.
5.4 Microstructure of Weld Joint in Post Weld Heat Treated Condition
Optical micrograph of the HAZ of the laser welded 9Cr-1Mo(V, Nb) FMS plate, in post
weld heat treated condition is presented in Fig. 5.5a. Fine grained character of the HAZ
region can be clearly seen in this micrograph.
a

Fig. 5.5(a): Optical Micrograph of the HAZ in the laser welded 9Cr-1Mo(V, Nb) FMS
in postweld heat treated condition showing fine grained character.
SEM micrograph of the HAZ of the laser welded 9Cr-1Mo(V, Nb) FMS plate, in post
weld heat treated condition is presented in Figs. 5.5b and 5.5c. Figure 5.5b shows
subgrain structure and M23C6 type carbides (~ 100 – 200 nm size range). Etch pits
resulting from removal of carbide precipitates during etching are also seen in this
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micrograph. SEM micrograph at higher magnification shows fine MX type carbonitrides
as well, in addition to M23C6 type carbides.

M23C6

1 µm
Fig. 5.5(b): SEM micrograph of the HAZ in laser welded 9Cr-1Mo(V, Nb) FMS in
postweld heat treated condition.

M23C6
MX

200 nm
Fig. 5.5(c): SEM micrograph of the HAZ in laser welded 9Cr-1Mo(V, Nb) FMS in
postweld heat treated condition.
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Optical micrograph of the fusion zone in the laser welded 9Cr-1Mo(V, Nb) FMS plate in
postweld heat treated condition is presented in Fig. 5.5(d). Columnar morphology of the
prior austenite grains is also very clear in this micrograph. This implies that post weld
tempering did not alter morphology of the prior austenite grains, which was expected
also. Optical micrographs suggest that postweld tempering has resulted in uniform
precipitation of precipitates.

Fig. 5.5(d): Optical micrograph of the fusion zone in the laser welded 9Cr-1Mo(V,
Nb) FMS plate in postweld heat treated condition.
SEM micrograph of the fusion zone in the laser welded 9Cr-1Mo(V, Nb) FMS plate in
postweld heat treated condition is presented in Fig. 5.5(e). Prior austenite grain
boundary, other interfaces, subgrain structure and uniform distribution of precipitates
are seen in this micrograph. SEM at further higher magnification shows two different
kinds of precipitates – M23C6 carbides and MX type carbonitrides, present in this
micrograph.
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2 µm
Fig. 5.5(e): SEM micrograph of the FZ in the laser welded 9Cr-1Mo(V, Nb) FMS in
postweld heat treated condition showing subgrain structure and precipitates.

MX

M23C6

200 nm

Fig. 5.5(f): SEM micrograph of the FZ in the laser welded 9Cr-1Mo(V, Nb) FMS in
postweld heat treated condition showing uniform distribution of precipitates.
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TEM micrograph from the fusion zone in postweld heat treated condition shows these
precipitates at higher magnification (Fig. 5.5(g)). There are two types of precipitates.
The bigger precipitates are ~ 100 - 200 nm in size range and these are along subgrain
boundaries and also along prior austenite grain boundaries. EDS spectrum of these
particles (Fig. 5.5(h)) shows these are Cr carbide in which some Cr has been replaced
by other metals like Fe and Mo. These carbides are well characterized and reported in
the literature as M23C6 carbides, where M is mainly Cr which has been partly replaced
with Fe and Mo [4]. In addition there are very fine (~ 10 nm) precipitates dispersed
within the subgrain. These precipitates have been reported in the literature as MX type
carbides [4]. Thus it can be seen PWHT has restored the microstructure of the fusion
zone to that of the parent metal except for the morphology of the prior austenite grains.

g

MX

h

M23C6

Fig. 5.5: TEM micrograph of the fusion zone in postweld heat treated condition (g)
and EDS spectrum of M23C6 type carbide precipitate in the fusion zone (h).
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5.5 Microhardness and Cross-Weld Tensile Strength
Cross weld microhardness profile for the weld joints, in as-welded condition, in 9Cr1Mo(V, Nb) FMS made at 8 kW laser power and two different welding speeds – 1.5
m/min (W1) and 0.75 m/min (W2), is presented in Fig. 5.6. In both the weld joints, the
fusion zone showed much higher hardness (~ 450 – 500 HVN) than the parent metal (~
230 HV). The transition in the cross-weld hardness profile is very steep through the HAZ
as this zone is very narrow. Higher hardness of the HAZ and the fusion zone is on
account of the martensitic transformation in these regions under influence of the weld
thermal cycle. As-transformed martensite is much harder than the tempered martensite
(the parent metal in this case) and therefore, the fusion zone and the HAZ showed
significantly higher hardness compared to the parent metal. Slower welding speed (0.75
m/min), while keeping the laser power unchanged at 8 kW led to wider fusion zone and
HAZ. This resulted in relatively wider as-transformed martensitic region, which is
reflected in the cross-weld hardness profile. Also, the martensite in the HAZ region is
expected to have lesser carbon (in the solution) on the parent metal side than that near
the fusion zone and hardness of the as-transformed martensite depends on its carbon
content. Therefore, the HAZ region adjacent to the parent metal showed lower hardness
than that adjacent to the fusion zone.
Cross weld hardness profile of the W1 (weld joint made at 8 kW and 1.5 m/min) in post
weld tempered condition at different temperatures – 750oC, 760oC and 770oC is also
present in Fig. 5.6. Postweld tempering led to significant reduction in the hardness of
the fusion zone and the HAZ region. As a result of PWHT, hardness of the fusion zone
has reduced to ~ 280 HVN for 750oC and ~260 – 270 HVN for 760oC and 770oC.
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Fig. 5.6: Cross-weld microhardness profile for laser welded joints at 8 kW laser
power and two different welding speeds – 1.5 m/min (W1) and 0.75 m/min (W2) in
as welded condition. Cross-weld microhardness profile of W1 in post weld heat
treated conditions different temperatures: W1T1 (750oC, 30 min), W1T2 (760oC, 30
min), W1T3 (770oC, 30 min) and W1T4 (770oC, 120 min) are also superimposed for
comparison.
Interestingly, while the fusion zone has retained some of the hardening even after
PWHT, it was not so with the HAZ. The HAZ region has lost all the hardening during
PWHT, which it had acquired during welding. This suggests faster tempering kinetics in
the HAZ region than that in the fusion zone region. This can be explained by presence
of fine undissolved carbides in the HAZ region, which accelerated tempering; while
absence of these precipitates explains incomplete tempering and therefore, retention of
some hardening in the fusion zone. Also, no inter-critical softening was observed in the
cross-weld hardness profile. This result is consistent with that reported in the literature
for laser welded joint between 6 mm thick plate in this material, produced at comparable
heat input. This can be explained by low heat input associated with laser welding. Due
to low heat input, the material does not get over tempered in the inter-critical zone and
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therefore, no softening in the inter-critical zone. Post weld tempering at 770oC for 2 hrs.
led to significant softening across the weld joint with hardness reducing to 180 – 200
HVN.
Representative tensile curves of the parent metal and the weld joint in as-welded and
also in post weld heat treated condition are presented in Fig. 5.7. The tensile curves
(engineering stress – strain curves) show a typical ductile behaviour for the material in
all the three conditions. Important tensile properties derived from these tensile test
curves are presented in Table 5.1. The parent metal showed highest elongation (~
20%), while the weld joint in as welded condition showed least elongation (18%).
However, the loss in the elongation due to welding is only marginal (~ 2%). Besides, this
loss in elongation was nearly completely recovered by post weld tempering of the weld
joint at a cost of marginal decrease in the yield strength and ultimate tensile strength.

Fig. 5.7: Representative tensile curves (engineering stress – strain curves) of the
parent metal and the laser welded joints in as-welded and also in postweld heat
treated condition (770oC, 30 min).
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Table 5.1: Tensile properties of the parent metal and the laser welded joint.
Yield Strength (MPa)
Ultimate Tensile Strength (MPa)
Total Elongation (%)

Parent Metal
550+10
710+10
20+1

As-Welded
550+10
710+10
18+1

Postweld Heat Treated
500+10
680+10
20+1

Fractured tensile test specimen of the parent metal and also the weld joint in as-welded
as well as in the postweld heat treated condition are presented in Fig. 5.8. The fractured
specimen showed significant necking prior to fracture, which is characteristic of a ductile
material. The fusion zone is marked with an arrow for the cross-weld tensile test
specimen. The cross-weld tensile specimen always fractured in the parent metal, far
away from the fusion zone as well as the HAZ, for the as-welded and also for the postweld heat treated specimen. This implies that the weld joints are stronger that the
parent metal. This also confirms that weld joints were sound and defect-free. Because,
the weld-joints always fractured in the parent metal, therefore, the strength properties
like yield strength and ultimate tensile strength measured from these tensile curves and
reported in Table 5.1 essentially belongs to the parent metal and not the HAZ or the
fusion zone. In the as-welded condition the fusion zone and the HAZ resembles closely
to the material in normalized condition. Therefore, as a first approximation, strength and
elongation of the fusion zone and the HAZ can be taken as strength and elongation of
the material in normalized condition. These values were measured and reported in
Chapter 4 as part of characterization of as-received material. These values show
significantly higher strength and lower elongation values for the material in astransformed martensitic condition. This explains why the cross-weld tensile specimen
always fractured in the parent metal and showed marginally lower elongation than that
shown by the parent metal.
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20 mm
Fig. 5.8: Fractured tensile specimen of 9Cr-1Mo(V, Nb) FMS – parent metal and
the laser welded joints in as-welded as well as in the postweld heat treated
condition, showing significant necking before fracture and fracture was always in
the parent metal proving strength and soundness of the weld joints.
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5.6 Conclusions
Laser weld joints were made between 9 mm thick plates and bead on plate studies were
made on 30 mm thick plates of 9Cr-1Mo(V, Nb) FMS using high power (10 kW)
continuous wave CO2 laser. Based on these studies following conclusions can be
drawn.
(i)

The joining efficiency increased from 15 mm2/kJ to 55 mm2/kJ with welding
speed increasing from 0.5 m/min to 5.0 m/min. This implies better utilization
of laser energy for fusing the parting surface at higher welding speeds.

(ii)

The rate of increase in joining efficiency with welding speed, which is very
steep in 0.5 – 2.0 m/min range, becomes moderate beyond this welding
speed.

(iii)

The depth of penetration decreased with increasing welding speed.
Therefore, welding speed of 2.0 m/min acted like a trade-off between joining
efficiency and depth of penetration or joint thickness.

(iv)

Microstructure of the fusion zone showed as-transformed lath martensitic
structure within columnar prior austenite grains. In addition to lath martensite,
significant fraction of twinned martensite was also observed. Presence of
twinned martensite can be explained by suppression of Ms temperature in the
fusion zone due to work hardening of austenite.

(v)

Microstructure of the HAZ showed as-transformed lath martensite within
equiaxed prior austenite grains. These prior austenite grains formed because
of phase transformation the parent metal (ferrite) into austenite grains and
subsequent growth of the austenite grains. Because extent of phase-
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transformation and grain growth depends on time and superheat above Ac 1
temperature, therefore, progressively smaller prior austenite grains were
observed from the fusion line towards the parent metal.
(vi)

No coarsening of prior austenite grains were observed in the HAZ. This
contrasts from the HAZ of arc welded joint in this material, in which grain
coarsening is invariably present. This can be explained by low heat input
associated with laser welding process, resulting in shorter residence time
above grain coarsening temperature.

(vii)

Undissolved carbide precipitates were also observed in the HAZ. This can
also be explained by rapid heating and cooling rates associated with laser
welding, resulting in insufficient time for carbide dissolution.

(viii)

Some bainitic transformation products were also observed in the HAZ. This
can be explained by formation of relatively leaner (in solute) austenite due to
partial carbide dissolution. This austenite with lower alloying content
transformed into bainite on account of lower hardenability.

(ix)

Cross-weld microhardness profile showed significant hardening of the fusion
zone (~ 450 – 500 HVN) than that of the parent metal (~ 230 HVN).
Therefore, transition in the hardness profile through the narrow HAZ was very
steep. High hardness of the fusion zone and the HAZ was on account of
martensitic transformation.

(x)

Postweld tempering resulted in significant softening (from ~ 500 HVN to ~ 260
– 280 HVN) of the fusion zone and the HAZ. Hardness of the HAZ became
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equal to that of the parent metal while hardness of the fusion zone was in 260
-280 HVN. No inter-critical softening was observed.
(xi)

Postweld tempering of the weld joint restored all the microstructural features
like subgrain structure, M23C6 type carbides and MX type carbonitrides in the
fusion zone and HAZ except morphology of the prior austenite grains.

(xii)

The cross-weld tensile test specimen, in as-welded and also in the postweld
heat treated condition, always fractured in the parent metal in ductile manner.
Tensile test showed that the weld joints were sound and stronger than the
parent metal. Elongation of the cross-weld tensile test specimen (~ 18%) was
marginally lower than that of the parent metal (~20%). However, this loss in
elongation was nearly completely recovered by postweld tempering at 770 oC
for 30 minutes.
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Chapter 6: Residual Stress Mapping by Neutron Diffraction in
Laser Welded 9Cr-1Mo(V, Nb) FMS Plates
6.1 Introduction
Ferritic-martensitic steels, and in particular grade 91 steel (9Cr-1Mo(V, Nb)), find
extensive application in supercritical power generation plants, nuclear power systems
and in the petrochemical industry owing to their excellent combination of elevated
temperature strength, thermal fatigue resistance and immunity from stress corrosion
cracking in aqueous and chloride environments [1 – 4]. Moreover they are candidate
materials for structural components in many advanced reactor systems like the Very
High Temperature Reactor and the Sodium Fast Reactor owing to their low
susceptibility to irradiation embrittlement [2, 5]. Different welding techniques such as
Manual Metal Arc welding, Submerged Arc Welding and Gas Tungsten Arc Welding are
used to fabricate components and assemblies from ferritic-martensitic steels of this type
[5 - 21]. Laser welding is a versatile joining process with high power density and low
thermal input. It can weld different alloys from sub-millimeter up to 20 mm section
thicknesses in different joint configurations without the need for any filler material. Major
advantages of the laser welding process include the narrow width of the fused zone and
the HAZ, and minimal distortion of the components being welded owing to the low heat
input. There is also some evidence to suggest that welds made with high-energy beam
processes such as laser or electron beam welding may be more resistant to type IV
cracking than welds made with conventional arc welding processes [9].
Very high values of residual stress approaching the yield strength of the parent material
and weld filler are generally introduced in the vicinity of welded joints [17]. Temperature
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excursions associated with the thermal cycle of a welding pass induce localized thermal
dilation that is accommodated by the elasto-plastic responses of the structure. In turn
this is accommodated by cyclic stress-strain behaviour of the materials, the self-restraint
of the structure and any applied restraint. In addition, for material systems like P91, the
strains associated with the solid-state austenite to martensite transformation of the
material in the fusion zone and the HAZ can have a profound impact on the residual
stress profile [17, 22, 23]. Paddea et al. [17] have reported residual stresses in P91
steel-pipe girth weld before and after post weld heat treatment. They have reported
significant compressive stresses in the fusion zone of the last pass, which has been
attributed to martensitic transformation during cool down of the weld joint. They have
also demonstrated that martensitic transformation in constrained volume leads to
compressive stresses by conducting ―Satoh Test‖. In this test a P91 steel specimen was
allowed to cool from austenitic phase-field under constrained condition and this resulted
in introduction of compressive stresses as the specimen cooled below its Ms
temperature. Dean et al. [22] have reported computation of residual stresses in multi
pass arc welded joints in P91 steel pipe considering the effect of solid state phase
transformation. Kim et al. [23] have reported computed as well as experimentally
measured (by neutron diffraction) residual stresses in multi pass arc welded joints in
P91 steel. Both these studies have shown that martensitic transformation of austenite
has significant compressive effect on the residual stressed in the fusion zone.
Quantitative characterization of the residual stress distribution around the welded joint is
important, to understand the factors governing its evolution, to assess how such
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stresses may affect the life and integrity of components in-service, and also to design
mitigation treatments including optimization of the post-weld heat treatment (PWHT).
Residual stress around a weld joint can be measured by surface based techniques such
as centre-hole drilling, magnetic methods and X-ray diffraction or volumetric techniques
such as deep hole drilling, the contour method, neutron diffraction or synchrotron
diffraction [24]. Surface based techniques provide limited information about the residual
stress field, whilst volumetric strain relief methods are invasive or destructive. Neutron
diffraction was selected for the present work for several reasons. First, it is a nondestructive method that can provide quantitative information about three or more
components of the stress tensor in the structures made from steel up to a few tens of
millimeters thick [25]. Secondly, a fine gauge volume can be selected to resolve the
rapid variations in residual stress on short length-scales expected in narrow width laser
welds. Thirdly, the neutron diffraction technique is well established having been applied
widely to characterize residual stresses in welded joints [17, 22 - 45].
Measurements of the residual stress fields around P91 welded joints, made by different
methods, including neutron diffraction, have been reported by several workers [17, 22,
23]. However, these weld joints were made by arc welding processes in multiple
passes. There is no published work on residual stress measurements in laser welded
joints in 9Cr-1Mo(V, Nb) FMS. The present work provides a detailed analysis of residual
stress measurements by neutron diffraction. Keyhole laser welds are also of interest as
they are expected to show a residual stress profile that is significantly different from that
introduced by conventional multi-pass welding processes. This is on account of the
high through-thickness to width aspect ratio of the fusion zone and the HAZ and also
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because they are single pass welds. This chapter presents results of the residual stress
measurements using neutron diffraction in 9 mm thick plates of 9Cr-1Mo(V, Nb) FMS
welded at 8 kW laser power and two different welding speeds – 1.5 m/min (Plate A) and
0.75 m/min (Plate B) using a continuous wave CO2 laser, details of the welding process
are described in Chapter 3. The results reported here will provide a set of high quality
measured residual stress data that can be used to validate modelling and simulation
endeavours.

Such models can be harnessed to explore the effects of different

processing conditions on the residual stress profile, as well as for providing the starting
conditions for PWHT stress relaxation studies.
6.2 Neutron Diffraction Peak FWHM Analysis
The representative neutron diffraction peak for {112} planes obtained from identical
gauge volume (0.8x0.8x2.0 mm3) in the parent metal and the fusion zone are presented
in Figs. 6.1a and 6.1b respectively. It can be seen that the diffraction peak from the
parent metal is much sharper (full width at half maxima (FWHM) ~ 0.5o) than that from
the fusion zone (FWHM ~ 1.4o). Wider diffraction peak implies higher microstresses
within the gauge volume. This shows that microstresses are much higher in the fusion
zone than that in the parent metal. The fusion zone structure is as-transformed
martensite, which has high dislocation density that explains higher microstresses and
therefore, wider neutron diffraction peaks.
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Fig. 6.1: Representative neutron diffraction patterns from (a) The parent metal and
(b) The fusion zone in laser welded 9 mm thick plates of 9Cr-1Mo(V, Nb) FMS
obtained at ILL, France.

Fig. 6.2: Cross-weld variation of FWHM of the neutron diffraction peaks in 9 mm
thick laser welded (laser power: 8 kW and welding speed: 1.5 m/min) plate of 9Cr1Mo(V, Nb) FMS, showing significant broadening of the diffraction peak in the
fusion zone, due to martensitic transformation.

The variation in the FWHM of the {112} neutron diffraction peak across the weld joint for
measurements along the longitudinal, transverse and normal directions at mid-length of
Plate A (8 kW, 1.5 m/min), is shown in Fig. 6.2. A cross-weld microhardness profile from
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a similar location is superimposed in this figure. A similar pattern was observed in all the
cross-weld measurement scans. The variation in FWHM is symmetric about the weld
centre line and exhibits an interesting trend. FWHM of the diffraction peak remains ~
0.5o for the parent metal and increases rapidly through the narrow HAZ to become as
high as 1.4o for the measurements along the longitudinal direction and ~ 1o for the
measurements along the transverse and the normal directions in the welded region. The
regions of higher FWHM showed one-to-one correlation with the regions which have
undergone a martensitic transformation due to the welding thermal cycle. The
correlation is so strong that the FWHM may be used as an important signature for the
fusion zone (FZ) and the HAZ, which have undergone a martensitic transformation
during welding. The higher values of FWHM of the diffraction peaks are due to a
variation of strains on the microscopic length scale within the gauge volume. Such
variations can arise from plastic deformation during cooling and / or the solid state
phase transformation. However, further experimentation and simulation work is needed
to confirm and elucidate the contributing mechanisms.
The FWHM of the diffraction peak in the weld region for the longitudinal component is
significantly greater (~ 40%) than that for the transverse and normal components. This
could be due to texture in the prior austenite grains leading to the selection of different
variants along the three measured directions – longitudinal, transverse and normal. This
can however, be confirmed only with a detailed Electron Back Scattered Diffraction
(EBBSD) analysis. It may also be due to the smaller gauge volume used for the
longitudinal measurements compared with that used for measurements of the other two
components, noting that larger gauge volumes tend to give sharper diffraction peaks
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than smaller volumes assuming other parameters such as count time, material
chemistry and crystal structure etc. remain the same. Whilst a sharp diffraction peak is
preferred, as it implies a lower error, a small gauge volume had to be employed, due to
fine length scales of the fusion zone and the HAZ, for measuring the longitudinal
component in order to capture the steep gradients in stress across the weldment.
6.3 Cross-weld Residual Strain and Residual Stress Profiles in Plate A at 1.5 mm
below the Top Surface
The measured residual strain profile, across the low heat input weld (320 J/mm) in Plate
A, at mid-length cross-section and 1.5 mm depth below the top surface is shown in Fig.
6.3.

As expected, the three components (longitudinal, transverse and normal) of

residual strain show a high degree of symmetry across the weld centre-line.
Interestingly the longitudinal component shows a bimodal distribution with a trough
coincident with the weld centre-line and the two peaks lying 2 mm on either side of the
centre in the parent metal near the HAZ – PM interface. The peak value of the
longitudinal component of residual strain is ~ 1900 micro-strain. The normal component
shows a similar profile, but with a lower peak magnitude (~ 500 micro-strain) at 1.5 mm
on either side of the weld centre-line. The transverse component of residual strain,
however, shows the opposite trend. It has a peak (~ 650 micro strain) coinciding with
the weld centre-line and two troughs (~ -900 micro-strain) at 1.5 mm on either side of
the weld centre-line.
Similar characteristics are seen in the cross-weld residual stress profile (Fig. 6.4). The
longitudinal component of residual stress shows a low tensile trough (~ 50 MPa) in the
weld centre which rises rapidly to a peak value of ~500 MPa at 2 mm on either side of it.
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The regions with peak residual stresses are in the parent metal just outside the
metallurgical HAZ, as is evident from a comparison of the cross-weld microhardness
profile and the residual stresses at the same location. Similar results have been
reported by Mark et al. [42] for residual stress profiles across a single pass weld in
SA508 steel, which also undergoes a bainitic/martensitic transformation while cooling
from the austenite phase field. The normal component shows a similar trend, with a
trough in the weld centre (~ 100 MPa) and rising rapidly to peak values (~ 200 MPa) at
1.5 mm on either side of the centre-line. The transverse component shows the opposite
trend with the peak (~ 200 MPa) coinciding with the weld centre and two troughs (~+10
MPa) at 1.5 mm on either side of it.

Fig. 6.3: Cross weld residual strain profile in Plate A (laser power: 8 kW and
welding speed: 1.5 m/min) at 1.5 mm below top surface.
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Fig. 6.4: Cross-weld residual stress profile, showing variation of the three
principal components – longitudinal, transverse and normal of the residual stress
at mid-length cross-section and 1.5 mm below top surface in the laser welded
plate at 8 kW laser power and 1.5 m/min welding speed.
The measured strain and stress profiles are nearly symmetric. This gives confidence in
the quality of results, and the experimental procedure, which involved remounting of the
sample after measurements of the longitudinal component of strain, to obtain
corresponding data in the other two orthogonal directions. Thus, further measurements
were focused on only one side of the welded joint.
The trough in the longitudinal residual strain and stress profiles at the weld centreline
can be attributed to strains associated with the martensitic transformation during cool
down of the weld joint. The regions which were heated to a temperature above the Ac1
during heating cycle undergo austenitic transformation and subsequently undergo
martensitic transformation during cool down of the joint. These regions form the fusion
zone and the HAZ. Martensitic transformation is associated with a significant volumetric
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expansion in the fusion zone and the HAZ and therefore, induces significant
compressive stresses as the transformation is taking place in a constrained volume.
The tensile peaks are in the regions heated to a temperature just below the Ac1
temperature, as these regions experience only contraction during cooling of the weld
joint. This M-shaped profile contrasts with a non-transforming material, where a single
tensile peak would be expected at and near the weld centre-line, dropping to low
compressive stresses in the far field [37]. In 9Cr-1Mo(V, Nb) FMS, martensitic
transformation strains have been observed to have a similar influence on the residual
stresses in a multi-pass pipe girth weld, where compressive stresses were measured in
the region of the last weld pass [17]. Paddea et al. [17] have demonstrated the
compressive effect of martensitic transformation in a P91 steel specimen by carrying out
Satoh test. In this test, a cylindrical specimen of P91 steel was allowed to expand freely
while being heated at 50oC/s to a temperature above Ac3 to austenitize it. Subsequently,
the specimen was clamped and then allowed to cool while monitoring the stresses
generated during the cool down. It was reported that compressive stresses developed in
the specimen as it cooled down below its Ms temperature [17]. Another interesting
feature observed in this figure (Fig 6.4) is the cross-weld profile of the normal
component of residual stress, which has the same shape as the profile of the
longitudinal component, although with lower peaks. The common shape of the profiles
suggests that the factors controlling the evolution of the two are similar in nature and
related to the strains associated with the martensitic transformation occurring under
constraint. Because of the large aspect ratio (depth to width) of the laser weld fusion
zone, the thickness of the weld bead (i.e. the plate) provides significant restraint against

202

the dilatational component of the strain.

In the longitudinal direction, the effective

restraint length is much longer giving a larger compressive effect. The adjacent tensile
peaks in the longitudinal and normal components of the stress profile may be viewed as
reactions to the compressive trough in the respective profiles at the weld centre-line. In
contrast, the spatial profile of the transverse stress component is similar to that shown
by the normal component of residual stress in multi-pass arc welds [17]. This is
because, the aspect ratio of the weld beads (depth to width) is much smaller in multipass arc welds. The impact of solid state austenite to martensite phase transformation
discussed here finds support from other measurements made on Plate A and also on
Plate B (8 kW, 0.75 m/min) as discussed below.
6.4 Cross-weld Residual Stress Profiles in Plate A at 4.5 mm below the Top
Surface
The cross-weld residual stress profiles for plate A at 4.5 mm below the top surface (midthickness plane) of the plate are shown in Fig. 6.5. The profiles for all three components
of stress – longitudinal, transverse and normal - are similar to those at a depth of 1.5
mm (Fig. 6.4) but show differences in magnitudes at the troughs and peaks in the
respective profiles.

For example, the trough in the normal component at the mid-

thickness plane is deeper (~-150 MPa) and the peaks are higher (~350 MPa) than those
in the equivalent locations in the profile at a depth of 1.5 mm (Figure 6.4). These
differences can be attributed to relatively greater restraint experienced by the
martensitic transformation strains at the mid-thickness plane than that near the surface.
The profiles of the transverse component of the residual stress from the two locations
(1.5 mm and 4.5 mm) are nearly similar.
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Fig. 6.5: Cross weld residual stress profile in Plate A (laser power: 8 kW and
welding speed: 1.5 m/min, plate thickness: 9 mm) at 4.5 mm below surface.
An important difference between the cross-weld residual stress profiles at mid-thickness
and at 1.5 mm depth is that, the distance between the tensile peaks is narrower at midthickness (± 1.5 mm from the weld centre-line compared with ± 2 mm). This is because
the width of the fusion zone plus HAZ is smaller at the mid-thickness plane than at 1.5
mm below the top surface, again noting that it is the martensitic transformation in the
fusion zone and HAZ that governs the width of the trough in the residual stress profile.
6.5 Through-thickness Residual Stress Profiles
Through-thickness profiles of the longitudinal, transverse and normal components of
residual stress at the weld centre-line in Plate A are shown in Fig. 6.6. It can be
observed that the uncertainties associated with these weld metal measurements are
much higher (~+30 MPa) than those in the parent metal region (~+10 MPa (Figs. 6.4
and 6.5)). This is on account of higher microstresses in the fusion zone and the HAZ as
compared to the same in the parent metal. The transverse component of residual stress
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is most tensile, the normal component most compressive and the longitudinal
component lies in between. The final state of residual stress in the weld metal is the
result of competition between thermal contraction and martensitic transformation
induced expansion of the material. In the normal direction, thermal contraction will be
smaller than that in the longitudinal direction; therefore, the normal component of
residual stress is more compressive than the longitudinal component. Residual stress
below the mid thickness plane is more compressive than that above the mid plane. This
is because, the heat source is applied from the top side, leading to less heat input below
the mid-thickness plane and therefore, the dilative martensitic transformation
commences first in this region, producing a more compressive region than that above.

Fig. 6.6: Through-thickness profiles of the longitudinal, transverse and normal
components of residual stress in Plate A (laser power: 8 kW and welding speed:
1.5 m/min, plate thickness: 9 mm) along the weld centreline.
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The variation in residual stresses through the thickness at the weld centre-line is most
likely to be associated with differential cooling between the bottom and top of the weld.
Greater heat is input by the laser welding process at the top surface; it can be noted
from Figs.5.3 and 5.4 that the fusion zone and the HAZ are slightly narrower towards
the bottom side of the plate. This means that the bottom of the welded plate will cool
faster than the top and lead to a resultant residual stress distribution controlled by the
combined influences of differential thermal contraction, different degrees of martensitic
transformation and self-constraint. Thermo-metallurgical and thermo-mechanical
modelling and simulation of welding is probably the best way to understand the complex
mechanical behaviour involved. This sort of residual stress profile with a compressive
zone below the mid-thickness plane and tensile zone above contrasts from that
observed in the case of multi-pass arc-welded joints in this material [17] where
significantly higher tensile residual stress develops below the mid-thickness plane
relative to above it. This is on account of the thermal cycles associated with the
succeeding passes introducing martensitic dilation and more compressive stresses in
the fusion zone and HAZ and corresponding tensile reactions in the weld metal
deposited by the preceding passes.
Residual stress maps for longitudinal and normal components on the mid-length crosssection of the low heat input welded plate were generated on one side of the weld
centre-line; using the through thickness measurements along the weld centre-line and
along the measurement lines at distances of 2 mm, 4 mm and 10 mm from it. For
distances of 15 mm and 30 mm the weld centre-line, values from cross-weld
measurements at 1.5 and 4.5 mm below the top surface were used to generate these
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plots. The plots were generated using MATLAB. Figs. 6.7 and 6.8 respectively show
maps of the longitudinal and normal components respectively of the residual stress on
one side of the welded joint. These maps show that the cross-weld profiles for the
longitudinal and the normal components represented in Figs. 6.4 and 6.5 exist through
the entire thickness of the plate. It can also be seen from these maps that the crossweld profiles of the longitudinal and normal components of stress are very similar in
nature, i.e. both components show a low tensile or compressive trough in the weld
centre and two tensile peaks on the either side of the joint in the parent metal adjacent
to the PM-HAZ boundary.
MPa

Distance from the
top surface (mm)

Distance from the weld centreline (mm)
Fig. 6.7: Map of the longitudinal component of residual stress in Plate A (laser
power: 8 kW and welding speed: 1.5 m/min, plate thickness: 9 mm) at the midlength cross-section in the one side of the weld centreline. White lines are
marked for the fusion line and the HAZ boundary.
MPa

Distance from the
top surface (mm)

Distance from the weld centreline (mm)
Fig. 6.8: Map of the normal component of residual stress in Plate A (laser power:
8 kW and welding speed: 1.5 m/min, plate thickness: 9 mm) at the mid-length
cross-section in the one side of the weld centreline. White lines are marked for
the fusion line and the HAZ boundary.
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6.6 Effect of Welding Speed on the Residual Stress Profile
Figs. 6.9, 6.10 and 6.11 compare cross-weld profiles of the longitudinal, normal and
transverse components of residual stress respectively in Plates A and B, which were
welded at the same laser power (8 kW) but with different welding speeds (Plate A: 1.5
m/min and Plate B: 0.75 m/min respectively) giving low and high heat input conditions.
A cross-weld microhardness profile is also superimposed. The shapes and peak
magnitudes of the profiles from the two plates are almost identical. However, it can be
seen that the lower welding speed has led to both broadening and deepening of the
trough in the cross-weld profiles of residual stress in both the longitudinal and normal
directions. The increased width of the trough correlates with the wider fusion zone in
Plate B which experienced nearly double the heat input of Plate A; compare the fusion
zones in Figs. 5.3 and 5.4.

These results further illustrate how the martensitic

transformation in the fusion zone and HAZ of a laser welded joint in 9Cr-1Mo(V, Nb)
FMS leads to reduced levels of residual stress in the weld region.

Fig. 6.9: Cross weld profile of the microhardness and the longitudinal component
of residual stress in Plate A (laser power: 8 kW and welding speed: 1.5 m/min,
plate thickness: 9 mm) and Plate B (laser power: 8 kW and welding speed: 0.75
m/min, plate thickness: 9 mm) at 1.5 mm below top surface.
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Fig. 6.10: Cross weld profile of the normal component of residual stress in Plate A
(laser power: 8 kW and welding speed: 1.5 m/min, plate thickness: 9 mm) and
Plate B (laser power: 8 kW and welding speed: 0.75 m/min, plate thickness: 9 mm)
at 1.5 mm below top surface.

Fig. 6.11: Cross weld profile of the transverse component of residual stress in
Plate A (laser power: 8 kW and welding speed: 1.5 m/min, plate thickness: 9 mm)
and Plate B (laser power: 8 kW and welding speed: 1.5 m/min, plate thickness: 9
mm) at 1.5 mm below top surface.

209

6.7 Conclusions
Neutron diffraction was used to measure residual stresses in 9 mm thick laser welded
plates of 9Cr-1Mo(V, Nb) FMS. Laser welding had been performed using a high power
CO2 laser at 8 kW laser power and two different welding speeds – 1.5 m/min (Plate A)
and 0.75 m/min (Plate B) resulting in two different heat inputs – 320 J/mm (Plate A) and
640 J/mm (Plate B). Following conclusions were drawn from these measurements.
(i)

Neutron diffraction peaks from the fusion zone were much wider (FWHM ~
1.4o) than those from the parent metal (FWHM ~0.5 o). The HAZ region
showed intermediate values for the FWHM of the diffraction peaks. FWHM of
the neutron diffraction peaks showed one to one correlation with the regions
which have experienced martensitic transformation due to laser welding.
Wider diffraction peaks in the fusion zone and the HAZ were due to higher
micro-stresses in these regions resulting from the martensitic transformation
of austenite.

(ii)

FWHM of the diffraction peaks also exhibited gauge volume effect and / or
direction dependence with larger gauge volume (0.8 x 0.8 x 20 mm3) along
the transverse and the normal direction resulting in relatively narrower peaks
(FWHM ~ 0.9o - 1.2o) than the smaller gauge volume (0.8 x 0.8 x 2.0 mm3)
along the longitudinal directional (FWHM ~ 1.4o). The effect of the
measurement direction and size of the gauge volume could not be separated
in these measurements.

(iii)

Cross-weld profiles of the longitudinal and normal components of residual
stress in the laser welds showed a low tensile or compressive trough (-250 to
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100 MPa) in the welded fusion zone and high tensile peaks (500 to 600 MPa
for the longitudinal component and 200 to 350 for the normal component) in
the parent metal near the HAZ-PM interface on the either side of the weld
joint.
(iv)

There was little variation in residual stresses through the plate thickness
except in the fusion zone, where the longitudinal and the normal stresses are
more compressive in the bottom half of the weld zone. This contrasts with
conventional multi-pass welds in P91 steel where the residual stress is more
tensile in the bottom side than in the top side.

(v)

The widths of the fusion zone (1.2 mm for the low heat input and 1.8 mm for
high heat input) and the low tensile / compressive troughs in the residual
stress profiles (2 mm wide for low heat input and 3 mm for high heat input)
were wider and marginally deeper for the high heat input weld joint compared
with the low heat input weld joint, but the peak magnitudes of the residual
stresses were similar.

(vi)

There is clear evidence of a very strong influence of the strains associated
with the martensitic transformation on the magnitude and spatial profile of all
three components of residual stress in both welded plates.

(vii)

The significant components of the residual stress in the laser welds are in the
longitudinal and normal directions. This contrasts with conventional multipass welds where longitudinal component is the most significant, while the
transverse and the normal components are comparable and relatively not
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significant. This is mainly owing to high aspect ratio (depth to width ratio) of
the fusion zone and the HAZ in the laser welds.
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Chapter 7: Modelling and Simulation of Laser Welding of
9Cr-1Mo(V, Nb) FMS
7.1 Introduction
Ferritic/Martensitic steels with 8-12 wt. % Cr and microalloying additions of V and Nb
are materials for high temperature applications in ultra-supercritical (USC) thermal
power plants [1-3]. Fe-9Cr-1Mo(V, Nb), also known as P/T/F/Gr91 steel in its different
product forms; is a prominent member of ferritic/martensitic steel family. This material
and its reduced activation variants are candidate structural material for next generation
of nuclear reactors including fusion reactors [2, 4]. This material is joined by different
conventional welding processes like Shielded Metal Arc Welding (SMAW), Gas
Tungsten Arc Welding (GTAW), Submerged Arc Welding (SAW) [4 - 21]. However,
these welding processes are high heat input processes; require multiple passes with
preheating and inter-pass heating of the parts to be joined and therefore, produce more
distortion. Beam welding processes like laser and electron beam welding on the other
hand are single pass processes, require no preheating and the distortion is negligible.
Besides, the weld joints produced by the conventional processes lead to inter-critical
softening in the parent metal-HAZ boundary region due to the combined effect of high
heat input, preheating, multiple passes and inter-pass heating [8, 10]. This softening is
reported to cause type IV cracking [8, 10]. Inter-critical softening has not been observed
in case of laser and electron beam welded joints and therefore, this has raised an
expectation to produce weld joints with superior type IV crack resistance using these
welding processes [8]. Due to these benefits laser and electron beam welding of these
steels have recently drawn attention of material scientists and engineers [22 - 24].
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Transient thermo-metallurgical and thermo-mechanical computations during simulation
of the welding process provide better insight of the process in terms of evolution of the
thermal-field, phase-field, displacement-field and stress-field in and around the weld
joints and is very useful tool for design and development of engineering components
and fabrication methodology for the same. This is because, while the final or residual
displacement and stress fields can be measured experimentally; evolution of the same
while the joint is being made can be appreciated only through simulation of the process.
This insight can be used to modify the welding process itself to produce the desired
displacement-field and stress-field. Besides, experimental measurement may not be
feasible on every component and therefore, the results of the computations can be used
to get a better idea of the residual stress-field present around a weld joint in a
component going for service. Significant amount of work has been done on simulation
of weld joint in this material by different finite element (FE) based software like ANSYS,
ABAQUS and SYSWELD [25 - 34] for thermo-metallurgical and thermo-mechanical
computations. Yaghi et al. [25] have reported residual stress simulation using ABAQUS
in multi-pass arc welded section of P91 pipes. They have used an axisymmetric model
for this simulation and have computed through thickness residual stress profiles along
the weld centre line and the HAZ region. However, solid state phase transformation
(SSPT) of the austenite to martensite was not considered in their model. Deng el al [26]
have reported computation of welding residual stresses using ABAQUS in multi-pass
arc welded modified 9Cr-1Mo steel pipe in butt configuration, considering SSPT effects.
They have used an axisymmetric model and also considered the effects of volumetric
and/or yield strength change arising out of SSPT of austenite into martensite during
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welding. They have reported that the volume and yield strength changes associated
with SSPT of austenite to martensite during welding have significant effects on residual
stress and must be considered for computation of stresses arising out of welding of this
material. Due to lack of mechanical properties of the low temperature austenite, they
have used properties of the base metal itself and have suggested use of phasedependent mechanical properties for further improvements in the computed results. Kim
et al. [27] have reported numerical computation using ABAQUS and experimental
measurements using neutron diffraction of residual stresses for a modified 9Cr-1Mo
steel weld joints. They have used material property data from Yaghi et al. [25] and have
not used phase-dependent material property data. The weld joints were produced in
butt and fillet configurations using arc welding methods. They had not implemented
SSPT of austenite into martensite; however, based on the experimental results they felt
that this should be considered for arriving at more reliable results. Price et al. [28] have
reported comparison of the residual stress in welds computed using SYSWELD and that
measured experimentally using neutron diffraction. They have used metal inert gas
deposited weld beads on low carbon steel. Their results show that longitudinal
component of the residual stress is the most significant and the normal and transverse
components are much smaller and comparable to each-other. Bate et al. [29] have
reported thermo-metallurgical and thermo-mechanical computations using SYSWELD
for bead on plate specimen produced by tungsten inert gas welding. They have
presented transient temperature evolution and residual stress profiles on the weld bead
cross-section. Aloraier et al. [30] have reported computation of residual stresses in flux
cored arc welding process in bead on plate specimen for a boiler and pressure vessel
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steel (Fe-1.35Mn-0.155C) using SYSWELD. They have presented temperature
distribution at different instant of time and residual stress field. Xu et al. [31] have
reported transient thermo-metallurgical and thermo-mechanical computations using
SYSWELD for bead on plate specimen, of an austenitic stainless steel (SS316L),
produced by automated tungsten inert gas welding. They have presented residual
stress profiles as well as temporal evolution of temperature and stress field. This work
clearly shows the effect of heating, melting and post-solidification cooling on the
evolution of stress field. Tsirkas et al. [32] have reported thermo-mechanical
computation of laser welding in 4 mm thick plate of AH36 ship building steel using
SYSWELD. However, the results are limited to the temperature contours and
displacement contours. Moraitis et al. [33] have reported thermo-mechanical
computation of laser welding in high strength steel and an aluminium alloy using
ANSYS. They have reported transient temperature field and residual stress profiles
across the weld joint and through thickness of the weld joint. However, details of the
steel in terms of composition and properties and also if any SSPT has been considered
is not reported in this paper. Shanmugam et al. [34] have reported transient thermal
computation using SYSWELD for T-joint in austenitic stainless steel (SS304L) made by
laser welding.
Based on review of the existing literature, it was observed that substantial literature
exists on thermo-metallurgical and thermo-mechanical computation for weld joints in
different materials including those in 9Cr-1Mo(V, Nb) steel produced by arc as well as
beam welding processes. However, there is no published work on thermo-metallurgical
and thermo-mechanical computation for laser welded joints in 9Cr-1Mo(V, Nb) steel.
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None of the previous work on thermo-mechanical computation of weld joints in this
material has used phase-dependent mechanical properties of this material. Also,
literature on the temporal evolution of stress-field is rather limited [31] and none of the
previous work has dwelled upon the stress-field in the parent austenite phase-field in
the vicinity of the weld joint. This chapter presents results of thermo-metallurgical and
thermo-mechanical computations using SYSWELD for laser welding of 9 mm thick plate
of 9Cr-1Mo(V, Nb) steel for the first time. SSPT of the material has been considered
and phase-dependent mechanical properties have been used in these computations.
Computed residual stress profile has been compared with that measured by neutron
diffraction in the same plate (presented in chapter 6). Temporal evolution of the stressfield has been discussed and correlated with different thermo-metallurgical processes
associated with welding. The state of stress in austenitic phase-field prior to its
transformation has also been discussed.
7.2 Temperature Field
Computed fusion zone (regions which exceeded Tm = 1520oC) and HAZ (regions which
exceeded Ac1 = 820oC) placed adjacent to the cross-section of the actual weld joint is
presented in Fig. 7.1. Reasonably good agreement between the computed fusion zone
and the HAZ and that obtained experimentally can be seen in this figure. The computed
profile also shows a nail-shaped narrow fusion zone (half width ~0.6 mm) much like the
actual laser welded joint. Fusion zone as well as HAZ is very narrow in both cases
primarily due to low heat input associated with laser welding process. These results
suggest that heat source used for this simulation was indeed a close approximation for
the actual heat source used for laser welding.
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Weld thermal cycle at different points, at varying distance from the weld centre line
along mid-thickness line at mid-length cross-section is presented in Fig. 7.2. It can be
seen that as the heat source approaches the mid-length region, temperature of the
region shoots up rapidly and exceeds the melting point in no time and the material melts
almost instantly in the fusion zone. As the heat source moves away, the melt solidifies
very quickly (within 130 ms) due to rapid heat extraction by the steel plate itself, which
acts as a very strong heat sink. Thus there is high cooling rate of the order of 10 4 oC/s
for the melt. Such very steep heating and cooling curves for the fusion zone are
invariably associated with all the fusion welding processes and the computed results
confirm to that reported in the literature [29, 31, 33, 34]. The spatial gradient of
temperature in the fusion zone is also very high due to narrow fusion zone. Therefore,
fusion zone has columnar solidification structure. This material transforms from
austenite to martensite at a cooling rate as low as 0.08oC/s [35] and in this case the
cooling rate for the austenite is of the order of 10 2 oC/s. Therefore, microstructure of the
fusion zone is fully martensitic within columnar prior austenite grains (Fig. 7.2). These
results are in agreement with the computational and experimental studies reported for
the weld joints in this material [24, 25, 27].
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Fig. 7.1: Computed (left) and actual macrograph (right) showing cross-section of
the laser welded joint produced in 9Cr-1Mo(V, Nb) ferritic/martensitic steel at 8
kW laser power and 25 mm/s (1.5 m/min) welding speed.

Rapidly rising and relatively slowly falling temperature time curves of nearly similar
nature were observed for all the points at varying distance in the vicinity of the weld
centre line. The line joining the peak temperatures of nodes at varying distance from the
weld centre line is also shown in Fig. 7.2. It can be seen that the peak temperature of a
node goes on decreasing and time to reach the peak temperature goes on increasing
with increasing distance from the weld centre line. This is because, the thermal energy
is flowing outward from the weld region and it takes more time to reach a node at a
larger distance.
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Fig. 7.2: Computed thermal cycle in different regions – weld centre line (WCL),
fusion line (FL), heat affected zone (HAZ), HAZ-parent metal (PM) boundary and
different points in the parent metal with distance increasing from the WCL along
mid-thickness line at mid-length cross-section. Peak temperature at different
points at increasing distance from WCL is also joined. Microstructure of the
material subjected to different thermal cycles – (1) Fusion Zone (FZ), (2) Heat
Affected Zone (FZ side), (3) Heat Affected Zone (PM side) and (4) PM is also
shown.
Thermal cycles in the HAZ show that this region remains above Ac1 temperature for less
than 0.5 s and therefore, coarsening of prior austenite grains was not expected. This is
because, coarsening of prior austenite grains require complete dissolution of the
carbides and time for migration of the grain boundaries. However, the computation
shows that high temperature does not stay in the HAZ for sufficient time to support
kinetics of carbide dissolution and coarsening of prior austenite grains. Microstructure of
the HAZ region is also inserted in Fig. 7.2 and it can be seen that size of prior austenite
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grains is comparable to that of the parent metal (~ 20 µm). Similarly, thermal cycle in
inter-critical HAZ region shows that this region experiences the inter-critical temperature
for less than 0.2 s and it is therefore, does not suffer from over tempering and hence no
inter-critical softening was observed in the cross-weld microhardness profile (Section
5.5, Chapter 5). Microstructure of the inter-critical region is presented in Fig. 7.2.
Relatively finer prior austenite grains, hinting at partial austenitization of the material in
this region during heating, can be seen in this micrograph. Microstructure of the parent
metal is also included for comparison. This microstructure consists of tempered
martensite laths within equiaxed prior austenite grains of 20 µm average size.
7.3 Isotropic Hardening and Residual Stress Profile
7.3.1 Cross-Weld Profile
Variation of three the components – longitudinal (along the welding direction), normal
(along the thickness direction) and transverse (normal to the parting surface being
welded) of the residual stress and its von-Mises equivalent with distance from the weld
centre line at 1.5 mm below top surface on mid-length cross-section is presented in Fig.
7.3. Variation of isotropic hardening (local yield strength of the material) and martensite
phase-fraction resulting from welding is also superimposed on this plot. From this plot it
can be seen that local yield strength of the material in the fusion zone and the HAZ is
more than twice than that of the parent metal. Variation of the local yield strength of this
material shows one to one correspondence with the martensite phase fraction. Thus
increase in the local yield stress in the fusion zone and HAZ is on account of the
martensitic transformation of this material; as martensite of this steel is much stronger
than the parent metal in tempered martensitic condition (Fig. 4.5). At a distance of 2 mm
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from the weld centre line, there is marginal increase in the local yield strength of the
parent metal. This is on account of strain hardening of the material.

Fig. 7.3: Variation of isotropic hardening (local yield strength), residual stress
(longitudinal, normal, transverse and von-Mises equivalent) and martensite
phase-fraction with distance from the weld centreline in laser welded joint in 9Cr1Mo(V, Nb) ferritic/martensitic steel.
Among the three components of the residual stress, the longitudinal component shows
the greatest magnitude followed by the normal component and the transverse
component is the least significant. The longitudinal and the normal components show
similar profiles with a trough in the fusion zone and the HAZ and a peak at 2 mm from
the weld centre line, which coincides with zero martensite phase fraction. The peak
value of the longitudinal and normal components as well as the von-Mises equivalent of
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the residual stress lies in the parent metal region bordering the HAZ. Similar profiles for
the three components of the residual stress were obtained by neutron diffraction
measurements on this weld joint, which has been reported in Chapter 6. The trough in
the residual stress profile in the vicinity of the weld joint is on account of SSPT of
austenite into martensite, because this transformation is dilative in nature [24]. This kind
of profile with trough in the fusion zone and the HAZ accompanied by peaks in the
parent metal bordering HAZ has been reported in the literature for weld joints in
martensitic steel made by conventional welding processes as well [26]. However, this
effect is clearer in case of laser welded joints, because it is a single pass joining
process and therefore, effect of the martensitic transformation associated with first pass
is not camouflaged by thermal dilation effects of the succeeding passes, as in case of
arc welding processes.
In case of the weld joints produced by conventional arc welding processes, the
thickness to width aspect ratio of the each pass is low (~1) and therefore, the normal
and transverse components of the residual stress are comparable in the magnitude.
However, in case of beam welded joints the thickness to width aspect ratio is very high
(~10) and therefore, the normal component becomes much more pronounced than the
transverse component. This argument finds support from these results.
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Fig. 7.4: Variation of residual stress (longitudinal, normal, transverse and vonMises) normalized with local yield strength of the material and martensite phasefraction with distance from the weld centreline in laser welded joint in 9Cr-1Mo(V,
Nb) ferritic/martensitic steel.
Variation of the normalized (by local yield strength) values of the longitudinal, the
normal and the transverse components and von-Mises equivalent of the residual stress
with distance from the weld centre line at 1.5 mm below top surface on mid-length
cross-section is presented in Fig. 7.4. Variation of the martensite phase fraction is also
superimposed. It can be seen that the maximum value of the von-Mises equivalent of
the residual stress is 1; this means the state of the residual stress is elastic, even
though peak value of the longitudinal component of the residual stress is ~ 20% higher
than the yield stress. This reconfirms that the computed results do make sense.
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Longitudinal component of the residual stress in the vicinity of the weld joint is generally
the most significant and it has been consistently reported to exceed the yield strength of
the material [36]. In this plot also it can be seen that the normal component with peak
value ~50% of the yield strength is the other significant component of the residual stress
besides the longitudinal component and the transverse component is the least
significant with magnitude within +10% of the yield strength. The value of von-Mises
equivalent of the residual stress being as high as the local yield strength suggests this
region (at 2 mm from the weld centre line) might have undergone plastic deformation.
This is indeed so because value of the local yield strength in this region is greater than
that of the parent metal even though there is no martensitic transformation (Fig. 7.3).
Therefore, this increase can only be explained by strain hardening which can occur only
if material undergoes plastic deformation. From these results it can be inferred that the
regions bordering HAZ and parent metal undergo plastic deformation during laser
welding. Further work is required to explore if this plastic deformation has anything to do
with type IV cracking of the welded joints in this material as type IV cracking occurs in
these locations [8, 10].
Comparison of the computed values of the longitudinal component of the residual stress
with that measured by neutron diffraction, reported in Chapter 6, is presented in Fig.
7.5. It can be seen that computed profile show reasonably good match with the
measured one in terms of shape and location of the peak; however, there are
differences too. The computed profile is steeper and shows significantly higher peak
value than the measured one. This can be on account of larger gauge volume (0.8 x 0.8
x 2 mm3 and 0.8 x 0.8 x 20 mm3) employed in neutron diffraction measurements,
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leading to averaging of the residual stresses over a larger volume, than the element
size (0.1 x 0.2 x 0.25 mm3 to 0.3 x 0.4 x 0.5 mm3 in the region of interest) employed in
these computations. Smaller element size and gauge volume are preferred respectively
for computation and measurement of the stress field due to steep variation in this case.
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Fig. 7.5: Comparison of the computed (using SYSWELD) and experimentally
measured (using Neutron Diffraction) values of longitudinal component of the
residual stress profiles across laser welded joint in 9Cr-1Mo(V, Nb)
ferritic/martensitic steel.

However, it is practically not possible to lower the gauge volume further for neutron
diffraction measurements. Therefore, measurements using reduced gauge volume at a
synchrotron sources will be required to improve the accuracy of the measured stress
profile in this case. Improvements will be required on the computation side as well. In
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the present case martensite has been assigned a single set of properties, thus no
differentiation has been made between the martensite in the fusion zone and the HAZ.
However, it has been seen in these computations that the thermal cycles in the HAZ
may not be sufficient for complete dissolution of the carbides and therefore, martensite
in the HAZ will have lower carbon and therefore, lower strength as distance from the
fusion line increases. This effect need to be mapped experimentally to generate
material property data in the HAZ and then employed suitably in the computation of the
residual stress field. These two improvements – one on the measurement side and
another on the modelling and simulation side is expected to narrow down the
differences between the measured and the experimental profiles of the residual stress.
7.3.2 Through - thickness Profile
Variation of longitudinal, normal and transverse components and von-Mises equivalent
of the residual stress along the weld centre line is presented in Fig. 7.6. The transverse
component is mostly low tensile, normal component is significantly compressive and the
longitudinal component is between these two. This order of the three components of the
residual stress is consistent with that measured by neutron diffraction and reported in
chapter 6. Further, through thickness profiles of the three components of residual stress
are not symmetric across the mid-thickness plane. The lower half is under relatively
compressive state of stress than the upper half. This can be explained by the fact that
the thermal loading condition is not symmetric, as the heat source has been applied
from the top surface during welding. Therefore, the region below the mid-thickness
plane received lesser heat input than that above and cooled to the Ms temperature
earlier than the upper half.
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Fig. 7.6: Through thickness residual stress profile along the weld centreline,
showing region below mid-thickness to be under relatively compressive stress as
compared to that above.
To support this argument, a part of the cooling curves from three points - 0.5 mm, 4.5
mm and 8.5 mm below the top surface is presented in Fig. 7.7. Martensite phase
fraction of the corresponding regions is also plotted on the same curve. It can be seen
that at 8.5 mm depth the material reached the Ms temperature ~300 ms before it did at
mid-thickness level and above that. Therefore, martensitic transformation commenced
first in the lower half, which is obvious from the temporal evolution of martensite phase
fraction presented in this figure. Thus the region between the mid-thickness plane and
the bottom surface experienced martensitic transformation under greater restraint than
that above and this resulted in relatively compressive stress field below mid-thickness
region than that above in the fusion zone. This result was also observed by neutron
diffraction measurements reported elsewhere (Section 6.5, Chapter 6). Thus the
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computed and the measured profiles converge to support that the regions below midthickness is under relatively compressive state of stress than that above. This finding
contrasts with that reported in case of the weld joints produced between pipes by
multipass arc welding processes; which showed high tensile residual stresses in the
root side and compressive stresses on the outer surface [25]. This difference can be
explained by the fact that in case of multipass joints, part of the material deposited in
the preceding pass experiences only thermal dilation and no SSPT during next
subsequent passes. Therefore, only the weld metal deposited in the final pass
experiences compressive residual stresses and those deposited in the preceding
passes experience high tensile residual stress.

Fig. 7.7: Cooling curve and martensite phase evolution at three different depths
(8.5 mm, 4.5 mm and 0.5 mm) along the weld centreline. It is evident that along
the weld centreline the martensitic transformation proceeds from the bottom side
towards the top surface.
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7.3.3 Temporal Evolution of Stress Field
Temporal evolution of longitudinal stress, temperature and austenite and martensite
phase-fraction in a small volume (3D element) at the weld centre line is presented in
Fig. 7.8. This plot clearly shows the effect of different factors causing development of
stress field during welding.

Fig. 7.8: Temporal evolution of longitudinal stress, temperature and phasefraction in a small volume (3D element) at the weld centreline. Effect of (1) rapid
heating of preceding regions (2) rapid heating of the element (3) contraction of
solidified weldment, (4) transformation of austenite into martensite and (5)
contraction of martensite on the evolution of the stress-field can be seen very
clearly.
Region 1 (in time domain) shows evolution of high compressive stresses. This is due to
rapid thermal expansion of the material as heat source approaches the region under
consideration. Once the heat source comes too close softening or annealing effect
takes place and stress level rises rapidly to zero and stays there till the region melts and
solidifies again (Region 2). After that the solidified regions starts to contract and tensile
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stresses start to develop into it. The stress remains tensile and goes on increasing till
the Ms temperature is reached (Region 3). Once, Ms temperature is reached,
martensitic transformation of austenite (which is dilative in nature) commences; and this
leads to rapid evolution of compressive stresses (Region 4). After sufficient
transformation has occurred, effect of thermal contraction of the material dominates and
the stresses start to become progressively tensile (Region 5). Temporal evolution of
stresses in weld joints of P91 steel is not reported in the literature and therefore, cannot
be compared. However, temporal profile of the longitudinal stress resulting from TIG
weld bead on SS316L has been reported by Xu et al. [31]. It shows only two regions –
Region 1 i.e. compressive stresses arising due to approaching heat source and region 3
i.e. tensile stresses arising due to localized contraction during cool down of the weld.
Our results are consistent with those reported by Xu et al. [31] in region 1 and 3.
Absence of region 2 is surprising as the stress must remain zero for the time duration,
when the material remains molten. However, this time duration is too short as compared
to the time scale used for plotting temporal evolution and that might be the reason, why
region 2 is missing from the plot reported by Xu et al. [31]. The absence of region 4 and
beyond is due to the fact that there is no SSPT in SS316L. Thus temporal profiles of the
stresses provide effect of different contributing factors and also possible points of
intervention during the process itself, to suitably alter the stress field. Temporal
evolution of the stress field is something that cannot be determined experimentally and
can only be computed. Knowledge of the temporal evolution of stress field is important
not only to delineate the effects of different contributing factors but also for devising any
intervention during welding to introduce desired modification in the stress-field.
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Fig. 7.9: Temporal evolution of von-Mises stress, temperature and phase-fraction
in a small volume (3D element) at the weld centreline. Effect of (1) rapid heating of
preceding regions (2) rapid heating of the element (3) contraction of solidified
weldment, (4) transformation of austenite into martensite and (5) contraction of
martensite on the evolution of the stress-field can be seen very clearly.

Temporal evolution of von-Mises stress, temperature and phase-fraction in a small
volume (3D element) at the weld centre line is presented in Fig. 7.9. This figure also
delineates the effect of different contributing factors on evolution of the stress field.
However, this figure presents a very interesting result. In region 3 i.e. between 2.2 to 5s,
when the material is completely austenitic, von-Mises stress is much higher than yield
strength of the austenite at the corresponding temperature (Fig. 4.6). This implies that
the austenite had undergone plastic deformation and therefore, work hardened while
the weld joint cooled to Ms temperature. This is something that cannot be seen in the
resulting microstructure as the solid state martensitic transformation, which occurs
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below Ms temperature (~ 375 oC), camouflages the effects of plastic deformation of the
parent austenite to a great extent. Work hardening of the parent austenite has another
implication, that it lowers the Ms temperature [37]. To what extent the Ms gets
suppressed need to be found out experimentally and fed back into these computations
as material data input for further improvements in the computed results.
7.3.4 Stress Field in Supercooled Austenite
While the final or residual stress field can be experimentally measured, one has to rely
solely on computations to know the stress field in the material at the intermediate time
steps. While there can be so many of the intermediate time steps, one important time
step is when the heat source is removed. In this simulated welding process, the heat
source is removed after 4.09 s as it traverses the entire length of the weld seam by
then.
Through thickness stress profile along weld centre line at the mid-length cross-section
of the welded plate at 4.09 s is presented in Fig. 7.10. Three-dimensional austenite
phase-field at this time is also inserted. It can be seen that at this point in time the fusion
zone was fully austenitic at the mid-length cross-section; therefore, this stress field is in
the austenitic phase field. The fusion zone is predominantly in tensile stress field as all
the three components – longitudinal, transverse and normal are tensile in most part of it.
Also, the von-Mises stress and isotropic hardening (local yield strength) of the material
have same magnitude and this is much higher than the yield strength of the austenite
(Fig. 4.6). This implies that the austenite had undergone and continued to undergo
plastic deformation and therefore, strain-hardening. At the mid-thickness level, all the
three components – longitudinal, transverse and normal are tensile in nature. This
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means that the austenite was not only deforming, it was doing so under tensile triaxial
state of stress. Fortunately austenite has sufficient ductility to prevent any structural
discontinuity under the tensile triaxial state of stress. This profile is vastly different from
the final or residual stress profile (Fig. 7.6). The difference between the state of stresses
shown in Fig. 7.6 and Fig. 7.10 also shows the effect of the martensitic transformation
on evolution of stress.

Austenite
Phase Fraction

1
0

0

Fig. 7.10: Through thickness stress profile along weld centreline at the mid-length
cross-section of the welded plate at 4.09 s. Three-dimensional austenite phasefields at this time is also inserted. Plastic deformation of austenite and tri-axial
stress in the mid-thickness region is evident.

Cross-weld stress profile at 1.5 mm below the top surface of the welded plate at 4.09 s
is presented in Fig. 7.11. This profile also confirmed that the austenitic phase field had
undergone plastic deformation. However, it is worth noticing the difference between the
stress profiles at 4.09 s presented in Fig. 7.11 and the final or residual stress field at the
same location presented in Fig. 7.3. The residual stress profile (Fig. 7.3) showed that
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the residual stresses died down beyond 5 mm. This may give a false impression that
during the laser welding process only 5 mm on the either side was subjected to
significant levels of stress. However, the stress profile in Fig. 7.11 revealed that the
region affected by significant stress level was much wider and it was as wide as 10 mm
on the either side of the weld joint. Thus it can be inferred that the computed temporal
stress profiles, which cannot be measured, reveal much more than that revealed by the
residual stress profile which can be computed as well as measured.

Fig. 7.11: Cross-weld stress profile at 1.5 mm below the top surface of the welded
plate at 4.09 s. Plastic deformation of austenite is evident.
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7.4 Conclusions
Temporal and spatial evolution of temperature, metallurgical phase and stress field
resulting from laser welding of 9 mm thick 9Cr-1Mo(V, Nb) steel at 8 kW laser power
and 1.5 m/min (25 mm/s) welding speed were computed using finite element based
simulation and solution package SYSWELD. Following conclusions can be drawn from
this computational study.
(i)

Computed fusion zone and HAZ profiles show reasonably good agreement
with the actual weld joint cross-section.

(ii)

The temporal evolution of the thermal field shows that the material stays in
the HAZ temperature zone (Ac1 to Tm) for very short time (less than 0.5 s)
and the fusion zone and the HAZ cools to Ms temperature at an average
cooling rate exceeding 100oC/s. Therefore, there is no coarsening of the
austenite grains in the HAZ and all the austenite gets transformed into
martensite while cooling.

(iii)

Spatial variation of the three components of the residual stress shows that the
longitudinal and the normal components are significant while the transverse
component is the least significant. Cross-weld profiles of the longitudinal and
the normal components of the residual stress show trough in the fusion zone
and the HAZ and a peak in the parent metal bordering the HAZ. The peak
value of the longitudinal component is 20% higher than the local yield
strength and that of the von-Mises equivalent is equal to the local yield
strength. The cross-weld profiles of the residual stress also show mild plastic
deformation leading to work-hardening of the parent metal adjacent to the
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metallurgical HAZ. The computed residual stress profiles show reasonably
good agreement with that measured by neutron diffraction.
(iv)

Through thickness profile of longitudinal, transverse and normal components
of the residual stress show that the region below mid-thickness is in the state
of compressive stress than that above. This can be attributed to martensitic
transformation commencing first in the bottom side of the plate.

(v)

Temporal evolution of the stress-field clearly delineates the effect of different
factors contributing to the evolution of the stress-field in the material.
Martensitic transformation brings in compressive effect in the longitudinal
component of stress by more than 300 MPa and it has compressive effect of
varying magnitude on all the three components of the stress. Temporal
evolution of the stress field also shows that the austenitic phase-field
undergoes significant plastic deformation and therefore, work hardening prior
to its transformation into martensite. Besides, the stress-field at an
intermediate time step shows that the region affected by the stress due to
welding process is much wider (~ 10 - 12 mm on the either side of the joint)
than that suggested by the final or residual stress-field (~ 5 mm on either side
of the joint).
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Chapter 8: Summary and Conclusions
Ferritic martensitic steels (FMS) are structural and functional material for ultrasupercritical power plants and next generation nuclear reactors. 9Cr-1Mo(V, Nb) FMS is
a prominent member of this family of the ferritic/martensitic steels. This material is
joined by different conventional arc welding processes. However, process complexities,
high heat input and resultant wider fusion zone, heat affected zone, residual stress
affected zone and higher joint distortions limit application of the conventional arc
welding processes for fabrication of high end components like Test Blanket Module
(TBM) for the International Thermonuclear Experimental Reactor (ITER). To overcome
these limitations, laser welding and electron beam welding of these steels has evinced
considerable interest. However, reported literature on laser welding of 9Cr-1Mo(V, Nb)
FMS in terms of microstructure and residual stresses is rather limited.
Detailed experimental and computational study of laser welding of 9Cr-1Mo(V, Nb) FMS
was done in this work. Laser welding experiments were performed using a high power
(up to 10 kW) continuous wave CO2 laser. Laser welding parameters were optimized
based on the weld beads produced over a range of parameters (laser power: 2 – 8 kW
and welding speed: 0.5 – 5.0 m/min) and square butt joints between 9 mm thick plates
of 9Cr-1Mo(V, Nb) FMS were made. Residual stress measurements in the laser welded
9 mm thick plates of 9Cr-1Mo(V, Nb) FMS were performed by neutron diffraction at
Institut Laue-Langevin (ILL), Grenoble, France. In addition, modelling and simulation
studies of laser welding was performed, using a finite element based welding and heat
treatment simulation solution software – SYSWELD, for computation of temporal
evolution and spatial distribution of temperature and stresses.
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Some hitherto

unexplored attributes of the physical metallurgy of 9Cr-1Mo(V, Nb) FMS, required for
understanding the evolution of microstructure and residual stresses during welding of
this steel, were also studied. The present study has revealed some interesting results
regarding phase transformation behaviour and mechanical behaviour of this steel during
welding. Besides, the HAZ as well as the fusion zone in the laser welded joints in this
steel, present some interesting microstructural features generally not observed /
reported in the arc welded joints in this steel. The results are summarized in this
chapter.
8.1 Austenitization Temperature and Transformation of Austenite while Cooling
This steel is highly hardenable because of high alloying content and therefore, when
cooled from austenitic phase-field, it transforms completely into martensite even at very
low cooling rates ~ 5oC/min [1 - 2]. High hardenability is beneficial in obtaining uniform
martensitic microstructure even in relatively thick sections, by cooling in still air from its
standard normalizing temperatures in the range of 1040 – 1080oC. However, this
material does not experience its standard normalizing temperature in the HAZ during
welding. Different regions of the HAZ experience different austenitization temperatures
between Ac1 (~820oC) to melting temperature for very short duration. The
austenitization temperature and time combination determines the extent of dissolution of
the carbide / carbonitride precipitates and therefore, affects chemistry and hardenability
of the resulting austenite in the HAZ. This can affect transformation behaviour and
transformation products of the austenite in the different part of the HAZ. Therefore,
study of the effects of the austenitization temperature on transformation behaviour of
austenite in 9Cr-1Mo(V, Nb) FMS is essential to understand the microstructural
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evolution in the HAZ. Though, physical metallurgy and cross-weld microstructure of this
steel are well characterized and reported in the literature [2, 3], effect of austenitization
temperature on phase-transformation behaviour of austenite in the HAZ region has not
been given due consideration.
Therefore, dilatometry was performed to study the effect of austenitization temperature
on the phase-transformation behaviour of the austenite in this steel. The austenitization
temperatures were varied in the range of 850oC – 1150oC and soaking was not done at
the austenitization temperatures to simulate the condition prevalent in the HAZ.
It was observed that the austenitization temperatures of 950 oC and above resulted in
martensitic transformation of the austenite while cooling below the Ms temperature
(~375oC) (Figs. 4.5(b - d), Chapter 4). However, austenitization temperature of 850oC
resulted in diffusional transformation of austenite during cooling at much higher
temperature (780 – 720oC) (Figs. 4.5(a), Chapter 4) than its Ms temperature (~375oC).
This implies that austenitization temperatures above 950 oC leads to dissolution of
sufficient

carbides

and

thus

ensures

sufficient

hardenability

for

martensitic

transformation of austenite during cooling. On the other hand austenitization
temperature of 850oC is insufficient to ensure dissolution of carbide precipitates and this
leads to significant deterioration in the hardenability of the austenite. As a result the
austenite transforms into diffusional ferrite. The computed phase-diagram of 9Cr1Mo(V, Nb) FMS by Igarshi et al. [4] shows that solvus temperature of M23C6 carbide
precipitates is ~900oC and that of MX type carbonitride precipitates is ~1180oC.
Therefore, it was expected that the carbide / carbonitride precipitates were not to
dissolve at austenitization temperatures below 900oC.
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Phase transformation behaviour of austenite in the HAZ region has significant influence
on the final microstructure, residual stresses and performance of the weld joint in
service [2, 5 - 7]. The HAZ adjacent to the fusion line experiences higher austenitization
temperatures, while those near the parent metal experience lower austenitization
temperatures. In addition, the material in the HAZ experiences the austenitization
temperatures for very short duration; typically less than 500 ms in case of laser welding
(computed result, Fig. 7.2, Chapter 7), due to high cooling rates associated with welding
process. The combined effect of lower austenitization temperature and duration leads to
insufficient carbide dissolution, mainly in the HAZ adjacent to the parent metal.
Insufficient carbide dissolution leads to formation of austenite, which is lean in solute
content and therefore exhibits lower hardenability than that indicated by nominal
composition of the steel.
The austenitization temperature of 850oC corresponds to the intercritical region of the
HAZ. Softening in the intercritical HAZ (ICHAZ) has been long suggested as a potential
contributor to the creep damage localization in this region, leading to failure by Type –
IV cracking [8, 9]. So far the intercritical softening has been attributed to the overtempering of the tempered-martensite in ICHAZ [8, 9]. However, the present study
suggests that in addition to the over-tempering of the tempered-martensite in the HAZ
region, it is the diffusional transformation of the austenite (formed at lower
austenitization temperatures) in the ICHAZ and the FGHAZ, which contributes to the
intercritical softening. The diffusional transformation product of austenite (ferrite) is
inherently soft and has very low dislocation density than the diffusionless transformation
products (bainite and martensite). Therefore, lower austenitization temperature in the
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FGHAZ / ICHAZ leading to diffusional transformation can be a possible explanation for
lower creep strength and failure by Type-IV cracking of the welded joints in this material.
8.2 Phase-dependent Tensile Behaviour of 9Cr-1Mo(V, Nb) FMS
In 9Cr-1Mo(V, Nb) FMS, the martensite (as-transformed or tempered) transforms into
austenite while heating at much higher temperatures (Ac1 ~820oC) and the austenite
transforms into martensite at much lower temperatures (Ms ~375oC). This leads to
hysteresis in the phase-field in the ferritic/martensitic steels. The three phases – astransformed martensite, tempered martensite and supercooled austenite can be present
at a given temperature during welding in different regions. These three phases are
expected to show entirely different tensile behaviour owing to the differences in their
crystal structure as well as microstructure. Quantitative knowledge of the tensile
behaviour of the three phases at different temperatures is essential for accurate
computation of the residual stress by modelling and simulation of welding of this steel.
However, there is no published literature on the phase-dependent tensile behaviour of
this steel at different temperatures. An attempt was made to address this gap by
conducting tensile test of the three phases – as-transformed martensite, tempered
martensite and supercooled austenite, of this steel at different temperatures in the
range of RT to 800oC. These tests provided valuable phase-dependent tensile
properties of this steel. These results are discussed in Chapter 4 in detail. Phasedependence in the tensile properties of this steel can be appreciated by comparing the
yield strength, uniform elongation and ultimate tensile strength (true stress) of the three
phases of this steel at a common test temperature of 400oC. These values are
presented in Table 8.1.
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Table 8.1: Tensile properties of the three phases – as-transformed martensite,
tempered martensite (Parent Metal) and supercooled austenite at 400oC.
As-transformed

Tempered Martensite

Supercooled

Martensite

(Parent Metal)

Austenite

1080

478

150

Tensile 1600

650

760

6.8

50

Yield Strength (MPa)
Ultimate

Strength (true stress)
(MPa)
Uniform Elongation (%)

10.5

At 400oC, the steel showed significantly higher strength and lower elongation in
martensitic (as-transformed as well as tempered) condition than that in supercooled
austenitic condition. This information is vital for modelling and simulation of welding of
this steel for accurate computation of the stress and deformation fields and also for the
correct interpretation of the resulting residual stress field and the microstructure. These
results were used in modelling and simulation of laser welding of 9Cr-1Mo(V, Nb)
performed as part of the present work.
Supercooled austenitic phase of this steel showed inverse correlation with temperature.
Uniform elongation of the supercooled austenite decreased from 50% at 400 oC to 17%
at 800oC (Fig. 4.8, Chapter 4). Partial recrystallization was observed in the
microstructure of the fracture tensile samples tested in the supercooled austenitic
condition (Figs. 4.10(a) and 4.11(a), Chapter 4). Partial recrystallization of the
supecooled austenite resulted in a mechanically heterogeneous mix of soft
recrystallized grains and work hardened grains. This heterogeneity led to necking. At
higher temperature, recrystallization commences at lower deformation than that at lower
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temperature. This explains the observed inverse correlation of uniform elongation of
supercooled austenite with temperature in 9Cr-1Mo(V, Nb) FMS.
8.3 Joining Efficiency and Welding Speed
Joining efficiency (mm2/kJ) gives the area of the parting surface which is fused with one
kJ of the energy supplied by the heat source. Higher joining efficiency therefore, implies
minimal undesired thermal effects like HAZ, residual stresses and joint distortion. Owing
to high power density, beam (Laser and Electron) welding processes are associated
with one order higher joining efficiency (~ 15 – 25 mm2/kJ) as compared to arc welding
processes (~ 1 – 3 mm2/kJ) [10]. Joining efficiency in case of laser welding depends on
the factors like quality of the laser beam, laser power, welding speed and mode
(conduction / keyhole) of welding.
Effect of welding speed on joining efficiency during laser welding of 9Cr-1Mo(V, Nb)
FMS was studied as a part of the present work. For this purpose a large number (22) of
weld beads were produced on 30 mm thick plates, for a range of laser power (2 – 8 kW)
and welding speed (0.5 – 5.0 m/min) combinations. Joining efficiency increased from ~
15 mm2/kJ at the welding speed of 0.5 m/min to ~ 55 mm 2/kJ at the welding speed of
5.0 m/min (Fig. 5.1, Chapter 5). Similar values for joining efficiency have been reported
by Suder et al. [11] while performing laser welding at 4 kW and 7 kW laser power using
a high power (8 kW) fiber laser. This shows that joining efficiency in keyhole mode is not
dependent on the type of laser is being used for welding. Besides, the values of the
joining efficiency obtained in the present work and also that reported by Suder et al. [11]
are nearly twice than that reported by Steen et al. [10]. This difference can be attributed
to progressively improved laser beam quality over time.
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The increase in the joining efficiency with welding speed was very much expected as
the increased welding speed reduces the time for lateral spread of the deposited laser
energy into the work piece. Lateral spread of the deposited energy of the laser beam
occurs through two mechanisms. In the weld pool, it is diverging flow of the melt under
surface tension gradient and in the solid it is conduction of the thermal energy under
temperature gradient. High welding speed or short interaction time of the laser beam
with the substrate shortens solidification time of the melt, which in turn minimizes lateral
spread of the thermal energy by melt pool convection.
It was interesting to note that significant part of the gain in the joining efficiency (15
mm2/kJ – 45 mm2/kJ) was accrued with relatively smaller increase in the welding speed
from 0.5 m/min to 2.0 m/min and increasing the welding speed beyond that led to only
marginal increase in the joining efficiency (Fig. 5.1, Chapter 5). At the same time, depth
of penetration decreased significantly with increasing welding speed at a given laser
power. Therefore, the welding speed of 2.0 m/min can be treated as a trade-off between
joining efficiency and depth of penetration.
8.4 Cross-weld Microstructure, Microhardness and Tensile Properties of Laser
Welded Joints in 9Cr-1Mo(V, Nb) FMS
Welding is known to produce a graded variation in the microstructure across the welded
joints in 9Cr-1Mo(V, Nb) steel. Under influence of the heat supplied for welding, this
steel undergoes different phase-transformations and other metallurgical changes. The
extent of microstructural variations in the fusion zone and the HAZ depends on the
magnitude of the thermal energy and the number of passes used. In conventional arc
welding processes multiple passes are used, leading to formation of a heterogeneous
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microstructure within the fusion zone itself and a wide and a graded HAZ. The resulting
cross-weld variation in the microstructure also induces variation in the hardness across
the weld joint and therefore, tensile strength and in-service performance of the weld
joint. These aspects has been reported and discussed at length in the literature [3, 12]
for arc welded joints in this steel. However, the literature covering these aspects of laser
welded joints are rather limited [13]. Microstructural characterization, microhardness
measurements and tensile property evaluation of the laser welded joints in 9Cr-1Mo(V,
Nb) FMS were performed as a part of the present work.
Laser welded joints at 8 kW laser power and 1.5 m/min welding speed showed a deep
(9 mm) and narrow fusion zone (~ 1.1 mm) and HAZ (0.5 mm on the either side of the
fusion zone) and those welded at same power (8 kW) but slower speed (0.75 m/min),
which showed slightly wider fusion zone (~ 1.8 mm) and HAZ (~ 1.5 mm on the either
side of the fusion zone) (Figs. 5.3a and 5.3b, Chapter 5). Wider fusion zone and HAZ in
case of slower welding speed is on account of larger heat input.
Microstructure of the fusion zone, in as-welded condition, comprised of as-transformed
martensite within columnar prior austenite grains (Fig. 5.4e, Chapter 5). In addition to
the lath martensite, twinned martensite was also observed (Figs. 5.4g and 5.4h,
Chapter 5). The microstructure was fully homogeneous and no δ-ferrite or carbide /
carbonitride precipitates were observed. Microstructure of the HAZ consisted of astransformed martensite within prior austenite grains of progressively smaller sizes from
the fusion line towards the parent metal side (Fig. 5.4a, Chapter 5). However, there was
no appreciable coarsening of the prior austenite grains in the HAZ. Incomplete
dissolution of the carbide precipitates and bainitic transformation product of austenite
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was also observed in the HAZ (Figs. 5.4c and 5.4d, Chapter 5). Post weld heat
treatment of the weld joints at 770oC led to tempering of the fusion zone and the HAZ by
rearrangement of the dislocations and precipitation of the carbide and carbonitride
precipitates (Figs. 5.5b and 5.5d, Chapter 5).
Cross-weld microhardness profile, in as-welded condition, showed significant hardening
in the fusion zone and the HAZ. The fusion zone showed hardness in 450 – 500 HVN
range, which is nearly twice of that of the parent metal (~230 – 240 HVN) (Fig. 5.6,
Chapter 5). Variation in the hardness was very steep through the narrow HAZ. This
hardening is on account of the martensitic transformation and is not acceptable for end
use. Therefore, welded joints in this steel are invariably tempered. Postweld tempering
(770oC for 30 min) led to significant softening in the fusion zone and the HAZ, however,
no inter-critical softening was observed. After tempering, hardness of the HAZ became
comparable to that of the parent metal, however that of the FZ remained slightly higher
(~ 260 – 280 HVN) (Fig. 5.6, Chapter 5).
Cross-weld tensile tests in as-welded condition yielded yield strength of 550 MPa and
UTS of 720 MPa, which is nearly same as that of the parent metal (Fig. 5.7, Chapter 5).
This is because the joints failed in the parent metal (Fig. 5.8, Chapter 5). In post weld
heat treated condition, the strength values decreased marginally (yield strength: 500
MPa and UTS: 680 MPa). Here again the joints failed in the parent metal only during
cross-weld tensile test. This shows that the weld joints were sound and stronger than
the parent metal. Elongation of the as-welded joint (18%) was only marginally lower
than that of the parent metal (21%) and this loss was nearly completely recovered by
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post weld tempering of the weld joints. These results are in agreement with that
reported in the literature for laser welded joints in 6 mm thick plates of P91 steel [14].
Fully homogenous martensitic structure of the fusion zone of the laser welded joints in
as-welded condition is because of single pass. This differs from the heterogeneous
microstructure comprising of as-transformed martensite, re-austenitized and retransformed martensite and zones tempered to varying extent and resulting carbide /
carbonitride precipitates; produced as a result of multiple passes in case of arc welded
joints [12]. Presence of twinned martensite in the fusion zone microstructure can be
explained by mechanical stabilization of the austenite, due to work hardening while
cooling under constraint to the transformation temperature, leading to suppression of
martensitic transformation temperature [14].
In the heat affected zone, during heating, as the tempered martensite is heated above
Ac1 temperature, ferrite transforms into martensite by nucleation and growth
mechanism. The extent of the nucleation and growth depends on the superheat and the
residence time above Ac1 temperature. Because, these parameters vary across the
HAZ therefore, austenite grains of progressively varying sizes are formed. This explains
presence of the prior austenite grains of varying sizes in the HAZ (Fig. 5.4a, Chapter 5).
In case of arc welding, due to slower heating and cooling the HAZ experiences greater
residence time above Ac1 temperature and therefore, coarsening of austenite grains
takes place near the fusion line, which reflects as coarse grained HAZ (CGHAZ) [12].
However, in case of laser welding, due to rapid heating and cooling the HAZ
experiences very short residence time above Ac1 temperature and therefore,
coarsening of austenite grains does not take place even near the fusion line. This
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explains absence of CGHAZ in laser welded joints in 9Cr-1Mo(V, Nb) FMS (Fig. 5.4a,
Chapter 5). Rapid heating and cooling in the HAZ, also results in insufficient time for
complete dissolution of the carbide particles. This produces relatively lean austenite
with lower hardenability that sometimes transforms into bainite. This explains presence
of some bainitic transformation products in the HAZ (Fig. 5.4d, Chapter 5).
Inter-critical softening is invariably present in the arc welded joints in this steel due to
over tempering and this is responsible for premature failure of the welded joints by
Type-IV cracking. However, inter-critical softening was absent in laser welded joints.
Absence of the inter-critical softening again shows that due to low heat input and
therefore, rapid heating and cooling during laser welding, the inter-critical HAZ did not
undergo any over tempering. This is one of the reasons why laser and EB welded joints
are reported to have better creep performance than the arc welded joints in this steel
[15].
8.5 Residual Stresses in Laser Welded 9Cr-1Mo(V, Nb) FMS by Neutron Diffraction
Residual stresses are invariably associated with welded joints because of localized
thermal dilation of material and in certain alloys, like 9Cr-1Mo(V, Nb) FMS, also
because of solid state phase transformations. Residual stresses have a significant
bearing on in-service performance of welded components and therefore, accurate and
reliable measurement of the same is necessary. Among the various experimental
methods available for residual stress measurements, neutron diffraction is a versatile
non-invasive method for measuring stresses present in a small volume of the element of
interest within a thick weld joint. In the present work, neutron diffraction was performed
for measurement of residual stresses in two plates of 9 mm thick 9Cr-1Mo(V, Nb) FMS,
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laser welded at 8 kW power and different welding speeds – 1.5 m/min and 0.75 m/min.
Three orthogonal components (longitudinal, transverse and normal) of the residual
stresses were measured at different points across the weld joint as well as through the
thickness of the plate.
These measurements showed that the region affected by the residual stresses is
significantly wider (~ 5 mm on the either side of the weld centreline) than the
metallurgical HAZ (Fig. 6.4, Chapter 6). The longitudinal component of the residual
stress was most significant followed by the normal component and the transverse
component was least significant. The longitudinal component and the normal
components of the residual stress showed similar cross-weld profiles with a trough in
the fusion zone and a peak on the either side of it, in the parent metal adjoining the
HAZ. The width of the compressive/low tensile trough and therefore distance between
the tensile peaks on the either side of the weld joint was more for the weld joint
produced at the same laser power and lower welding speed (Fig. 6.9, Chapter 6). There
was no significant variation in the residual stresses along thickness of the plate, except
in the fusion zone, which was in relatively compressive state of stress below midthickness plane than that above (Figs. 6.7 and 6.8, Chapter 6). The neutron diffraction
peaks obtained from the fusion zone and the HAZ were significantly wider (FWHM ~
0.9o – 1.4o) than that obtained from the parent metal (FWHM ~ 0.5 o) (Figs. 6.1 and 6.2,
Chapter 6). Besides, the neutron diffraction peak width exhibited a systematic variation
across the weld joint and showed one to one correlation with the regions which have
undergone martensitic transformation during laser welding (Fig. 6.2, Chapter 6).
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The compressive/low tensile residual stresses in the fusion zone and high tensile
residual stress peaks on the either side of it, is a direct consequence of the martensitic
transformation of austenite during cool down of the weld joint. In the materials, where no
martensitic transformation is present, localized contraction of the weld joint produces
high tensile stresses in the fusion zone and the HAZ and a balancing compressive
stress of low magnitude spread over a much wider region in the parent metal. However,
in case of 9Cr-1Mo(V, Nb) FMS the material in the fusion zone and the HAZ, transforms
from austenite to martensite during cool down of the weld joint. This phase
transformation is associated with volumetric expansion and this expansion is
constrained. Also the product phase (martensite) is much stronger than the parent
phase (austenite). Therefore, this phase transformation brings in significant amount of
compressive stresses in the fusion zone and the HAZ, which nearly nullifies the tensile
stresses resulting from localized thermal contraction. The parent metal just outside the
HAZ, however, experiences only thermal contraction and no volumetric expansion and
therefore, tensile stresses develop in this zone. In addition this region also experiences
tensile reaction of the compressive stresses brought in the fusion zone and the HAZ by
the martensitic transformation. Therefore, tensile residual stress peaks are present in
the parent metal just outside the HAZ.
The bainitic and the martensitic transformations in the fusion zone and HAZ are known
to introduce compressive effect on the residual stress [6, 7, 16 - 19], this has not been
quantified in case of laser welded joints in 9Cr-1Mo(V, Nb) FMS. All the reported work
on the residual stress measurements in weld joints in 9Cr-1Mo(V, Nb) FMS or other
bainitic/martensitic steel were concerned with the arc welded joints [6, 7, 16, 19]. In
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case of arc welding multiple passes are involved and the succeeding passes altered the
stress/residual stress field produced by the preceding passes. This made it difficult to
deduce the effect of the martensitic transformation on the residual stresses from those
measurements. Electron beam welding can be considered to introduce similar kind of
residual stresses in this material as that introduced by laser welding. Kundu et al. [17,
18] in their recent work on residual stress measurements in electron beam welded 9Cr1Mo(V, Nb) FMS have also reported similar cross-weld residual stress profiles as that
obtained in the present work on laser welded joints.
Another interesting observation concerned relative significance of the three orthogonal
components (longitudinal, normal and transverse) of the residual stress. In the arc
welded joints, the longitudinal component of the residual stress remains most significant
and the other two components – normal and transverse are comparable and not so
significant [16]. However, in the present work, it was observed that there was a clear
order among the three components of the residual stress: longitudinal > normal >
transverse (Fig. 6.4, Chapter 6). This order of the three components of the residual
stress also shows similarity with the physical dimensions of the region, which
experienced martensitic transformation during welding, along these directions. Since,
martensitic transformation has a lasting impact on the residual stresses in the laser
welded joints in this steel, it can be concluded that the high thickness to width aspect
ratio of the weld joint is responsible for inducing this order among the three components
of the residual stress.
Through thickness variation in the residual stresses was not significant except in the
fusion zone. The fusion zone showed relatively compressive state of stresses below
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mid-thickness than that above. This is markedly different from that observed in case of
multipass arc welded joints in this steel. Paddea et al. [16] have reported tensile
stresses in the root side and below the mid-thickness and compressive stresses on the
top surface side. This is because, the compressive stress resulting from martensitic
transformation is preserved in case of the closing passes forming the top surface, while
the preceding weld deposit gets the tensile reaction and also tensile stresses due to
localized contraction. This is not so in the case of laser welded joints as there is only
one pass and the entire fusion zone solidifies and undergoes martensitic transformation
almost simultaneously. Thus balancing of the residual stresses in case of laser welding
is predominantly across the joint; while it is across as well as through the thickness of
the joint, in case of arc welding.
Significantly wider neutron diffraction peaks obtained from the fusion zone (FWHM ~
0.9o – 1.4o) and the HAZ than those from the parent metal (~0.5o) are on account of
higher micro-stresses present in those regions (Figs.6.1 and 6.2, Chapter 6). These
micro-stresses arise from martensitic transformation. As the diffraction peak width
showed one to one correlation with martensitic transformation, it can be used as a
marker for the measurement location, during neutron diffraction. This is very important
while measuring residual stresses in laser and electron beam welded joints using
neutron diffraction. This is because, the length scales of the fusion zone and the HAZ
are very small and it is quite tedious to ensure that the diffraction measurements are
indeed being made from the intended locations.

264

8.6 Modelling and Simulation of Laser Welding in 9Cr-1Mo(V, Nb) FMS
Modelling and simulation provides better insight into a process. This is because
experimental observation of many changes of interest is either difficult or not possible
during the actual process, but the same can be computed by modelling and simulation
of the process. For example the final or residual stress resulting from welding can be
experimentally measured, but its evolution during welding cannot be measured.
Modelling and simulation of a process also allows better visualization of a process,
particularly, when the process is fast. Therefore, modelling and simulation of laser
welding was carried out for better visualization and deeper insight of the thermometallurgical and thermo-mechanical changes taking place during laser welding of 9Cr1Mo(V, Nb) FMS at 8 kW laser power and 1.5 m/min welding speed.
The computed and the experimentally observed profiles of the fusion zone and HAZ
(Fig. 7.1, Chapter 7) showed reasonably good agreement. This suggests that the heat
source model used in these computations was a good representation of the actual heat
source and therefore, the computed results could be relied upon. Temporal evolution of
temperature in the fusion zone showed almost instant heating and melting and then
rapid cooling of the melt. The peak temperatures at increasing distance from the weld
centreline showed an asymptotically falling trend (Fig. 7.2, Chapter 7). The computed
results showed very small residence time above Ac1 temperature (~0.5 s) for the
material in the HAZ and still smaller time (~200 ms) in the inter-critical temperature
range.
Almost instant heating and melting is because of very high rate of energy input resulting
from the high power density (4 MW/cm2) and welding speed (1.5 m/min). Rapid cooling
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of the melt is on account of much lower energy input, which is sucked out by nearly
infinite heat sink, the plates being welded. However, cooling rate of the melt is relatively
lower than the heating rate. This is because heating rate is governed by the rate of
energy input, which is process controlled (power density and welding speed) while the
cooling rate is governed by the property of the material (thermal diffusivity). This also
explains why heating rates in the HAZ and the parent metal are much lower than those
in the fusion zone, as it is diffusion of the heat within the material which causes heating
of these zones and not the direct supply of energy from the laser beam, which heats up
and melts the material in the fusion zone. Heating of the HAZ and the parent metal is
because of the heat flowing outward from the fusion zone and this explains the
asymptotically falling peak temperatures with increasing distance from the fusion line.
Rapid solidification of the melt resulted in the formation of columnar grains in the fusion
zone. The columnar grains originated at the fusion line and grew nearly perpendicular
right up to the weld centreline. Short residence time (~ 500 ms) of the material above
Ac1 temperature in HAZ explains incomplete dissolution of the carbide / carbonitride in
this zone. This also explains why coarsening of the prior austenite grains was not
appreciable in the HAZ and why CGHAZ was not observed. This is because of
insufficient time for dissolution of the carbides and for growth of the austenite grains
formed by transformation of ferrite grains while heating above Ac 1. Short residence time
(~ 200 ms) of the material in the inter-critical temperature range explains absence any
softening of the material in the inter-critical zone in the cross-weld microhardness profile
presented and discussed in Chapter 5 (Section 5.5).
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The computed residual stress profile across the weld joint (Fig. 7.3, Chapter 7) showed
low tensile / compressive trough in the fusion zone and a high tensile peak in the parent
metal, much like that observed by neutron diffraction measurements. The location of the
high tensile peak was at 2 mm from the weld centreline in the cross-weld residual stress
profiles obtained by computation. This result also agrees well with that obtained from
the neutron diffraction measurements (Fig. 7.5, Chapter 7). The order of significance of
the three orthogonal components of the residual stress was also the same – longitudinal
> normal > transverse; in computed as well as measured results. Though there was
difference in terms of the magnitude of the tensile peaks. The computed peak values
are considerably higher than that obtained by neutron diffraction measurements.
Reasonably good agreement between the computed and the measured residual stress
profiles in terms of nature of the profile, location of the high tensile peaks and the
relative significance of the three orthogonal components (longitudinal, normal and
transverse) of the residual stress certifies the modelling and simulation work. The
differences in the computed and the experimentally measured residual stresses were in
terms of the magnitude of the tensile peak. This can be explained by the fact that gauge
volume in case of neutron diffraction measurements was 0.8 x 0.8 x 2mm3 and this is
too large to capture the stress gradient present across the weld joint, considering the
length scales of the fusion zone (~ 1.2 mm) and HAZ (~ 0.5 mm). On the other hand
sufficiently fine elements (~ 0.1 x 0.1 x 0.25 mm3 to 0.3 x 0.4 x 0.5 mm3) could be
employed in modelling and simulation work near the weld centreline to capture the high
stress gradient resulting from laser welding of 9Cr-1Mo(V, Nb) FMS. Therefore, it can
be inferred that the residual stress values measured by neutron diffraction presents an
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average value over a much larger region and therefore, expected to be lower than the
actual value due to steep stress gradient present within the volume.
Computation of the temporal evolution of the stress-field revealed the effect of different
events associated with laser welding of 9Cr-1Mo(V, Nb) FMS – rapid heating of the
material during approach of the laser beam to the point of interest, softening and
melting by the laser beam, post solidification contraction, solid state transformation of
austenite into martensite and subsequent thermal contraction of the martensite; on
evolution of the stress-field resulting from laser welding (Fig. 7.8, Chapter 7). Most
striking is the effect of the solid state transformation of austenite into martensite which
contributed ~300 MPa compressive stresses in the longitudinal component of the
residual stress. Another very important result was the state of stresses in the austenitic
phase field of the 9Cr-1Mo(V, Nb) FMS in the fusion zone. In the mid-thickness region
the austenite was under triaxial tensile stresses (Fig 7.9, Chapter 7). von-Mises
equivalent of the stresses in the austenitic phase-field in the fusion zone, prior to its
transformation into martensite, was ~ 200 MPa. This value is ~ 33% higher than the
yield stress of the austenite in this steel (Chapter 4) and this shows that austenite had
undergone plastic deformation and therefore, work hardening prior to its transformation
into martensite. It was also, observed that the stress affected zone during laser welding
was much wider (~ 10 – 12 mm) than that indicated by the final or the residual stress
profile (~ 5 mm) on the either side of the weld centreline (Figs. 7.4 and 7.10, Chapter 7).
It is worth mentioning that there is hardly any experimental technique which can extract
this information considering the high speed of the laser welding process and therefore
rapid nature of the associated changes. Also, there is hardly any literature quantifying
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the effect of martensitic transformation on the residual stresses or reporting the nature
and the quantum of the stresses in the austenite phase-field prior to its transformation
into martensite. All these interesting results were obtained in the present work. While it
is not possible to obtain a direct proof of plastic deformation and work hardening of the
austenitic phase-field prior to its transformation into martensite, indirect evidence is
present in the final microstructure. This steel normally transforms into lath martensite,
because of low carbon content. However, significant fraction of twinned martensite was
present in the fusion zone. This implies that the martensitic transformation in the fusion
zone had occurred at lower temperatures, than the usual transformation temperatures
for this steel. This is possible only if the austenite was work hardened by plastic
deformation prior to its transformation, as work hardening is known to suppress Ms
temperature of austenite [14]. The stress field in the material during laser welding was
present in a much wider region than that indicated by the final or the residual stresses.
This information can be very useful in implementing suitable clamping during laser
welding of this steel.
From these results it can be concluded that modelling and simulation of laser welding
has provided a deeper insight of the process as well as many results scientific and
engineering importance, which cannot be obtained by the actual experiments. These
studies are important for fabrication of the components of the next generation nuclear
reactors for which 9Cr FMS are the candidate structural material.
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8.7 Suggestion for Further Work
Laser and Electron Beam welding of thick sections of 8-12Cr FMS is of interest, as
these steels are the structural material for the next generation power plants and nuclear
reactors, including the fusion reactor. In the present work an attempt has been made to
study laser welding of 9Cr-1Mo(V, Nb) FMS in terms of microstructure, mechanical
properties and residual stresses by experiment and modelling and simulation. However,
the following points may have to be addressed for comprehensive understanding of the
issues related to laser welding of 8-12Cr FMS/RAFMS, unambiguously. A brief
description of the area of interest for the further studies is enumerated below.
It was realized in the present work that neutron diffraction was not good enough to
capture the steep gradient in the residual stresses present across the laser welded
joints in 9Cr FMS and therefore, further measurements using synchrotron radiation is
suggested for further improvements in the cross-weld residual stress profile. It was also
realized that there was variation in the transformation temperatures and mechanical
properties of the transformation products of austenite across the HAZ, as a result of
variation in the austenitization temperature and this need to be implemented in the
modelling and simulation work for improving the accuracy of the computed residual
stresses. However, sufficient material data was not available to implement this variation.
Sufficient material data should be generated on the mechanical properties of the
transformation products of austenite as a function of austenitization temperature and
this variation should be implemented in the modelling and simulation work. Present
modelling and simulation studies also suggested significant plastic deformation and
work hardening of the austenitic phase prior to its martensitic transformation during cool
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down of the weld joint. This is expected to suppress martensitic transformation
temperatures of the steel and therefore, affect the residual stresses. This effect could
not be implemented in the modelling and simulation during the present work. However,
this material data should be generated and implemented in the modelling and simulation
work for improving the accuracy of the computed residual stresses.
The present study suggests that 9Cr-1Mo(V, Nb) FMS is a good candidate for
ausforming. Therefore, a detailed study of the ausforming behaviour of 9Cr-1Mo(V, Nb)
FMS should be performed to assess the suitability of this process for shaping of this
steel into different forms including U-shape for fabrication of the FW (First Wall) of the
TBM (Test Blanket Module) for The ITER (International Thermonuclear Experimental
Reactor).
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