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SYNOPSIS
1. Introduction:
Alloy 693 is a newly developed precipitation hardened Ni-base superalloy. It is derived from
the solid solution strengthened Alloy 690 by the addition of Al, Ti and Nb elements (see
Table 1) [1, 2]. Presence of Al and Ti induces the formation of coherent ordered L12 type phase precipitates of Ni3(Al,Ti) stoichiometry in the -matrix (fcc structure). Addition of Al,
Ti and Nb also improves corrosion, sulfidation and oxidation resistance, surface stability and
mechanical strength of the alloy [3]. The alloy finds applications in places, such as,
management of high level nuclear waste [4] and petrochemical processing industry [2]. It is
also a candidate material for high temperature waste and biomass incinerators and for high
temperature fuel cells involved in synthetic gas production (e.g., fuel cells to power
automobiles) and with potential to induce metal dusting [2].

2. Motivation:
Morphology and volume fraction of the hardening phase are important parameters which
govern the strength of a precipitation hardened alloy. Morphology of -precipitates is known
to evolve continuously, from simple spherical to cuboidal and octocuboidal, and to complex
structures, such as dendritic or octodendritic. Such morphological evolution occurs as
anisotropic elastic strain energy starts dominating over the isotropic interfacial energy. Size
of precipitates is another important parameter as the mechanism of strengthening depends
upon it. When the size of

-precipitates is small, dislocations overcome precipitates by

shearing them which requires additional energy to create extra surface during shearing. On
the other hand, when the size of precipitates is large, additional stress is required to make
dislocations expand and bend between particles. These changes, therefore, play important
roles in deciding structural stability of Ni-base superalloys during service. Furthermore,

multi component alloys like Alloy 693 are often designed on the basis of model systems and
other (minor) elements are added to impart desired properties. However, addition of minor
elements makes their overall composition rather complex, which may disturb equilibrium
states of the model system and destabilize otherwise equilibrium phase. For instance,
solubility of Cr in Ni-solid solution is found to decrease with addition of Al and Ti [5-8]. As
mentioned earlier, since Alloy 693 is a modified version of Alloy 690, addition of Al and Ti
in the latter may alter solubility of Cr in the former.

3. Objectives:
Aims of this dissertation are to study:
i) Precipitation behaviour of -precipitates in Alloy 693.
ii) Microstructural stability of Alloy 693 at elevated temperatures.
iii) Room temperature mechanical properties of aged Alloy 693.

4. Experiment and Analysis:
Table 1 gives chemical composition of the alloy studied, which was within the range of
nominal composition (also given in the Table 1) of an Alloy 693. Samples were isothermally
annealed at 800-950°C temperatures for a series of time intervals ranging from 0.5-100h
followed by water quenching. Prior to annealing, all samples were solution treated (ST) at
1100°C for 2.0h followed by water quenching to create same initial microstructure. All
samples subjected to heat treatments were sealed in quartz ampoules filled with high purity
He gas at a pressure of about 150mm of Hg. Phase identification and microstructural
characterization were carried out using X-ray diffraction (XRD), scanning electron
microscope (SEM) and transmission electron microscope (TEM), respectively. Chemical
compositions of phases were determined using energy dispersive spectroscopy (EDS)
analysis employing Oxford spectrometers attached to electron microscopes.

Table 1. Chemical composition (wt.%) of Alloy 690 and Alloy 693[1, 2].
Ni

Cr

Fe

Al

Nb

Mn

Ti

C

S

N

0.05
max.

0.015
max.

-

0.15
max.

0.01
max.

-

0.083±
(1.38x10-4)

0.006±
(6x10-4)

0.015±
(7.5x10-4)

Nominal Composition of Alloy 690
Bal.

27-31

7-11

-

-

0.5
max.

-

Nominal Composition of Alloy 693
Bal.

27-31

2.5-6.0

2.5-4.0

0.5-2.5

1.0
max.

1.0
max.

Composition of Alloy 693 under study
58.42
±2.92

31.26
±1.56

3.98
±0.20

3.94
±0.20

1.53
±0.08

0.20
±0.01

0.34
±0.02

Sample preparation for microstructural characterization was carried out by polishing samples
on different grades of SiC papers (up to 2400 grit size) followed by final surface polishing
using oxide polishing suspension. -precipitates were revealed by electrochemical etching of
polished samples at room temperature using 5V DC voltage and a solution containing 8g
CrO3 and 5ml H2SO4 in 85ml H3PO4 acid. Size of precipitates were measured using the
freeware image analysis software ImageJ [9]. TEM specimens were prepared by thinning
samples up to about 100 m thickness and punching out 3mm discs from thinned foils. 3mm
discs were then electropolished to perforation using DC voltage of about 20V in a dual jet
Tenupol electro-polishing unit using an electrolyte containing 20% perchloric acid (HClO4)
in ethanol (C2H5OH) maintained at about -40°C temperature. Second phase particles mainly
comprised of carbides and -phase particles were electrolytically extracted out of the bulk
samples by selective dissolution of the matrix in an electrolyte solution containing 10% HCl
and 1% tartaric acid in methanol using 15V DC voltage and 1A current at about 5°C
temperature [10]. Microhardness
tester with a load of 1.0kgf for a dwell time of 10s. Reported microhardness values are

averages of 10 independent readings for each measurement. Room temperature tensile
properties were evaluated using round tensile specimens (M 8.0 x 1.25 ) of 4.0mm diameter
and about 20mm gauge length as per ASTM E8 standard [11] in an Instron (Model-1185)
machine, using a constant strain rate of 0.98 x 10-4s-1. Sub-sized V-notch specimens as per
ASTM E23 standard [12] were used for impact energy studies. Reported tensile and impact
properties are averages for two independent tensile and impact tests for each sample
condition. Fractography of the fractured surfaces were carried out using SEM.
Microstructural modifications during deformation were studied in-situ during deformation of
tensile samples inside the SEM using a Kammrath and Weiss microtest stage. In-situ tensile
experiments were carried out using 1.0mm thick flat tensile samples of gauge dimensions
5.0mm x 25mm at a strain rate of 4.0 x 10-4s-1.

5. Results and Discussion:
5.1. Precipitation behaviour of -precipitates in Alloy 693 :
ST-alloy exhibited the presence of fine precipitates (~10nm) of

-phase distributed

homogeneously within matrix (Figure 1), which was in agreement with results reported
earlier by Singh et al. [13] for a similar alloy. These precipitates grew and/or coarsened
during ageing whose temporal evolution at temperatures from 800-950°C for 0.5, 2.0 and
100h is shown in Figure 2.
Average sizes of -precipitates at different temperatures and times are given in Table
2, where as their number density ( ) and volume fractions (f) are given in Table 3. At 800°C,
samples exhibited nearly fixed number density of

-particles but their volume fraction

increased monotonically indicating the particles remained in the growth stage till 100h at this
temperature (see Figure 2(a) 2(c)).This behaviour was also consistent with the increase of
hardness and yield strength (YS) at this temperature presented later. Precipitates remained
spherical during the entire ageing period at this temperature. At higher temperatures,

precipitates grew to larger sizes (Table 2) and tend to change their morphologies to cuboidal
having their facets approximately parallel to {100} planes (Figure 2), which is known for
these particles [14, 15].

Figure 1.(a) Dark field TEM micrograph of ST-sample, showing distribution of fine

-

precipitates; (b) SAED pattern along [001] zone axis, showing characteristic superlattice
reflections of -precipitates at {100} and {110} positions.

At these temperatures number density ( ) of precipitates reduced with ageing as well as
temperature (Table 3), which could be attributed to coarsening of precipitates [16]. Alloy
aged at 875°C exhibited almost constant values of f though the values of

decreased with

time, suggesting of coarsening stage of precipitates at this temperature. Interestingly, samples
aged at 900°C and 950°C temperatures exhibited higher values of f initially which reduced
to stabilize at lower values after certain time (Table 3). Reduction in volume fraction of
precipitates could be attributed to under-saturated state of the -matrix (with respect to
forming solutes) at these temperatures. Due to under-saturated state of the

-

-matrix,

dissolution of -phase precipitates, that were already present in the starting microstructure,
would take place and dissolve till composition of the

-matrix saturates at respective

temperatures. This was confirmed on the basis of variation in lattice parameter of the -matrix
during isothermal annealing at these temperatures and has already been reported [17]. Fixed
volume fraction of precipitates, concomitant with decrease in their number density, after 2.0h
of ageing at 950°C indicated of their coarsening stage. Attempts were also made to delineate
growth and coarsening stages of -precipitates on the basis of change in lattice parameter of
the -phase. However, this data could not be utilized due to the precipitation of an

-phase,

which also decreased lattice parameter of the matrix [18], during periods that overlapped with
coarsening stages of

-precipitates. Precipitation behaviour of the

-phase is discussed in

Section 5.2.
Table 2. Average sizes of -precipitates in aged specimens.
Average size of -precipitates (nm)

Time (h)

800°C

875°C

900°C

950°C

0.5

8.3 ± 2.3

24.1 ± 8.5

27.9 ± 9.2

43.9 ± 10.0

2.0

18.5 ± 6.8

41.5 ± 10.1

47.0 ± 13.5 78.3 ± 17.1

100.0

81.2 ± 21.4 152.9 ± 43.1 203.2 ± 5.6 341.2 ± 4.2

Table 3. Number density (

and volume fraction (f) of -precipitates in aged specimens.

No. density of -precipitates ( -number.nm-2); volume fraction (f)
Time
(h)

800°C

875°C

900°C

950°C

*10-4

f

*10-4

f

*10-4

f

*10-4

f

0.5

6.79

0.52±0.04

2.38

0.49±0.04

1.54

0.43±0.04

0.85

0.32±0.02

2.0

7.02

0.53±0.07

1.57

0.50±0.04

1.21

0.43±0.05

0.30

0.19±0.03

100.0

7.05

0.78±0.04

0.09

0.62±0.09

0.05

0.37±0.05

0.01

0.19±0.03

Figure 2: FEG-SEM micrographs, secondary electron images depict temporal evolution of precipitates during isothermal ageing at temperatures ranging from 800 to 950°C: (a) 0.5h at
800°C; (b) 2.0h at 800°C; (c) 100h at 800°C; (d) 0.5h at 875°C; (e) 2.0h at 875°C; (f) 100h at
875°C; (g) 0.5h at 900°C; (h) 2.0h at 900°C; (i) 100h at 900°C; (j) 0.5h at 950°C; (k) 2.0h at
950°C; (l) 100h at 950°C.

Coarsening of

-precipitates was found to follow a matrix diffusion controlled growth

behavior , r3 = K.t, where r is the average radius of precipitates at ageing time t and K is
constant, in agreement with Lifshitz-Slyozov-Wagner (LSW) theory [19, 20]. During
coarsening, morphology of precipitates appeared to change from spherical to cuboidal and
they tended to align themselves along directions marked by arrows (see Figure 2(f, i, l)),
which are elastically soft <100> directions [14]. This was consistent with other studies on precipitates bearing superalloys [21, 22] and has been associated with the dominance of
interfacial energy over elastic strain energy during later stages of transformation [23].

5.2. Microstructural stability of Alloy 693 at elevated temperatures:
Alloy exhibited a phase separation tendency at higher temperatures to form a Cr-rich -phase
(bcc structure) along with -phase. Volume fraction of this phase appeared to increase with
ageing temperature as well as time. Figure 3(a-c) shows SEM micrographs depicting
evolution of the -phase within ( + )-phase regions during isothermal annealing at 950ºC.
The

-phase initially had a lath morphology but later transformed into a needle shape.

-

precipitates were always enveloped by regions depleted in chromium but enriched with
aluminum with respect to the surrounding matrix (Figure 3d). Aluminum enrichment could
be attributed to its rejection from -forming regions. Chemical composition of -precipitates
was found to be 95Cr-3.1Ni-1.9Fe (in at.%) on the basis of EDS analysis of extracted

-

phase precipitates (shown in Figure 3(e)).
XRD analysis of extracted -phase particles confirmed their body centered cubic (bcc)
crystal structure. TEM analysis of -precipitates was consistent with XRD results. Figure 4(a)
depicts a region of a grain containing - and

-phases within which

-phase precipitates

surrounded by the enveloped phase designated as 'ep-phase' had formed. Figure 4(b) shows
composite SAED pattern taken from - and ep-phases (from encircled region in Figure 4(a)),
and a key to Figure 4(b) is shown in Figure 4(c). Presence of superlattice reflections of -

phase at {100} and {110} positions in SAED suggested that the enveloped region (ep-phase)
contained a mixture of
compositions of the

- and

- and

-

d

- phases were different from those of otherwise mentioned -

and -phases due to the formation of former in chromium depleted regions). However, particles within the enveloped region could not be resolved by dark-field TEM imaging
suggesting of their smaller sizes. Nonetheless, mottled contrast observed within the
enveloped region in the bright-field image (see Figure 4(a)) was consistent with the presence
of fine

-precipitates in it. TEM analysis also established a Kurdjumov-Sachs (KS) type

orientation relationship (i.e., (111)
surrounding matrix [18]. Formation of the

and [

]

] ) between -phase and the

-phase has been explained on the basis of

thermodynamic stability of phases involved [24].

Figure 3. SEM micrographs depicting temporal evolution of needle shape particles in Alloy
aged at 950°C for: (a) 0.5h; (b) 20h; (c) 100h; (d) EDS line scan over the needle particles; (e)
secondary electron image of extracted needle particles; and (f) EDS spectrum from an
extracted particle.

Figure 4. (a) Bright field TEM micrograph of sample aged at 950°C for 100h. Different
phases, namely

p,

and

encircled region containing

are marked in the figure. (b) SAED pattern taken from an
- and ep-phases. This diffraction pattern could indexed as a

superimposed diffraction pattern corresponding to [

] // [

] zone axes of - and -

phases (see key to (b) in (c)). Superlattice reflections of the -phase, at {100} and {110} could
also be noticed.

5.3. Effect of precipitation on mechanical properties of the alloy:
Effect of precipitation behaviour on mechanical properties of the alloy was understood on the
basis of combined studies of hardness values, tensile properties and Charpy energies of
samples tested at room temperature.

5.3.1. Effect of -precipitation:
Precipitation of -precipitates had a pronounced effect on hardness and tensile properties of
the alloy. ST-alloy exhibited hardness value of 253.8±7.4Hv, which was attributed to the
presence of fine -precipitates in the -matrix (Figure 1). Corresponding yield strength and
ductility (measured as total percentage elongation) were about 400MPa and 44%,
respectively.

Figure 5. Variation in hardness with ageing time (0.5-100h) for alloys aged at 800950°Ctemperatures.
Samples aged at 800°C and 850°C exhibited a monotonous increase in hardness and strength
with concomitant decrease in ductility with ageing time (Figures 5 and 6(a)). Impact energies
of aged samples were consistent with decreasing ductility trend with ageing time. The
hardness value tended to reach a plateau during prolonged ageing. This behaviour could be
rationalized on the basis of continuous growth and precipitation of -phase particles observed
at 800°C (Figure 2). Hardness and strength of alloy aged at 875-950°C temperatures first

increased up to 0.5h ageing followed by a monotonous decrease till a plateau is reached
(Figures 5 and 6(b-d)). Initial increase in strength could be correlated with increase in volume
fraction of -particles due to growth of fine -particles present in starting ST-alloy. Beyond
0.5h of ageing, coarsening of

-particles resulted in decrease in hardness/strength of alloy

[25, 26]. Interestingly, alloy did not exhibit concomitant increase in ductility as normally
observed with decrease in strength due to particle coarsening and found to lose its ductility.
This unusual drop in ductility was attributed to the precipitation of

-phase, which

precipitated out during coarsening periods of -precipitates.

Figure 6. Room temperature engineering stress versus engineering strain behaviour of Alloy
693 in solution treated state as well as after ageing for 0.5, 2.0 and 100h at temperatures
ranging from 800°C to 950°C: (a) at 800°C; (b) at 875°C; (c) at 900°C; (d) at 950°C.

5.3.2. Effect of -phase precipitation:
Precipitation of the -phase particles appeared to have reduced ductility of alloy. This was
supported by fractography of fractured surfaces, which revealed the presence of many
particles that had broken (cleaved) during deformation (see marked in Figure 7).

Figure 7. SEM fractograph of fractured surface of room temperature tensile tested sample
aged at 950°C for 100h (broken particles are marked).

EDS analysis of broken particles confirmed them to be Cr-rich. Brittle nature of

-

precipitates was further confirmed by in-situ examination of an aged sample (950°C-100h)
inside SEM during straining. In-situ straining experiment confirmed the development of
cracks within -phase particles within about 3% straining. This was found to be consistent
with the brittle nature of Cr, whose maximum strength at room temperature is reported to be
282MPa with nil ductility [27], which was lower than yield strength of aged alloy.
Appearance of internal cracks due to fracture of -precipitates would limit the ductility and
promote easy fracture.

5.3.3. Mechanisms responsible for strengthening of aged Alloy 693:
Strengthening by ordered particles can be attributed to three mechanisms depending upon
their size and volume fractions: (i) shearing by pairs of weakly coupled dislocations (WCDs);
(ii) shearing by pairs of strongly coupled dislocations (SCDs); and (iii) Orowan looping.
Among these three mechanisms the one with the least critical resolved shear stress (CRSS)
value would be active.
Owing to continuously changing microstructural condition of aged alloy, the active
mechanisms were identified on the basis of comparison of theoretical estimation of the CRSS
for above mentioned mechanisms when the alloy contained the varying volume fraction of
particles of different sizes (considered upto 350nm). Representative plots of theoretically
estimated CRSS values [17] for three competing mechanisms for different volume fractions, f
= 0.2, 0.55 and 0.8 of particles are shown in Figure 8. From Figure 8 (a) it was evident that,
for lower volume fractions of precipitates (i.e., f

WCDs was the main

operative mechanism till particles grew up to an average size of 50nm beyond which the
Orowan bowing would dominate. However, for f > 0.20 (Figure 8(b-d)), shearing by SCDs
would dominate until particles became very large in size at which Orowan bowing would
become active. Size of particles beyond which the Orowan mechanism would become active
was quite sensitive of volume fraction of particles. For f = 0.50 (Figure 8(b)), Orowan
mechanism would dominate only when the size of particles d >250nm, while it would
dominate for d > 350nm if the volume fraction is increased to 0.55 (Figure 8(c)). On the basis
of this analysis, it could be concluded that, when the volume fraction is low, for example, f <
0.20 (Figure 8(a)), WCDs mechanism of shearing of small particles would be directly taken
over by the Orowan looping when particles grew beyond 50nm.

Figure 8. Shows variation in empirically calculated CRSS values as a function of precipitate
size for competing strengthening mechanisms involving shearing by weakly coupled pairs of
dislocations, shearing by strongly coupled pairs of dislocations and Orowan bowing. Figure
shows representative plots for volume fraction: (a) f =0.2; (b) f =0.50; (c)f =0.55and (d) f
=0.8.

Table 4. Empirically identified strengthening mechanisms, to be active in alloys with
different ageing treatments.

Alloy state

Ageing Time (h)

Aged Temperature (°C)

0.5

2.0

100

800

WCD

WCD

SCD

875

WCD

WCD

SCD

900

WCD

WCD

Orowan

950

WCD

Orowan

Orowan

However, when the volume fraction is large (Figure 8(b-d)), shearing by SCDs would
dominate mostly. The minimum size of particles beyond which Orowan looping mechanism
would dominate over shearing by SCD would increase with increase in volume fraction of
particles. Though for very larger volume fraction strengthening would be practically always
governed by SCD mechanism of shearing (Figure 8(d)). On the basis of this analysis, active
mechanisms of hardening in different aged alloys were identified and are listed in Table 4.

5.3.4. Work hardening behaviour of Alloy 693:
In general, strain hardening arises due to obstacles in the path of dislocation motion. These
obstacles can be grain boundaries, subgrain boundaries, dislocation tangles, second phase
particles, etc. Lattice misfit ( ) between matrix and second phase would also indirectly affect
work hardening properties of alloys as stress required for the passage of dislocations across
precipitate/matrix interfaces would depend on it. Hence, overall work hardening in an alloy
with complex microstructure would be a net result of factors mentioned above.
In the present case, work hardening is considered to have occurred mainly due to precipitates. This behaviour was analyzed on the basis of strain hardening exponent (n)
obtained by fitting experimentally observed true stress ( t) true plastic strain ( t) flow curves
to work hardening relationships [28-32], which establish analytical relationship between true
stress ( t) and true strain ( t). Based on the goodness of fit (sum of residual squares-

2

values), flow relationship is chosen, and Ludwik flow relationship [30] gave best fit out of all
relationships. Ludwik relationship is given by:

, where,

0
0

0

is true stress at

t

=

and n are given in Table 5.

ST-alloy containing fine -particles exhibited highest value of n, which was close to values
reported for other Ni-base superalloys hardened by similar sized coherent particles [33].
These particles were characterized by easy shearing by dislocations and provide low
resistance shear bands for subsequent dislocations. High value of n in such cases could thus

be attributed to dislocation-dislocation interactions within these bands. Value of n decreased
in aged alloys. In general, n value decreases as volume fraction (f) increases for a given
particle size (d), and it decreases with decreasing d when f is fixed. However, in the present
work, f and d both changed simultaneously in most of the cases (Tables 2 and 3). Above
arguments are therefore not valid when microstructures changes continuously. For such
cases, Zhang et al. [34] have demonstrated that the inter-particle spacing ( ) relates better to
n as the value of n increases linearly with increase in , irrespective of volume fraction.
Observed values of n in aged samples were thus in conformity with Zhang et al. in most of
the cases. Deviations observed in some cases, as in samples aged for long durations at 900°C
and 950°C, could be attributed to the precipitation of -phase precipitates. Precipitation of precipitates appeared to have reduced value of n. This effect was evident when one compares
hardening behaviour of sample aged at 950°C for 0.5h with that of sample aged at 900°C for
100h. Volume fractions of -precipitates in two samples were nearly similar (Table 3), while
average sizes of particles are about 45nm and 203nm, respectively (Table 2). The observed
values of n for the two cases were 0.77 (950°C-0.5h) and 0.62 (900°C-100h) (Table 5), while
it was expected to be higher for the later. This variance of observed values could be attributed
to the presence of -particles in the 900°C-100h as that is the only other difference between
two microstructures. Decrease in hardening coefficient due to the presence of -particles
could be related to their brittle nature, shown earlier. These particles acted as crack initiation
sites, which would limit the strength of the material. During deformation tearing of these
particles take place away from the matrix.

Table 5. Work hardening parameters obtained by fitting RT flow stress curves of alloys with
different ageing treatments to Ludwik equation [30].

Alloy state
Ageing temperature
(°C)

Work hardening parameters

Ageing time
(h)

0 (MPa)

n

(MPa)

411.81

1930.12

0.84

0.5

707.24

2053.62

0.69

2.0

724.94

2036.40

0.65

100.0

846.18

2620.43

0.74

0.5

676.88

2047.38

0.68

2.0

665.71

2176.36

0.67

100.0

615.85

2204.51

0.66

0.5

676.74

2117.33

0.71

2.0

614.98

2111.27

0.67

100.0

518.21

2141.67

0.61

0.5

554.32

2173.56

0.77

2.0

496.64

2084.32

0.72

100.0

437.72

1982.08

0.64

ST

800

875

900

950

6. Conclusion:
i.

Precipitation and coarsening behaviour of

-precipitates in Alloy 693 followed a

behaviour similar to other -precipitate bearing alloys [21, 22, 26, 35, 36]. Precipitates
always maintained coherency with the matrix.
ii.

The alloy exhibited a tendency to phase separation and formed a chromium rich phase at elevated temperatures. The
orientation relationship-(111)

iii.

-phase maintained a Kurdjumov-Sachs type
and [

] [

] with -matrix.

Precipitation of -particles enhance strength of alloy significantly. The alloy exhibited
anomalous decrease in ductility during coarsening of -particles, which was attributed

to Cr-rich -particles that precipitated during -particles coarsening period. Ageing of
the alloy at 875°C for 0.5h gave best combination of strength and ductility.
iv.

Precipitation of the Cr-rich -phase embrittled the alloy as its precipitates acted as sites
for easy crack initiation due to their inherent brittle nature.

7. Future Work:
Mechanical properties studies of the Alloy 693 at high temperatures.
Corrosion studies of aged Alloy 693 in different environment.
Slow strain rate testing (SSRT) to evaluate the susceptibility of the alloy against
environmental cracking.
Creep behaviour of Alloy 693.
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represents the Ti, Nb and Zr elements; (b) M3B2-boride, where 'M '
represents the Mo, Ta, Nb, Ni, Fe and V; (c) M5B3-boride, where
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'M' represents the Cr.
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(XA'YB')-phase, where X represents Fe, Ni and
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looping model [108].
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4.1

(a) DF TEM micrograph showing fine particles of the -phase in
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the ST-sample; (b) [001] zone axis SAED pattern showing
superlattice reflections at {100} and {110} positions characteristic
of the -phase, reflection corresponding to M23C6-carbides are also
visible; (c) key to Figure (b).

4.2

Series of electron micrographs depicting temporal evolution of -
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particles during isothermal ageing at temperatures ranging from
800 to 950°C. (a) 0.5h at 800°C; (b) 2.0h at 800°C; (c) 100h at
800°C; (d) 0.5h at 875°C; (e) 2.0h at 875°C; (f) 100h at 875°C; (g)
0.5h at 900°C; (h) 2.0h at 900°C; (i) 100h at 900°C; (j) 0.5h at
950°C; (k) 2.0h at 950°C; (l) 100h at 950°C. All the micrographs
were imaged using TEM except for (f), (i) and (l), which were
imaged using a field-emission scanning electron microscope
4.3

(FESEM).
Neutron diffraction pattern of ST and aged alloys (950°C-0.5h and
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950°C-100h), inset shows the zoomed view of {111} peak.
4.4

Frequency-size distribution histograms of

-precipitates in aged
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samples after ageing for different periods of time at 800 C and
875 C temperatures: (a) 0.5h at 800°C; (b) 2.0h at 800°C; (c)
100h at 800°C; (d) 0.5h at 875°C; (e) 2.0h at 875°C; (f) 100h at
875°C. Histograms for samples aged for 0.5, 2.0 and 100h were
plotted using bin sizes of 2, 5 and 20nm, respectively (see text for
4.5

details).
Frequency-size distribution histograms of

-precipitates in aged

samples after ageing for different periods of time at 900°C and
950°C temperatures: (a) 0.5h at 900°C; (b) 2.0h at 900°C; (c) 100h
at 900°C; (d) 0.5h at 950°C; (e) 2.0h at 950°C; (f) 100h at 950°C.
Histograms for samples aged for 0.5, 2.0 and 100h were plotted
using bin sizes of 2, 5 and 20nm, respectively (see text for details).
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4. 6

A part of NiAl-binary phase diagram illustrating a shift of the
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equilibrium Ni / (Ni + Ni3Al) phase boundary to metastable state,
shown by a broken thick line, after WQ.
composition of

denotes average

forming solutes (here represented by only Al) in

the matrix after WQ, which is lower than their equilibrium
composition at 900°C, denoted by
composition of

.

represents the average

forming solutes in the alloy and T represents the

average temperature upto which diffusion of

forming solutes

was effective during WQ (see text for details). Figure is redrawn
4.7

from reference [7].
Plots depicting coarsening behaviour of

-particles at 875, 900
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and 950°C temperatures: (a) log r versus log t plots for predicting
growth exponent;
5.1

(b) r3 versus t plots for estimating the

coarsening rate constant (K).
Optical micrographs showing the evolution of needle shape
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particles (few of them are marked by arrows) in samples aged at
800-950ºC for 0.5-100h: (a) 0.5h at 800ºC; (b) 2.0h at 800ºC; (c)
100h at 800ºC; (d) 0.5h at 875ºC; (e) 2.0h at 875ºC; (f) 100h at
5.2

875ºC; (g) 0.5h at 900ºC; (h) 2.0h at 900ºC; (i) 100h at 900ºC.
Optical micrographs showing isothermal evolution of needle shape
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particles (few of them are marked by arrows) in samples aged at
950ºC.
5.3

BSE micrographs of samples aged at: (a) 1000°C for 0.5h; (b)
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1050°C for 0.5h, Needle shaped particles are visible at 1000°C (a
few of them are marked by arrows) but are absent at 1050ºC
5.4

temperature.
(a) XRD pattern of solution treated (ST) sample and samples aged
for 100h at 800-950ºC, depicting peaks corresponding to -phase
as well as un-indexed peaks (X, Y and Z) in aged samples;
zoomed view of X, Y and Z peaks are shown in Figures (b)-(d),
respectively.
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5.5

Secondary electron (SE) micrographs depicting the start of

64

precipitation of needle shape particles at different ageing
temperatures
5.6

(800-950ºC). It is also depicting the

-phase

precipitates which have already discussed in Chapter 4.
Secondary electron (SE) micrographs depicting the isothermal

64

evolution of needle shape precipitates in samples aged at 950ºC.
5.7

(a) Secondary electron (SE) micrographs depicting needle shape

65

particles composed of two phases in bright and dark contrast; (b)
and (c) are the EDS spectra from region I and II marked in Figure
5.8

(a), respectively; (d) line scan across both the phases.
(a) XRD scan of extracted particles ; (b) Secondary electron (SE)
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micrographs showing the needle shape particles; (c) EDS spectra
from particle shown in Figure (b).
5.9

(a) Bright field TEM micrograph of sample aged at 950°C for
100h. Different phases, namely

and

68

- are marked in

figure; (b) SAED pattern from the region marked in Figure (a),
containing

- and

ep-phases. This diffraction pattern could

indexed as superimposed diffraction pattern corresponding to
[

] // [

] zone axes of - and -phases; (c) key to SAED

pattern in (b). Superlattice reflections of the -phase at {100} and
5.10

equivalent positions of the -phase, could also be noticed.
(a) HRTEM micrograph of
interface region in sample aged at
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950ºC for 100h; (b) FFT pattern from corresponding region,
showing superimposed reflections from {110} and {111} planes.
For the sake of clarity, orientation of reflections is marked by lines
5.11

in (c).
Isothermal sections of Ni-Cr-Al ternary phase diagrams taken at
(a) 850ºC and (b) 1000ºC; and (c) 1100°C , showing the effect of
temperature on phase fields [5-7].
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5.12

Superimposed parts of isothermal sections of Ni-Cr-Al ternary

73

phase diagrams taken at 1000ºC and 850ºC (solid lines) [5, 6].
Phase fields at 950ºC (in broken lines) were drawn on the basis of
their linear interpolation. Equivalent compositions of the -phases
in fully disordered state (i.e.,

ss1),

and after the precipitation of -

phase (i.e., of s-phase), as per nomenclature given in relation (i),
are marked as orange ( ) and green ( ) dots, respectively.
Equivalent composition in the enveloped region is marked by a '+'
5.13

mark (see text for details).
Isothermal sections of ternary phase diagrams : (a) Ni-Cr-Nb at
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1100ºC [122]; (b) Ni-Cr-Fe at 900ºC [123]; and (c) Ni-Cr-Ti at
1027ºC [8], showing the effect of ternary addition on Ni-Cr phase
5.14

fields.
Isothermal section of ternary phase diagrams: (a) Ni-Al-Nb at

74

800°C [62]; (b) Ni-Al-Fe at 750°C [63]; and (c) Ni-Al-Ti at
750°C [62], showing the effect of ternary addition on Ni-Al phase
5.15

fields.
Composite stereograms of

- and

-phases showing relative

77

orientation of crystals when the two phases are oriented according
to: (a) Nishiyama-Wassermann (NW) orientation; (b) KurdjumovSachs (KS) orientation , for (110) and (111) close packed planes.
Open and solid circles represent the BCC and FCC poles,
respectively, while rectangle and hexagon depict relative
orientation of atomic arrangements on respective close packed
planes. Note that an anti-clock direction rotation of (111) plane
normal
5.16

by 5.26º in NW-orientation has brought to [

] in

coincidence with [
] [139].
A schematic drawing depicting transformation of fcc-structure to

79

bcc by the operation of two simple shears proposed by Kurdjumov
and Sachs [124].
6.1

Variation in the room temperature hardness values of aged
samples with ageing time (samples are aged at different
temperatures).
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6.2

Engineering stress (s)-engineering plastic strain (e) plots of the ST-

85

sample as well as samples aged for 0.5, 2.0 and 100h at: (a) 800ºC;
(b) 875ºC; (c) 900ºC; (d) 950ºC.
6.3

(a) Fractograph of fractured surface of RT tensile tested ST-alloy;
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(b) zoomed view of encircled region of Figure (a) in which
carbides are marked by arrows.
6.4

Fractographs of RT tensile tested aged specimens, at different
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ageing conditions: (a) 0.5h at 800ºC; (b) 2.0h at 800ºC; (c) 100h at
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CHAPTER 1
INTRODUCTION
1.1. Background:
Alloy 693 is a newly developed precipitation hardened Ni-base superalloy. It is derived from
solid solution strengthened Alloy 690 by the addition of Al, Ti and Nb elements (see Table
1.1) [1, 2]. Presence of Al and Ti induces the formation of coherent ordered L12 type -phase
precipitates of Ni3(Al,Ti) stoichiometry in the -matrix (fcc structure). Addition of Al, Ti and
Nb also improves corrosion, sulfidation and oxidation resistance, surface stability and
mechanical strength of the alloy [3]. The alloy finds applications in places, such as, nuclear
waste management plants [4] and petrochemical processing industry [2]. It is also a candidate
material for high temperature waste and biomass incinerators, and for high temperature fuel
cells involved in synthetic gas production (e.g., fuel cells to power automobiles) with
potential to induce metal dusting [2].
Table 1.1. Nominal compositions (wt.%) of Alloy 690 and Alloy 693 [1, 2].
Ni

Cr

Fe

Al

Nb

Mn

Ti

C

S

-

0.05 max

0.015 max

1.0 max.

0.15 max.

0.01 max.

Alloy 690
Bal.

27-31

7-11

-

-

0.5 max
Alloy 693

Bal.

27-31

2.5-6.0

2.5-4.0

0.5-2.5

1.0 max.

1.2. Motivation:
Presence of Al and Ti plays a pivotal role in the formation of ordered L12 type
particles with Ni3(Al,Ti) stoichiometry in Alloy 693. These hardening

-phase

-precipitates are

coherent with -phase (fcc structure) matrix and impart strength to the alloy. In general,
mechanical properties of such precipitation hardened alloys are governed by its
microstructure such as size, size distribution, lattice misfit, morphology and volume fraction
of the hardening phase. Morphology of

-precipitates evolves continuously, from simple

spherical to cuboidal and octocuboidal, and to complex structures, such as dendritic or
octodendritic. Such morphological evolution occurs as anisotropic elastic strain energy starts
dominating over the isotropic interfacial energy. Size of precipitates is another important
parameter and plays an important role in the strength of the alloy. When the size of

-

precipitates is small, dislocations overcome precipitates by shearing them which requires
additional energy to create extra surface during shearing. On the other hand, when the size of
precipitates is large, additional stress is required to make dislocations expand and bend
between particles. These size and morphological changes, therefore, play important roles in
deciding structural stability and properties of the alloy during service. It has been reported in
literature by Singh et al. [37] that initial heat treatment and subsequent processing and
servicing conditions can affect properties of alloys by varying size and size distribution of
the ordered phase. For instance, microstructures containing multi-modal distribution of
precipitating particles have been reported in many Ni-base alloys which were induced to form
by two step annealing and/or cooling at different rates [38-41]. Often these distributions are
desired to strengthen alloys by simultaneous action of different strengthening mechanisms.
Furthermore, multi-component alloys like Alloy 693 are often designed on the basis of model
systems and other (minor) elements are added to impart desired properties. However, addition
of minor elements makes their overall composition rather complex, which may disturb

equilibrium states of the model system and destabilize otherwise equilibrium phase. For
instance, Cr solubility in Ni-solid solution is found to decrease with addition of Al and Ti [58]. As mentioned earlier, since Alloy 693 is a modified version of Alloy 690, addition of Al
and Ti in the latter may alter solubility of Cr in the former. Phase transformations and
relevant equilibrium states are, however, difficult to predict due to lack of reliable
experimental data on equilibrium states specially for their prolonged usage at elevated
temperatures.
There appears to be no report on the influence of ageing at elevated temperatures on
microstructural stability, precipitation behaviour of the -phase and its effect on mechanical
behaviour of Alloy 693. Limited literature available on this alloy pertains the effect of
solution annealing conditions on microstructure and mechanical properties of the alloy [13,
42] and its resistance to metal dusting attack [43]. The present study is an attempt to
understand these aspects of Alloy 693.

1.3. Objectives:
Aims of this dissertation is to study:
i) Precipitation behaviour of -precipitates in Alloy 693.
ii) Effect of Al / Ti addition on the stability of Ni-Cr solid solution in Alloy 693.
iii) Mechanical behaviour of aged Alloy 693.

1.4. Layout of thesis:
This thesis contains seven chapters including the present chapter, Chapter 1.
Chapter 2 gives a brief account of the Literature Survey pertaining to physical metallurgy
and strengthening mechanisms of Ni-base superalloys.
Chapter 3 gives a detailed account of Experimental procedures, heat treatment schedules,
experimental and analytical techniques used to fulfil objectives of the present study.

Chapters 4-6 present Results obtained in this study and analysed in the light of available
literature.
Chapter 7 gives a list of Conclusions arrived on the basis of this study. This chapter also
provides a Scope for Future Research Work that can be carried on the present work.

CHAPTER 2
LITERATURE SURVEY
2.1. Introduction:
Superalloys offer excellent combination of strength and corrosion resistance at high
temperatures [44]. They are used for a number of applications including aircraft engines,
power plant, chemical and petrochemical industries. They are also used in cryogenic
applications, metal processing and medical components [15].
There are three classes of superalloys, NiFe-base, Ni-base and Co-base, which are further
categorized in two grades on the basis of strengthening mechanisms: (i) solid solution
strengthened and (ii) precipitation hardened superalloys. A few examples of superalloys are
given in Table 2.1.
Table 2.1. Superalloys belonging to three different classes [45].
Class of Superalloy

Example

NiFe-base

Incoloy 800H, Incoloy 901, Inconel 718

Ni-base

Waspaloy, Astroloy, Inconel 690

Co-base

Haynes 188, L-605, Elgiloy

Selection of a specific alloy is ascertained by expected service temperature, life and
environment. Among different classes of alloys, Ni-base alloys possess best combination of
strength and oxidation resistance at high temperatures [46]. Ni-base alloys also possess good
load bearing capacity under static, dynamic and creep conditions, as well as tolerance to
severe operating environments, and can be operated at highest homologous temperature [15].
Their high temperature corrosion resistance can be improved further by coating [47, 48].

Depending upon application and composition involved they can be wrought or cast, selection
of which is based upon expected cost effectiveness [44, 45].

2.2. Ni-base superalloys:
Ni-base superalloys are complex alloys containing about 10-12 constituent elements [46],
which are added in a controlled manner to impart the strength and improve the properties of
alloys. Cr, Fe, Co, Mo, W, Nb, Al, Ti and Ta are major alloying elements while B, C, Zr, Hf,
Mg, La and Y are added in very small amounts (a few ppm level). Table 2.2 briefly describes
the role of different alloying elements in Ni-base superalloys [49].

Table 2.2. Role of different alloying elements in Ni-base superalloys [49, 50].
Elements

Responsible For

Co, Cr, Fe, Mo, W, Ta, Re

Solid solution strengthening

Ta, Ti, Nb, Hf, Zr
Cr
Cr, Mo, W, Co, Fe

MC
Carbide formers
(Reduction of grain boundary sliding)

Mo, W, Nb, Co, Ta, Fe, Cr
Nb, Ta, W, Re, Ru
Al, Ti, Nb

M7C3
M23C6
M6C

Increase solvus temperature of -precipitates
Forms the hardening precipitates ( -

- -

Al, Cr, Y, La, Ce

Imparts oxidation resistance

Cr, Co, Si

Imparts sulfidation resistance

La, Th

Improves hot corrosion resistance

B, Ta

Improves creep properties

B

Increases rupture strength

B, C, Zr, Hf

Refines grain-boundaries

-)

Ni-base superalloys comprise austenitic matrix ( -phase) and may contain several secondary
phases [51]. Depending upon the main strengthening mechanism, they are classified in the
following ways [44, 51]:
i) Solid solution strengthened alloys, e.g., Hastelloy X, IN-625, IN-690, etc. which also gains
some strength from carbides.
ii) Precipitation hardened alloys, which are further categorized in following way:
a) -precipitation hardened alloys, e.g., Udimet 700, Waspaloy, Astroloy, Rene 80,
IN-713, etc.
b)

-precipitation hardened alloys, e.g., IN-718, IN-625, etc.

c) Both - and

-precipitation hardened alloys, e.g., IN-706, IN-909, etc.

iii) Oxide dispersion strengthened (ODS) alloys, e.g., MA-754 and MA-6000, etc. which are
mainly strengthened by oxide dispersed fine particles, like inert yttria.
These secondary phases are briefly discussed in Table 2.3 and described in brief in Section
2.3. Precipitation of secondary phases is a function of alloy chemistry, ageing temperature
and time. Microstructure (which includes morphology, size and volume fraction) and
chemistry of these phases control the properties of the alloy, and their precipitation in
controlled manner impart excellent properties to the alloy.

Table 2.3. Phases observed in Ni-base superalloys [51].
Phase

Bravais Lattice

Stoichiometry

Remarks

fcc (disordered)

Ni-base
austenitic matrix

Contains most of the solid solution
elements.

Ni3(Al,Ti)

Strengthening phase which is coherent
with matrix. Size of the precipitates is
sensitive to exposure time and
temperature. Precipitates change their
shape with variation in /
lattice
mismatch.

fcc
(ordered L12)

bct
(ordered D022)

MC

M23C6

M6 C

M7C3

Ni3Nb

Disk shaped strengthening phase and
coherent with matrix.

hcp (D024)

Ni3Ti

Forms in alloys with high Ti/Al ratios
after extended period of exposure. It
forms in cellular morphology at
intergranular sites while in acicular
platelet morphology at intragranular
sites.

Orthorhombic
(ordered Cu3TiD0a)

Ni3Nb

It precipitates out in acicular shape in
overaged alloys (aged at 815-980°C).

Cubic

MC
M (Ti, Nb,
Hf, Ta, Zr)

These carbides appear as globular,
irregularly shaped particles. 'M'
represents Ti, Ta, Nb, Hf, Th, or Zr.

fcc

M23C6,
M (Cr, Ni, Co,
Fe, W, Mo)

These carbides usually forms at grain
boundaries. It precipitates out as films,
globules, platelets, lamellae and cells.
'M' usually represents Cr, but Ni, Co,
Fe, Mo and W can substitute it.

fcc

Hexagonal

Generally 'M' represents Mo and W,
M6C
there is some solubility for Cr, Ni, Nb,
M (Mo, W, Nb,
Ta, Co. These carbides are randomly
Co, Ta, Fe, Cr, Ni)
distributed in matrix.
Cr7C3

Blocky intergranular precipitates; forms
after high temperature (1000°C).
exposure.

M3B2 /
M5B3

Tetragonal

M3B2 /M5B3
M (Mo, Ta, Nb,
Ni, Fe, V, Ti, Cr)

These borides are observed in FeNiand Ni-base alloys with about 0.03% B
or greater. 'M ' elements can be Mo, Ta,
Nb, Ni, Fe, or V. Morphology of these
are similar to carbides.

MN

Cubic

MN
M (Ti, Nb, Zr)

These nitrides are observed in alloys
containing Ti, Nb or Zr; and have
square to rectangular shapes.

Co2W6,
(Fe,Co)7(Mo,W)6

These precipitates form at high
temperatures in alloys with high Mo or
W contents. They precipitate out as
coarse,
irregular
Widmanstatten
platelets.

Rhombohedral

Laves
phase

Hexagonal

Tetragonal

Fe2Nb, Fe2Ti,
Fe2Mo, Co2Ta,
Co2Ti

They form at higher temperatures
mostly in Fe- and Co-base alloys.
Precipitates out as irregularly shaped
globules, elongated or as platelets.

FeCr, FeCrMo,
CrFeMoNi, CrCo,
CrNiMo

These are more often observed in FeNiand Co-base alloys after extended
exposure between 540-980°C , and
rarely seen in Ni-base alloys.
Precipitates out in irregularly shaped
globules, usually elongated.

Microstructures of the heat treated Ni-base superalloys are metastable, which approach to
equilibrium during extended exposure and creep at elevated temperatures. Salient changes
that may occur in Ni-base alloys are [52]:
i) Coarsening of hardening precipitates, which increases significantly as exposure
temperature approaches towards the solvus temperature.
ii) Change in carbide chemistry (decomposition of a carbide in another carbides).
iii) Precipitation of tcp-phases, such as

and Laves phases, particularly in alloys

containing high amounts of refractive elements.

2.3. Morphology and characteristics of different phases:
2.3.1. -phase:
-phase is a Ni-base nonmagnetic disordered fcc-matrix phase and contains high percentage
of solid solution elements such as Co, Fe, Cr, Mo, W, Ta and Re, which provides solid
solution strengthening to the matrix [53]. -phase has wide solubility range for alloying
elements, that allows the dissolution of high melting point refractory elements as well as
allows the precipitation of intermetallic phases, e.g., - and

-phases which imparts strength

[46]. Mechanical properties of most of alloys can be changed by changing grain size of the
matrix phase. Fine grain microstructure is reported to give excellent hardness, tensile

properties and longer LCF life [25, 48, 54-56]. For better creep rupture properties coarser
grain size of -matrix is desired [57].

2.3.2. -phase:
-phase is an ordered cubic phase with Ni3Al stoichiometry. Crystal structure of its unit cell is
shown in Figure 2.1(a).

-precipitates remain coherent with disordered matrix phase and

obey a cube to cube orientation relationship. This phase remains ordered upto their melting
point (~1375°C) in binary NiAl-alloys, but the ordering temperature varies with addition of
alloying elements [15, 58]. Its solvus temperature decreases with elements like Cr, Co, Ti,
Mo and increases with Ta, W, Re, Ru elements [50, 59]. Alloying elements, like Ti, Nb, Cr
and Fe present in alloy may substitute Ni and/or Al atoms in the -precipitates [60]. Such
elemental substitution significantly alters phase stability of -precipitates and therefore affect
properties of alloy [61]. Further, elements like Ti, Nb, Ta, Cr and Fe promotes the formation
of -precipitates and increases volume fraction of these precipitates [5, 62-64].

Figure 2.1. Line sketch of ordered crystal structures of (a) -phase; (b)

-phase; (c) -phase;

and (d) -phase, where Ni and Al/Nb/Ti atoms are on specified atomic positions and would be
replaced by other alloying elements.

Figure 2.2. Part of NiAl-binary phase diagram, showing the -

phase field as well as

solubility limit of Al in Ni is marked at 750°C and 1100°C temperatures [65].

Figure 2.2 shows a part of NiAl-binary alloy phase diagram [65], which depicts that solubility
limit of Al decreases with decreasing temperature. Lowering the temperature from 1100°C to
750°C, solubility of Al decreases from ~18at.% to ~13at.% (marked by dashed lines in
Figure 2.2). Presence of other alloying elements affects the equilibrium state of the alloy
system, by altering the phase stability of the

-phase (see Figure 2.3). It is evident from

Figure 2.3 that addition of Ti, Nb, Cr and Fe decreases the solubility of Al in Ni, which
promotes the formation of -phase particles [5, 62, 63]. Ti and Nb preferentially go to Al
lattice sites while Cr and Fe substitute Ni atoms. Addition of these elements (see Figure 2.3)
is limited to some extent because beyond a certain amount substitution of Al by Ti and Nb

elements leads the formation of detrimental phases, e.g.,

and phases along with -phase.

From Figure 2.3(a), it is evident that addition of Ti beyond 16at.% promotes the -phase
(hexagonal Ni3Ti-phase) formation. Similarly from Figure 2.3(b), it is clear that more than
8at.% Nb would form -phase (orthorhombic Ni3Nb-phase). Mishima et al. [61] have shown
that Nb can be dissolved upto about 8.0at.% in Ti free

-phase, fraction of which would

decrease in presence of Ti.

Figure 2.3. Isothermal ternary sections of: (a) Ni-Al-Ti at 750°C [62]; (b) Ni-Al-Nb at 800°C
[62]; (c) Ni-Al-Cr at 750°C [5]; (d) Ni-Al-Fe at 750°C [63] .

Transformation of

-phase of Ni3Al to other phases with N3X stoichiometry could be

explained on the basis of free electrons per atom (e/a ratio) of the alloy that governs the
stability of competing structures of N3X stoichiometry in accordance with the hypothesis
propounded by Sinha [66]. According to Sinha [66], the e/a ratio for the stability of the L12,
D024 and D0a structures of Ni3Al, Ni3Ti and Ni3Nb compounds are 8.25, 8.5 and 8.75,
respectively. Addition of Ti and/or Nb in Ni3Al, having free electrons more than those in Al,
increases the e/a ratio and stabilizes the other competing phases [66].
Depending upon heat treatment conditions chemistry of -precipitates varies. Chen et
al. [67] have investigated the compositional variation for -precipitates in Ni-base RR-1000
superalloy, which was governed by cooling rate employed during heat treatments. In their
studies they observed that

-precipitates in fast cooled samples showed small size

distributions and negligible compositional variations, while remarkable size dependent
compositional variations was observed for slow cooled samples [67].
Morphology of -precipitates is governed by three main factors [68]:
i) Surface energy (Esurf) of particle.
ii) Strain energy (Estr) between precipitate and matrix due to lattice mismatch.
iii) Interaction energy (Eint) between particles due to overlap of elastic strain field around
individual particles.
Out of three, later two are elastic in nature [68]. Shape of the -precipitates is established by
minimizing sum of Esurf and Estr, and it changes with variation in lattice mismatch. Doi et al.
[69] have shown that Eint has a strong effect on the distribution of

-precipitates in such a

way that adjacent particles aligned along <100> direction to minimize Eint [69].
Elastic strain energy is governed by coherency of

interface, which in turn depends

upon lattice misfit ( ) and is defined in equation (i) [15],
2(

-

)/(

+

)

...(i)

where a

and a are

lattice parameter of disordered Ni-matrix ( -phase) and

-phase,

respectively. Lattice parameter of -phase (a ) increases with addition of Cr, Ti, Ta, Nb, Mo,
Fe, W etc. elements in

-phase [50]. Lattice parameter of -matrix (a ) increases with

addition of Cr, Ti, Ta, Nb, Mo, Fe, Al, Mn ; while decreases with precipitation of -particles
[70]. Lattice misfit ( ) consequently is a function of solutes partitioning between - and phases. It also depend upon thermal history of the alloy, as thermal expansion coefficients
( T) of - and -phases are different:

T

for Ni is 13.1K-1 while that of the -phase (Ni3Al in

binary NiAl-alloy) is 12.3K-1 [71]. Thus value of

would change depending upon the

temperature at which measurements were carried out [72]. Lattice misfit ( ) can be positive if
a > a , as in Nimonic 80A and Nimonic 90 alloys or negative as in Nimonic 105 and
Nimonic 115 alloys depending upon alloying additions [21].
Due to the variations in lattice misfit strain morphological changes of -precipitates
take place. Initially -particles precipitate out with spherical morphology which changes to
cuboidal after a critical size. Size of precipitates at which morphological transition takes
place is the function of magnitude of the lattice mismatch [21], constants of elasticity and
volume fraction of the precipitates [73]. Figure 2.4 depicts schematic of morphological
transitions sequence observed in a Ni-base alloy [21]. This sequence was independent of
misfit sign, but the size at which morphological transition took place was observed to be the
function of lattice misfit ( ) [21].
Microstructural stability is most important factor and desired for the performance of
the alloy. In

-precipitate hardened Ni-base superalloys, these precipitates are prone to

coarsening during ageing or servicing, which in turn degrades strength of alloy. microstructure stability at elevated temperatures depends upon the resistance to coarsening of
-precipitates. Coarsening kinetics of these precipitates is governed by coherency strain and
increasing coherency strain accelerates coarsening rate [74]. Thus precipitates coarsening is

enhanced with increasing lattice misfit ( ), which in turn deteriorates the microstructural
stability and strength of alloy at elevated temperatures [61, 75].

Figure 2.4. Schematic diagram showing strain induced development of

-precipitates

morphologies during ageing; projection along <111> and <001> are shown in left and right,
respectively [21].

Addition of high partitioning and slow diffusing elements (e.g., Nb and Ta) to -precipitates
decreases coarsening kinetics of -phase [50]. Coarsening of -precipitates generally follows
Lifshitz and Slyozov [19] and Wagner [20] kinetics, known as the LSW model. The LSW
model is based on dilute solid solution assumption and the coarsening of precipitates is
governed by solute diffusion through the matrix. Later on it was modified by Ardell [76] to
take into account volume fraction of

-precipitates. The modified LSW (MLSW) theory

predicts that along with classical LSW theory the coarsening rate increases with increasing
volume fraction, even at very small volume fraction of precipitates [76]. After this
modification, Chellman and Ardell [77] did a systematic investigation of coarsening
behaviour of

-precipitates in binary NiAl-alloys using the modified LSW theory. These

alloys contained 0.09-0.60 volume fraction (f) of -precipitates and they aimed to study the
effect of volume fraction (f) on the coarsening behaviour of precipitates. Results of their
study showed that coarsening behaviour was not affected by f-value and was in good
agreement with original LSW theory. They concluded that the original LSW theory is capable
of quantitatively describing coarsening behaviour in systems containing as much as 0.60
volume fraction of

-precipitates. More recently, Ardell

and Ozolins proposed trans-

interface diffusion controlled (TIDC) coarsening model [78]. According to TIDC coarsening
model, in systems involving order/disorder interfaces, the diffusion of solutes across a
partially ordered interface would be rate limiting factor for coarsening. In general, precipitate
size is correlated with ageing time to establish the coarsening mechanisms, and temporal
exponent roughly determines coarsening mechanism: it is expected to be 3 for LSW
coarsening and 2 for TIDC coarsening [23].
Microstructure (morphology, size and volume fraction) of -precipitates governs the
mechanical properties of alloy, which can be modified by tailoring chemical composition and
processing condition of alloy [79]. For instance addition of Ti increases the lattice misfit ( ),

as size of Ti is larger in comparison of Al thus lattice parameter of -phase increases after
partial substitution of Al by Ti [80]. Addition of Ti also increases the anti-phase boundary
(APB) energy, which contributes in hardening [51]. Miller and Ansell [81], and Grose and
Ansell [82] studied the influence of coherency strain on mechanical properties of series of Nibase alloys and concluded that coherency strains dominantly contribute to the strengthening
of alloy.

2.3.3.

-phase:

-phase is a bct ordered phase with Ni3Nb stoichiometry, atomic arrangements in unit cell of
-phase is shown in Figure 2.1(b). It is found in Ni- and NiFe-base alloys with high Nb
contents, such as IN-625, IN-706, IN-718, Rene 62 and Udimet 630 [83]. Presence of Fepromotes the formation of

-phase, while Al-suppress its formation [84]. It generally

precipitates out as coherent disc shaped precipitate with large lattice mismatch strain (of the
order of 2.9%), Figure 2.5(b) [85]. It exhibits {100} //{100} and [001] //<001> orientation
relationship with

-matrix. Solvus temperature of this phase is low (e.g., 650°C for IN-

718), thus provides very high strength at low to intermediate temperatures. At temperatures
above about 650°C, it transforms into -phase, which causes loss of alloy strength.

2.3.4. -phase:
-phase is an ordered (D024) hexagonal phase of Ni3Ti stoichiometry, line sketch of its crystal
structure is given in Figure 2.1(c). It forms in NiFe-base superalloys hardened by

-

precipitates with high Ti/Al ratios such as Nimonic 901and A-286 alloys. In these alloys after
extended period of exposure at higher temperatures Ti-rich -phase transforms to -phase. It
forms in cellular morphology at inter-granular sites while in acicular platelet morphology at
intra-granular sites, Figure 2.5(c) shows the -phase in plate shape morphology in a heat
treated Ni-base superalloy [86]. Small amount of

-phase is useful to control the

microstructure but excessive presence degrades mechanical properties of the alloy. Increasing

Ti contents enhance formation of -phase while increased Al contents retard its formation
[87].

2.3.5. -phase:
-phase is an ordered orthorhombic phase with Ni3Nb stoichiometry, line sketch of its crystal
structure is given in Figure 2.1(d). It forms in Nb-rich superalloys in temperature range 650980°C when the

-phase transform to . Precipitates of -phase normally have plate shape

morphology with {111} habit plane and also observed in globular shape at grain boundaries
[83]. Figure 2.5(d) shows the plate shape -phase precipitates in heat treated IN-625, in the
vicinity of grain boundaries [85]. -phase is beneficial if present in small amount, as it
controls and refine the grain size of matrix which in turn results in improved tensile
properties, fatigue resistance, and creep rupture properties. Large amount of it degrades
properties of the alloy [88]. It is observed that presence of high contents of Nb and Si
promotes the formation of -phase, while substitution of Nb by Ta suppresses its formation
[87, 89, 90].

-precipitates in disc shaped morphology [85]; (c) SE-micrograph of a GTD111 based

-

borides [99].

superalloy, Cr and Mo-rich irregular shaped M3B2-borides [98]; (m) SE-micrograph of heat treated IN-792, Mo-rich fine grain boundary M5B3-

Ni-base K-465 superalloy, showing Mo, W and Cr-rich needle shaped -phase precipitates [97]; (l) BSE-micrograph of MAR-M004 Ni-base

GTD111 based Ni-base superalloy in heat treated condition, showing needle shape -phase precipitates [86]; (k) BSE-micrograph of a heat tread

strengthened alumina forming austenitic alloy, showing Fe2Nb-type elongated granular shape Laves phase particles [96]; (j) SE-micrograph of a

(h) SE-micrograph of a NiCrTaAlC-alloy, showing irregular shaped Cr7C3 carbides (marked by arrows) [95]; (i) BSE-micrograph of a

MC-carbide and M6C-carbides rich in Mo and W [93]; (g) BSE-micrograph of heat treated IN-718, showing TiN nitride and NbC carbide [94];

rich fine irregular shaped M23C6 carbides along grain boundaries [92]; (f) SE-micrograph of heat treated Ni-base superalloy, showing Nb-rich

treated condition, showing needle shape -precipitates in the vicinity of grain boundaries [85]; (e) SE-micrograph of a Ni-base superalloy, Cr-

Ni-base superalloy in heat treated condition, showing -precipitates in plate like morphology [86]; (d) BF TEM-micrograph of IN-625 in heat

micrograph of IN-625 in heat treated condition, showing

Figure 2.5. (a) SE micrograph of heat treated IN-718LC, showing -precipitates in spherical and cuboidal morphology [91]; (b) DF TEM-

2.3.6. Carbides:
Depending upon alloy composition and processing conditions, different kinds of carbides
could be formed in Ni-base superalloys at intergranular and transgranular positions. These
can be MC, M6C, M23C6, and M7C3, where M stands for one or more types of metal atom,
whose atomic arrangements are given in Figure 2.6. Some solubility of other alloying
elements present in the matrix is also there in all carbides. Trans-granular fine carbides
impede material deformation while inter-granular carbides controls grain size, resist grain
boundary sliding and permit stress relaxation. Formation of carbides tie up tramp elements
which could cause phase instability during service. Thus carbides impart strength and phase
stability to material but excess precipitation of carbides depletes the solute elements in the
matrix and degrades properties of material.

2.3.6.1. MC-carbides:
MC-carbides are high temperature carbides and form during solidification of alloy melt so
called primary carbides. In general high Nb and Ta content favour MC-carbides. They have
cubic structure and line sketch of it is shown in Figure 2.6(a). They have little or no
orientation relation with matrix and occur in different morphologies - coarse, globular or
blocky. They are distributed heterogeneously, both in inter-granular and trans-granular
positions throughout the matrix. Figures 2.5(f) and 2.5(g) show the blocky and globular shape
Nb-rich MC-carbides in heat treated Ni-base superalloy and IN-718, respectively [93, 94].
They act as a major source of carbon and decompose into M23C6 and/or M6C carbides during
processing and servicing [51]. Substitution of Mo and W decreases the stability of MCcarbides and promotes the degeneration reaction of these carbides [53].

Figure 2.6. Line sketch of crystal structure of (a) MC-carbide, where 'M' represents the Ti
and Nb elements; (b) M23C6-carbide, where 'M' represents the Cr, Fe and Ni; (c) M7C3carbide, where 'M' represents the Cr; (d) M6C-carbide, where 'M' represents the Mo and W.

2.3.6.2. M23C6 -carbides:
These carbides form in alloys with moderate-to-high chromium content and may form as
primary or secondary carbides. Primary carbides, like MC carbides, form during
solidification, blocky in nature and do not follow any orientation relationship with matrix.
Secondary carbides form during heat treatment or service (in 760-980°C temperature regime),

either by degeneration of MC-carbides or from residual carbon available in matrix.
Decomposition reaction of MC-carbides is given below:
MC +

M23C6 +

...(ii)

They form mainly at grain boundaries in irregular, rounded or blocky shape [51], Figure
2.5(e) shows Cr-rich fine irregular shaped M23C6 -carbides along grain boundaries in a heat
treated Ni-base superalloy [92]. Sometimes they precipitate out as continuous or
discontinuous (zipper like) grain boundary films which degraded the ductility and rupture life
of the alloy. Secondary M23C6-carbide have a complex cubic structure (Figure 2.6(b)) and
follow a cube-to-cube orientation relationship with matrix. Their lattice parameter generally
three times that of the -matrix

2.3.6.3. M7 C3-carbides:
M7C3-carbides have complex orthorhombic structure which is shown in Figure 2.6(c) and are
not widely observed in Ni-base superalloys. It is found in a Ni-Cr-Ti-Al (Nimonic 80A)
superalloy as Cr7C3 precipitates in blocky form at grain boundaries after heating at
temperature higher than 1000°C. An addition of elements such as Co, Mo, W, or Nb to Nibase superalloys prevents formation of M7C3. Figure 2.5(h) shows regular shaped Cr7C3
carbides (marked by arrows) in a heat treated NiCrTaAlC-alloy [95].

2.3.6.4. M6C-carbides:
M6C carbides have complex cubic structure (Figure 2.6(d) and form in alloys containing Mo
and/or W more than 6-8 at.%. These carbides may contain some amounts of Cr, Ni, Nb, Ta,
and Co in their solid solutions. They precipitate out in the temperature range 816-982°C
having

blocky morphology at grain boundaries and Widmanstatten morphology at

intragranular sites. Figure 2.5(f) shows the Mo and W-rich blocky M6C-carbides in a heat
treated Ni-base superalloy [93]. They control the grain size during processing if present at

grain boundaries. Widmanstatten morphology of these carbides should be avoided for better
ductility and rupture life [53].

2.3.7. MN-nitrides:
MN-nitrides have a cubic crystal, structure similar to MC-carbides shown in Figure 2.7(a),
and formed in alloys containing Ti, Nb or Zr. They form in molten state of the alloy in small
sizes with square to rectangular shapes [100], Figure 2.5(g) shows TiN-nitrides in a heat
treated IN-718 [94]. They are not affected by heat treatment as they are insoluble to the
melting point of the alloy [44]. They are generally present in very small amount so do not
have any notable effect on properties of the alloy.

2.3.8. M3B2-and M5B3-borides:
M3B2- and M5B3-borides are hard particles and have tetragonal crystal structure shown in
Figures 2.7(b) and 2.7(c), where 'M ' elements can be Mo, Ta, Nb, Ni, Fe, Cr or V. They are
observed in blocky to irregular morphology in FeNi- and Ni-base alloys when B > about 0.03
at.%. Figure 2.5(l) shows the Cr and M-rich irregular shaped M3B2-borides in MAR-M004 Nibase superalloy [98]. Mo-rich fine M5B3-borides at grain boundary in heat treated IN-792 are
shown in Figure 2.5(m) [99]. Borides form mainly at grain boundaries and impart strength to
an alloy in a manner similar to that of carbides, and are favourable for creep rupture properties
[88].

Figure 2.7. Line sketch of crystal structure of (a) MN-nitride, where 'M' represents the Ti,
Nb and Zr elements; (b) M3B2-boride, where 'M' represents the Mo, Ta, Nb, Ni, Fe and V; (c)
M5B3-boride, where 'M' represents the Cr.

2.3.9. TCP- phases:
Topologically close packed (TCP)

-

-, and Laves-phases (with XAYB, XA'YB' and X2Y

stoichiometry, respectively) are hard and brittle in nature, their crystal structures are shown
in Figure 2.8. They are undesirable phases and form in alloys with relatively high amounts of
Cr, Mo and W under certain conditions [101]. TCP-phases deteriorate solid solution
strengthening of alloys by depleting refractory elements from the matrix [53, 88, 102-105].
They precipitate out in irregularly shaped globules, plate and needle like morphology. They
act as crack initiation sites and degrade the mechanical properties of the alloy, like decrease
in rupture strength, ductility, fracture life and LCF life of the alloy [51]. Their embrittlement
effect is more pronounced at low temperatures and high strain rates [106]. -phase forms at
higher temperatures in alloy with high contents of Mo and W. Figure 2.5(k) shows the Mo, W
and Cr-rich needle shaped -phase precipitates in a heat treated Ni-base K-465 superalloy
[97]. Laves-phase precipitates out in alloys with high contents of Nb, Ti and Mo at higher
temperatures. Figure 2.5(i) shows typical Fe2Nb-type elongated Laves phase particles in a strengthened alumina forming austenitic alloy [96]. Alloys containing high contents of Mo
and Co are prone to form

-phase after extended exposure between 540-980°C, as observed

in a heat treated GTD111 based Ni-base superalloy (Figure 2.5(j)) [86].

Figure 2.8. Line sketch of crystal structure of (a)

(XAYB)-phase; (b) Laves (X2Y)-phase; (c)

(XA'YB')-phase, where X represents Fe, Ni and Co and Y represents the Mo, Ta, Cr and Nb.

2.4. Precipitation strengthening mechanisms:
In precipitation hardened alloys, precipitates act as barrier to dislocation movement.
Strengthening from these particles depends upon their morphology, size and volume fraction.
Dislocations need extra stress to either: (i) by pass through them by shearing when they are
small and coherent; and, (ii) by bowing around them when they large, strong and
impenetrable The two different modes of retardation are depicted in Figure 2.9.

Figure 2.9. (a) Schematic of particle cutting by dislocation [107]; (b) Orowan looping model
[108].

It is clear from Figure 2.9 that moving dislocations would cut the particles for smaller sizes,
while would create a loop around particles for larger sizes. Out of above two modes, active
mechanism of dislocation movement would be controlled by following factors: particle size
(d), their volume fraction (f) and inter-particle spacing ( ). These three factors are interrelated
and given by equation (iii) [107],
=

...(iii)

For a given volume fraction, strengthening by rod and plate shape particles has been shown to
be twice that of by spherical particles in both the modes [107, 109, 110].

Figure 2.10 shows a schematic variation of strength with particle size [111]. It is clear from
Figure 2.10 that initially strength increases with increasing precipitate size, after a critical
size of particles strength starts to decrease with increase in size. For cutting mechanism, the
intrinsic properties of the particles, like coherency strains, ordered structure, interfacial
energy and morphology, stacking fault energy, modulus effect and lattice friction stress, are
of importance for alloy strength. All these factors together lead to increase of strength with
particle size and volume fraction. For bowing mechanism alloy strength is independent of
particle properties and strongly depends on particle size and morphology [107, 110].

Figure 2.10. Schematic for variation of strength with particle size [111].

In under-aged condition, cutting is dominated while bowing dominates in over-aged
condition. In bowing, dislocations create a loop around the particles which raises resistance
for forthcoming dislocations thus Orowan bowing mechanism leads to higher work hardening
rate in the alloy [107].

2.5. Oxidation and corrosion behaviour:
At elevated temperatures superalloys degrade by oxidation, carburization, nitridation,
sulfidation, and/or halogenation. Each type of degradation is caused by specific corrosive
media and may be minimized by the addition of appropriate alloying elements (see Table
2.4). In superalloys protection against any environmental media is mainly provided by Al and
Cr in form of Al2O3 and Cr2O3 oxide layer. Out of these two Cr2O3 is most effective at
temperatures below 870°C, while Al2O3 layer is protective at temperatures up to the melting
points of the alloys. Resistance to degradation can be avoided by two means: either by
making the alloy oxidation resistant by tailoring the composition consistent with mechanical
properties requirement or by suitable protective coating on exposed surfaces [44, 48].
Table 2.4. Role of alloying elements in resistance against degradation in different
environment [44].
Element

Effects on alloy

Cr

Improves oxidation, sulfidation and carburization resistance

Si

Improves oxidation, nitridation, sulfidation and carburization resistance

Al

Improves oxidation, nitridation, sulfidation and carburization resistance

Mo, W

Beneficial in reducing environment

Yttrium, rare
earth elements

Improves oxidation, nitridation, sulfidation and carburization resistance

Nb

Improves carburization resistance

C

Improves carburization resistance

CHAPTER 3
EXPERIMENTAL METHODS

This chapter includes details of the alloy studied, heat treatments involved and various
techniques to characterize and analyze microstructure and mechanical properties of the alloy.

3.1. Alloy studied:
Alloy 693 used in present study was prepared by using sequential melting routes of vacuum
induction followed by vacuum arc melting at MIDHANI, Hyderabad. The alloy was received
in the wrought condition in form of sheet of 10mm thickness.
Chemical analysis of major alloying elements was carried out using inductive coupled
plasma optical emission spectroscopy (ICP-OES) technique, while C, S and N were analyzed
using combustion analysis. Table 3.1 gives the chemical composition of the alloy studied,
which was within the range of nominal composition of an Alloy 693 [2].

Table 3.1. Chemical Composition of Alloy 693 [2].
Ni

Cr

Fe

Al

Ti

Nb

Mn

S

C

N

Cu

Bal.

27.031.0

2.56.0

2.54.0

1.0
max.

0.52.5

1.0
max.

0.01
max.

0.15
max.

-

0.5
max.

wt.% 58.42

31.26

3.98

3.94

0.34

1.53

0.20

0.01

0.08

0.02

-

at.%

32.51

3.86

7.90

0.38

0.89

0.20

0.01

0.37

0.06

-

wt.%

53.81

3.2. Heat treatment schedules:
Alloy was solutionized at 1100°C for 2.0h followed by water quenching to dissolve most of
the secondary phases and to retain the alloy in a single -phase. Solutionized samples were
isothermally aged at 800°C, 850°C, 875°C, 900°C, 925°C and 950°C temperatures for series

of time intervals of 0.5, 1.0, 2.0, 5.0, 20 and 100h followed by water quenching (typical
quenching rate ~ 1000°C / min). Heat treatments were carried out in well calibrated carbolite
tubular furnace with a temperature accuracy of ±10K. All samples for heat treatments were
sealed in quartz ampoules filled with high purity He gas at a pressure of about 150mm of Hg.

3.3. Experimental techniques:
3.3.1 Specimen preparation:
Standard metallographic specimen preparation methods were employed for optical
microscopy (OM), scanning electron microscopy (SEM), X-ray diffraction (XRD) and
hardness measurements. Specimens were first grinded by abrasive silicon carbide (SiC)
papers of successive grades (80-2400 grit size papers). Final surface polishing was obtained
by 0.04µm colloidal silica suspension solution. Polished specimens were used for
microhardness measurements. For OM and SEM studies, polished specimens were
electrochemically etched at room temperature for 10s using a 5V DC voltage and a solution
containing 8g CrO3 and 5ml H2SO4 in 85ml H3PO4, to reveal microstructural features [112].
Second phase particles, e.g., carbides and -phase particles were electrolytically extracted out
of the bulk samples by selective dissolution of the matrix in an electrolyte solution containing
10% HCl and 1.0% tartaric acid in methanol [10]. Extracted particles were collected on
Whatman filter paper for analysis. XRD studies were carried out on both polished bulk
specimens as well as extracted particles. Transmission electron microscopy (TEM) specimens
were prepared by thinning down specimens upto 100 -120µm thickness and punching out
discs of 3mm diameter out of thin foils. These discs were made electron transparent by
electrolytic polishing using an electrolyte containing 20% perchloric acid in ethanol
maintained at about 20V DC voltage and temperature around -40°C, in a dual jet Tenupol
electro-polishing unit.

3.3.2. Phase identification:
3.3.2.1 X-ray diffraction:
Room temperature (RT) X-ray diffraction (XRD) studies were carried out for phase
identification using BRUKER make D8 discover X-ray diffractometer in Bragg-Brentano
parafocal geometry. Diffractometer was equipped with Cu (

WL

= 1.54Å ) radiation source

operated at 40kV voltage and 40mA current. Diffraction data was recorded using a Lynx-eye
position sensitive detector, which offers high detection efficiency of X-ray photons at lower
acquisition times.

Table 3.2. Details of the X-ray optics used for diffraction experiments.
Radiation source

Cu (

WL =

1.54Å )

Goniometer radius

430mm

Filter

Ni (0.012mm)

X-ray source mode

Line mode

Soller slit

2.5° axial divergence
40 - 100°

Step size

0.02°

Detector slit

9mm

Detector opening angle

1.959°

X-ray beam slit mode

Fixed opening (0.16°)

Diffractometer was calibrated with standard corundum sample. Phase identification in alloy
samples were carried out by comparing peaks position in the diffraction pattern with standard
JCPDS data. Details of the X-ray optics used for diffraction experiments are given in Table
3.2.

3.3.2.2. Neutron diffraction:
Room temperature (RT) neutron diffraction studies were carried out for phase identification
and lattice parameter determination using PD-3 neutron diffractometer facility at DHURVA
reactor. Bulk samples were cut into small bars (5 x 5 x 50mm3) and placed in vanadium cans.
Neutron diffraction patterns were indexed for phase identification by comparing peaks
position with standard JCPDS data. Details of the neutron diffractometer optics used for
experiments are given in Table 3.3. Lattice parameters of different phases were determined
by Rietveld refinement of the diffraction data. FullProf suite software package [113] was
used for lattice parameter determination using Rietveld refinement procedure employing LeBail fitting method [114].

Table 3.3. Details of the neutron diffractometer optics used for diffraction experiments.
Radiation source Neutron (

WL =

1.48Å )

Monochromator

Bent perfect Si

Flux at sample

7 x 107n/cm2/s

Detector

Four linear 3He PSD
6-120°

Step Size

0.035°

3.3.3. Microstructural characterization:
3.3.3.1. Optical microscopy:
Primarily microstructure characterization was carried out using optical microscope. An
Olympus make (GX 51 model) optical microscope was used in bright field (BF) mode at
different magnifications ranging from 100X upto 1000X.

3.3.3.2. Scanning electron microscopy:
Carl Zeiss make field-emission scanning electron microscope (FESEM) SIGMA model
operated at 20kV was used for microstructural characterization and microchemical analysis of
bulk samples and extracted particles. Microstructural characterization was carried out using
secondary electron (SE) and backscattered electron (BSE) imaging modes. Microchemical
analysis was carried out with energy dispersive spectroscopy (EDS). AZTEC microanalysis
software (software version 3.1) manufactured by M/s Oxford Instruments Ltd, U.K. with
internal library standards were used to quantify the data.

3.3.3.3. Transmission electron microscopy:
Detailed microstructural characterization was carried out using the transmission electron
microscopy technique in conjunction with EDS using a JEOL 2000FX transmission electron
microscope (TEM) equipped with W filament and operated at 160kV, a JEOL JEM 3010 TEM
equipped with LaB6 filament and operated at 300kV. Chemical compositions of phases in
TEM were determined using EDS analysis. Bright field (BF) and dark-field (DF) imaging
techniques were used for microstructural characterization. Ordered phases were imaged in
DF imaging using superlattice reflections. Selected area electron diffraction (SAED) patterns
were used in conjunction with TEM images to identify the presence of different phases and
their orientation relationship with matrix. Kodak photographic films were used to record
SAED pattern and images. LIBRA 200 FE TEM operated at 200kV was used for obtaining
high resolution atomic lattice fringes pattern and digital images were recorded using CCD
camera equipped with microscope.

3.3.4. Mechanical properties measurements:
3.3.4.1. Hardness testing:
Microhardness measurements were carried out to understand the effect of ageing on hardness
properties of the alloy. Microhardness testing was carried out

(ESEWAY digital hardness tester) at a load of 1kgf and dwell time of 10s. Microhardness
values are reported as an averages of 10 independent readings on different locations for each
specimen.

3.3.4.2. Tensile testing:
RT tensile tests of aged alloys were carried out to interpret the effect of ageing on tensile
properties. Tests were carried out using M8 x 1.25 round tensile specimens of aged alloys of
4mm diameter and about 20mm gauge length as per ASTM E8 standard [11] in an Instron
(Model-1185) screw-driven machine, using a constant strain rate of 0.98 x 10-4s-1. Tensile
properties are reported by averaging two independent tensile tests for each aged condition. Insitu tensile experiments were also carried out on 1mm thick flat tensile samples of gauge
dimensions 5 x 25mm2 at a strain rate of 4.0 x 10-4s-1 on a Kammrath and Weiss microtest
stage inside the scanning electron microscope.

3.3.4.3. Impact testing:
Sub-sized V-notch Charpy specimens of 5 x 10 x 55mm3 dimension of aged alloy as per
ASTM A370 standard [12] were tested at room temperature for impact energy measurement in
ROELL AMSLER RKP450 machine. Value of impact energies are reported by averaging two
independent impact tests for each aged condition.

CHAPTER 4
PRECIPITATION BEHAVIOUR OF -PHASE

Alloy 693 is a

-precipitation hardened Ni-base superalloy. It has been shown that it is

difficult to supress the formation of
[13], because dissolved

-precipitates in Alloy 693 by solution treatment (ST)

-precipitates re-appear within the matrix during water quenching

(WQ). Singh et al. [13] have shown that reappearance of these precipitates can only be
suppressed when the quenching rate is higher than 4500°C / min [13]. This chapter gives a
detailed account of the precipitation behaviour of

-phase particles under isothermal ageing

conditions. Samples were aged isothermally at temperatures ranging from 800-950°C for
varying times (0.5-100h) followed by WQ. Microstructural investigations were carried out
using scanning and transmission electron microscopes.

4.1. Microstructural studies of Alloy 693:
4.1.1. Solution treated alloy:
Figure 1(a) shows a dark field (DF) TEM micrograph of the ST-alloy showing the presence of
fine particles (about 10nm size) of -phase distributed homogeneously within the matrix, and
presence of carbides at the grain boundary. Figure 1(b) shows a [001] zone axis selected area
electron diffraction (SAED) pattern from corresponding imaged area revealing reflections at
characteristic {100} and {110} superlattice positions corresponding to the

-phase.

Reflections corresponding to M23C6-carbides are also indexed. This was consistent with
results reported earlier [13] for a similar alloy. It was, thus, confirmed that -phase particles
could not be suppressed during the solutionizing treatment of the alloy.

Figure 4.1. (a) DF TEM micrograph showing fine particles of the -phase in the ST-sample;
(b) [001] zone axis SAED pattern showing superlattice reflections at {100} and {110}
positions characteristic of the -phase, reflection corresponding to M23C6-carbides are also
visible; (c) key to Figure (b).

4.1.2. Aged alloys:
Aged samples exhibited a mono-modal distribution of -particles at all temperatures. Figure
4.2 shows a series of micrographs depicting temporal evolution of -phase particles during
isothermal ageing at 800-950°C temperature regime for a series of time periods. Tables 4.2
and 4.3 give size (d), number density (Nv) and volume fraction (f) of
different ageing condition. Since the ST-sample already contained fine

-precipitates at
-particles, ageing

resulted in their further growth and/or coarsening depending upon ageing temperature.
Microstructures of the alloy aged at 800°C exhibited the maximum number density of

-

particles for all annealing times (Figures 4.2(a-c)). It was clear from Table 4.2 that -particles
grew in size continuously with time as their sizes increased monotonically. Nv of particles
decreased with the increase of temperature for respective ageing periods (see Table 4.3). At
875°C (Figures 4.2(d f)), Nv of particles always appeared less than that at 800°C

though

their sizes were larger in the former due to faster growth kinetics at the higher temperature
(see Table 4.2). With further increase in temperature, the Nv of particles decreased while their
sizes increased (see Tables 4.2 and 4.3). At higher temperatures, as particles grew, they
exhibited a tendency to assume a cuboidal morphology and during later stages of ageing
aligned themselves along a specific direction (marked by arrows), which is known to be
<100> for these particles [14, 15]. At temperatures between 875-950°C, the morphology
change over from spherical to cuboidal was seen within 2.0h of ageing. After 100h of ageing
at 875°C (Figure 4.2(f)), almost all particles had assumed a cuboidal morphology and aligned
themselves.

-precipitates remained coherent during growth and even the largest particle

observed retained its coherency with the matrix.

Figure 4.2. Series of electron micrographs depicting temporal evolution of -particles during
isothermal ageing at temperatures ranging from 800-950°C. (a) 0.5h at 800°C; (b) 2.0h at
800°C; (c) 100h at 800°C; (d) 0.5h at 875°C; (e) 2.0h at 875°C; (f) 100h at 875°C; (g) 0.5h at
900°C; (h) 2.0h at 900°C; (i) 100h at 900°C; (j) 0.5h at 950°C; (k) 2.0h at 950°C; (l) 100h at
950°C. All the micrographs were imaged using TEM except for (f), (i) and (l), which were
imaged using a FESEM.

Table 4.1. Chemical composition of Alloy 693 under study.
Ni

Cr

Fe

Al

Ti

Nb

Mn

S

wt.% 58.42 31.26 3.98 3.94 0.34 1.53 0.20 0.01

C

N

0.08

0.02

at.% 53.81 32.51 3.86 7.90 0.38 0.89 0.20 0.01 0.373 0.06

Table 4.2. Average sizes (d) of -precipitates in aged samples.
Average size of -precipitates (nm)
Time (h)
800°C

875°C

900°C

950°C

0.5

8.3 ± 2.3

24.1 ± 8.5

27.9 ± 9.2

43.9 ± 10.0

2.0

18.5 ± 6.8

41.5 ± 10.1

47.0 ± 13.5 78.3 ± 17.1

81.2 ± 21.4 152.9 ± 43.1 203.2 ± 5.6 341.2 ± 4.2

100.0

Table 4.3. Number density (Nv) and volume fraction (f) of -precipitates in aged samples.
No. density of -precipitates (Nv -number.nm-2); volume fraction (f)
Time (h)

800°C

875°C

900°C

950°C

Nv *10-4

f

Nv *10-4

f

Nv *10-4

f

Nv *10-5

f

0.5

6.79

0.52±0.04

2.38

0.49±0.04

1.54

0.43±0.04

8.47

0.32±0.02

2.0

7.02

0.53±0.07

1.57

0.50±0.04

1.21

0.43±0.05

3.02

0.19±0.03

100.0

7.05

0.78±0.04

0.09

0.62±0.09

0.05

0.37±0.05

0.10

0.19±0.03

It is evident from Tables 4.2 and 4.3 that at higher temperatures, the alloy exhibited an
increase in size of -particles and a decrease in their volume fractions with increase of ageing
time. At 875°C, the alloy exhibited almost constant volume fraction (within experimental
errors) of particles though their sizes increased with time, due to faster coarsening kinetics at
the higher temperature. Further increase of temperature decreased the number density of -

particles with concomitant increase in their size. This suggested that, at temperatures above
875°C, transformation was dominated by faster coarsening kinetics. Interestingly, at 900°C
and 950°C temperatures, the alloy exhibited a larger volume fractions of the -phase during
initial ageing times which reduced during prolonged ageing. This behaviour was attributed to
under-saturated state of the -matrix (with respect to -forming solutes) at 900°C and 950°C
temperatures. Due to the under-saturated state of the -matrix dissolution of already formed
-phase particles would continue till composition of the

-matrix saturates at these

temperatures. This was confirmed on the basis of variation in lattice parameter of -matrix
during isothermal annealing at 950°C (Table 4.5).

Figure 4.3. Neutron diffraction pattern of ST and aged alloys (950°C-0.5h and 950°C-100h),
inset shows a magnified view of the {111} peak.

Lattice parameter values were estimated by Rietveld refinement of neutron diffraction data,
using the Le-Bail fitting [114], which fits the whole powder pattern. Figure 4.3 shows the
neutron diffraction patterns of ST and alloy aged at 950°C for 0.5 and 100h, which revealed
additional peaks along with fundamental reflections of the -phase matrix (shown by the *
symbol in Figure 4.3). Additional peaks could be indexed corresponding to the

-phase

-phase of Cr (shown by the # symbol in Figure
4.3), having a bcc-structure (which will be discussed in detail in Chapter 5). Table 4.4 gives
crystallographic details of different phases used for fitting diffraction patterns. Table 4.5
gives experimentally determined (fitted) cell parameters and errors associated with them for
- and -phases. From Table 4.5, it is clear that lattice parameter of the -matrix in the sample
aged for 0.5h at 950°C was more than that in the ST-sample, indicating an increase in solute
concentration in the matrix after 0.5h of ageing. The observed decrease in the lattice
parameter of the -matrix after 100h was due to the precipitation of a Cr-rich

-phase

(marked by # in Figure 4.3), which will be discussed in Chapter 5. Compositions of a coarse
-precipitate and matrix in sample aged at 950°C for 100h (regions are marked in Figure 4.
2(l), respectively) are given in Table 4.6.

Table 4.4. Crystallographic details of different phases used in the input file for Rietveld
refinement.

Chemical Formula

-phase (Ni)

Space group

Fm m

-phase (Ni3Al)
Pm m

-phase (Cr)
Im m

Unit Cell Parameter (Å)

3.5238

3.599

2.8839

(JCPDS NO.)

(00-004-0850)

(01-071-5899)

(00-006-0694)

Table 4.5. Lattice parameter values of - and -phases, determined by Rietveld refinement of
neutron diffraction data, in different states of the samples.

Lattice Parameter (Å)
Specimen State
-matrix Error ( )

-precipitate Error ( )

ST

3.5955

0.4 E-4

3.5897

2.7 E-4

950°C-0.5h

3.5988

1.0 E-4

3.5897

7.8 E-3

950°C-100h

3.5912

0.3 E-4

3.5887

1.4 E-4

Table 4.6. Compositions of

-precipitate and matrix (restricted to main elements) in

sample aged for 100h at 950°C.

Elemental composition (in at.%)
Ni

Cr

Fe

Al

Ti

Nb

Region 1 ( -precipitates)

68.77

5.04

1.54

18.49

1.82

4.34

Region 2 (Matrix)

57.66

31.04

4.63

5.84

0.23

0.60

Nominal composition in alloy

54.16

32.72

3.89

7.95

0.38

0.90

Figures 4.4 and 4.5 show the frequency-size distribution histograms of -precipitates under
different ageing conditions, Figure 4.4 depicts histograms for samples aged at 800°C and
875°C temperatures, while Figure 4.5 depicts histograms for samples aged 900°C and 950°C
temperatures. Owing to differences in the ranges of particles sizes in samples aged for 0.5,
2.0 and 100h, histograms for corresponding sample were obtained using bin sizes of 2.0, 5.0
and 20nm, respectively. It was clear from both the figures that particle size distributions were
well represented by normal distributions, except for the sample aged for 0.5h at 800°C
(Figure 4.4(a)).

for samples aged for 0.5, 2.0 and 100h were plotted using bin sizes of 2, 5 and 20nm, respectively (see text for details).

875°C temperatures: (a) 0.5h at 800°C; (b) 2.0h at 800°C; (c) 100h at 800°C; (d) 0.5h at 875°C; (e) 2.0h at 875°C; (f) 100h at 875°C. Histograms

Figure 4.4. Frequency-size distribution histograms of -precipitates in aged samples after ageing for different periods of time at 800°C and

for samples aged for 0.5, 2.0 and 100h were plotted using bin sizes of 2, 5 and 20nm, respectively (see text for details).

950°C temperatures: (a) 0.5h at 900°C; (b) 2.0h at 900°C; (c) 100h at 900°C; (d) 0.5h at 950°C; (e) 2.0h at 950°C; (f) 100h at 950°C. Histograms

Figure 4.5. Frequency-size distribution histograms of -precipitates in aged samples after ageing for different periods of time at 900°C and

The skewed nature of the particle size distribution in this sample could be attributed to
following factors: (i) high driving force for the nucleation of particle at 800°C due to larger
under-cooling which could have nucleated new particles during the growth of already
existing particles; (ii) experimental limitation of imaging and analysing particles of sizes
below 5.0nm. The fact that the ST-sample contained particles of mean size (about 10nm)
larger than those in the sample aged for 0.5h at 800°C supported that new particles had
nucleated during this period. This shifted the mean value towards the lower side and changed
distribution from normal to a skewed type. The nature of the distributions for all times
remained more or less same for samples aged at 875, 900 and 950°C while the average
particles sizes increased with time. Further, as mentioned earlier, the number density of
particles decreased with time in these samples (see Table 4.3). This confirmed the particles
exhibited coarsening behaviour at these temperatures.

4.2. Discussion:
4.2.1 Precipitation behaviour of the -phase particles:
Precipitation is a three step process involving nucleation, growth, and coarsening. According
to classical nucleation theory, the rate, J, at which homogeneous nuclei are created per unit
volume and time is given by [115],
J = n0 z

*

exp (-

) exp(- )

...(i)

where, n0 represents the total number of potential nucleation sites, Z, is the Zeldovich factor
that takes into account the decomposition of super-critical nucleus due to thermal fluctuation;
* is the rate at which a single atom joins a critical nucleus to make it supercritical taking
into account the long-range diffusive transport of atoms (extremely dependent upon
temperature change); k is the Boltzmann constant and T is temperature;

is the incubation

time and t is the time for isothermal reaction. G* is the main driving force for the formation
nucleus and is given by [116],
G* =

...(ii)

where, GV is the volume free energy decrease associated with the nucleation event.
proportional to degree of supersaturation ( C) and

GV is

under cooling ( T*) below the

equilibrium solvus temperature (Te). Term exp(- G*/kT) in Equation (i) expresses the
probability of forming nuclei and is essentially zero until a critical under-cooling ( Tc) is
reached after which it rises rapidly.
During nucleation, composition of the matrix remains more or less unchanged.
However, continued nucleation occurring with simultaneous growth of the already existing
precipitates depletes the matrix from precipitate-forming solutes. As a result, decreases of
GV reduced in magnitude continuously with the nucleation and growth process. Under
isothermal conditions, continued growth of the precipitates drives the matrix into a state close
to equilibrium when

C 0, beyond which coarsening or Ostwald ripening driven by the

minimization of the total precipitate surface area occurs.
The overall precipitation behaviour is governed by nucleation rate, growth rate,
number density and distribution of nucleation sites, overlap of diffusion fields of transformed
volumes and impingement of adjacent transformed volumes [16]. Diffusional transformations
are characterized by C-shaped time-temperature-transformation (TTT) curves governed by the
nucleation and growth processes. For a given alloy,

C increases with decrease in

temperature due to increase in supersaturation at lower temperatures. At temperatures close to
Te, both C and

are small and the transformation is characterized by long incubation

periods. At lower temperatures, both

and

are large but slow rates of diffusion limit the

transformation rate. A maximum transformation rate is obtained at an intermediate
temperature (Tmax).
Particles number density (Nv) can be related to the nucleation rate (J) as Nv = J.t,
where t is time. The particle number density therefore increases linearly with time during the
nucleation stage for small Nv when particles are uncorrelated. Nv remains roughly constant
during the growth stage. In the coarsening stage, the particle number density decreases
linearly with time in accordance with Lifshitz and Slyozov [19] and Wagner [20] (LSW)
theory.
For the present alloy Te and Tmax are close to 950°C and 875°C, respectively [13].
Under isothermal conditions, continuous nucleation and growth of precipitates drive the
transformation till matrix composition equilibrates with respect to that of precipitates (i.e.,
on of total
precipitate surface area occurs. During ageing at 800°C, continuous increase in size as well as
volume fraction of

-particles indicated their continuous growth till 100h suggesting that

composition of the -matrix remained away from the equilibrium composition till this period.
On the other hand, nearly constant volume fraction of precipitates at 875°C suggested of their
coarsening stage. However, at 900°C and 950°C temperatures, the alloy exhibited a larger
volume fractions of the -phase initially, which reduced during prolonged ageing. This could
be attributed to under-saturated state (with respect to

-forming solutes) of the -matrix at

these temperatures. Precipitation of high density of

-phase particles during WQ (in ST-

condition) would decrease the concentration of

-forming solutes in the -matrix to an

average composition, defined by C , where T represents the temperature up to which
diffusion of -forming solutes would be effective. This composition would be lower than the
average composition of the alloy. It was not unreasonable to assume that T would be much
lower than 900°C, which was consistent with an earlier work [13]. This implied that

<

and indicated that the -matrix in the ST-alloy would be under-saturated with respect
to

-forming elements at temperatures 900°C or higher. This behaviour is schematically

illustrated on the NiAl-phase diagram [65] in Figure 4.6. This was consistent with higher
solubility of solutes at higher temperatures. Further,

-particles already present in the -

matrix of ST-samples would immediately start coarsening when subjected to annealing at
900°C or higher temperatures.

Figure 4.6. A part of NiAl-binary phase diagram illustrating a shift of the equilibrium
Ni/(Ni + Ni3Al) phase boundary to metastable state, shown by a broken thick line, after WQ.
denotes average composition of -forming solutes (here represented by only Al) in the
matrix after WQ, which is lower than their equilibrium composition at 900°C, denoted by
.

represents the average composition

of

-forming solutes in the alloy and T

represents the average temperature upto which diffusion of -forming solutes was effective
during WQ (see text for details). Figure is redrawn from reference [7].

Simultaneously, some of them would tend to dissolve to bring the composition of -forming
solutes in the matrix to equilibrium values. This tendency was reflected in higher volume
fractions of particles observed initially at 900°C and 950°C temperatures, which decreased
during prolonged ageing to equilibrate the matrix compositions at respective temperatures
(see Table 4.3). Fixed volume fraction of precipitates, concomitant with decrease in their
number density, after 2.0h of ageing at 950°C (see Table 4.3) indicated of their coarsening
stage. Attempts were also made to delineate growth and coarsening stages of -precipitates
on the basis of change in lattice parameter of the -phase. However, this data could not be
utilized due to the precipitation of an -phase, which also decreased lattice parameter of the
matrix [117], during periods that overlapped with coarsening stages of -precipitates.

4.2.2. Morphological evolution of -particles in aged alloys:
Competing factors of

interfacial energy and the elastic strain energy arising due to lattice

mismatch between matrix ( ) and precipitates ( ) determine the morphological evolution of
-precipitates in Ni-base superalloys [23]. In addition, differences in thermal expansion
coefficients ( T) of - and -phases at different ageing temperatures may also play a role on
morphological changes. Usually lattice parameter increases with temperature at a rate
determined by the thermal expansion coefficient of the phase. Owing to stronger bond
strengths, ordered phases would have low
Differences in the

T

T

-values than that of their disordered phases.

-values of - and -phases would therefore increase the strain energy

contribution at higher temperatures. In the early stages of precipitation, particles remained
spherical due to low interfacial and elastic strain energies, however, latter begin to dominate
during growth and coarsening. In general, smaller

-

lattice misfit ( ) causes the

morphological transition to occur at larger particle sizes because lower elastic strain makes
easy growth of

-particles [26]. Morphology of particles also depends upon the particles

number density (Nv), since the size to which particles can grow is limited by the interaction of

strain fields [21], as seen in Figure 4.2(c) (sample aged for 100h at 800°C). Because of
aforementioned factors, morphological transformation from spherical to cuboidal shape
occurred at different sizes of particles at different temperatures. During ageing at 800°C, precipitate size increased from an average of 8.3 ± 2.3nm (spherical) after 0.5h to 81.2 ±
21.4nm (spherical) after 100h of ageing. Even after ageing for 100h, the number density of
particles appeared to remain unchanged and particles retained spherical shape after growing
to fairly larger sizes. The spherical shapes of particles at this temperature could be attributed
to low degree of lattice misfit ( ) as a consequence of their limited growth caused by particles
impingement. At 875°C TEM micrographs showed that precipitates size increased from 24.1
± 8.5nm to 152.9 ± 43.1nm with increase of ageing time from 0.5-100h, respectively.
Morphological change over from spherical to cuboidal was seen after 2.0h of ageing and the
-precipitates developed facets approximately parallel to {001}. After 100h of ageing at
875°C, most particles had assumed cuboidal morphology and were aligned in <100>
direction. This implied that coarsening of

-particles driven by the reduction of interfacial

energy already started to operate at this temperature which resulted in their directional
distribution and morphological changes, and was consistent with previous works (see,
e.g.,[118]). Beyond 875°C, alloy samples exhibited similar morphological transition from
spherical to cuboidal shapes as found at 875°C with exception of reduced particle densities
and their volume fractions at higher temperatures (see Figure 4.2 and Table 4.3).

4.2.3. Coarsening kinetics of -particles in aged alloys:
A large body of work has demonstrated that coarsening of -particles in a -matrix conform
volume diffusion controlled behaviour through matrix. Such a volume diffusion controlled
coarsening behaviour has been modelled by the LSW theory [19, 20]. The theory is strictly
applicable only to the growth of an infinitesimally small volume fraction of precipitates in a
dilute fluid matrix, though it is able to predict the coarsening behaviour in concentrated alloys

like superalloys, as well. According to LSW theory, the average size of the particles obeys the
law
r3-r03 = K.(t

t0)

...(iii)

where, r is average radius of particles at a time t, r0 is average radius at time t0 (beginning of
coarsening stage), and K is rate constant [119].
In general, coarsening follows r = K.t behaviour, where exponent is

governed by

the mode of coarsening. If the coarsening follows a matrix diffusion controlled growth
behaviour,

= 3, and if diffusion across the matrix/precipitate interface controls the growth,

= 2 [23]. To determine the coarsening mechanism in Alloy 693, logarithm of the average
precipitate size (i.e., loge r) versus logarithm of the ageing time (loge t) for all the ageing
temperatures were plotted as shown in Figure 4.7(a). This analysis was restricted to samples
aged at temperatures 875°C and above, as the sample aged at 800°C still exhibited a particles
growth behaviour even after 100h of ageing. Radii of particles were obtained from average
particle sizes for spherical shapes and as a half of the average length of cube diagonal for
cuboidal shapes. Inverse of the slope of the linear-fit of loge r vs. loge t were taken to
estimate exponents

at respective temperatures (Table 4.7). All the values were nearly same

and were close to 3. Thus, the experimentally determined exponents of coarsening suggest it
to be volume controlled diffusion as suggested by LSW theory. Average particle size raised to
the third power (i.e., r3) versus annealing times (t) were plotted for all the temperatures
ranging from 875-950°C (Figure 4.7(b)). Coarsening rate constant (K) was estimated from
the slope of linear fits of respective plots of the cube of particle size versus time (Figure
4.7(b)) while corresponding intercepts gave mean initial particle sizes (r0). On the basis of r3
versus t plots (Figure 4.7(b)), coarsening rate constants (K) at temperatures 875, 900 and
950°C were calculated and given in Table 4.7. The values of K suggested that

-particles

coarsened more rapidly at high temperatures mainly due to easier diffusion of elements.

Figure 4.7. Plots depicting coarsening behaviour of

-particles at 875, 900 and 950°C

temperatures: (a) loge r versus loge t plots for predicting growth exponent; (b) r3 versus t
plots for estimating the coarsening rate constant (K).

Table 4.7. Calculated temporal exponent and rate constants for coarsening behaviour of precipitates in Alloy 693.

Ageing temperature (°C)

Temporal exponent ( )

875

900

950

3.0

2.9

2.7

Rate constant, K (m3/s) 1.12 × 10-27 2.67 × 10-27 13.57 × 10-27

4.2.4. Stability of the -phase:
It has been shown earlier in Table 4.6 that alloying elements (Ti, Nb, Cr and Fe) present in
the alloy substitute for Ni and Al atoms in the -phase. Such elemental substitution have been
reported to affect phase stability of

-precipitates that results in microstructural instability

which ultimately affect properties of the alloy [61]. In the -phase, Ti and Nb preferentially
substitute Al lattice sites while Cr and Fe substitute Ni atoms. Presence of these elements in
the alloy alters the volume fraction of these precipitates [5, 62, 63]. Addition of these
elements (see Figure 2.3 in Chapter 2), however, is limited to certain extent beyond which
they promote formation of detrimental phases along with -phase [5, 62, 63]. For instance,
addition of Ti beyond 16at.% in binary NiAl alloy promotes the -phase (hexagonal Ni3Tiphase) as mentioned already in Chapter 2 (see Figure 2.3(a) in Chapter 2). Similarly, addition
of more than 8at.% Nb in binary NiAl alloy would form -phase (orthorhombic Ni3Nb-phase)
as shown in Figure 2.3(b) of Chapter 2. According to Pearson and Hume-Rothery [120],
stability of the -phase of Ni3X compounds is related to atomic size of X elements - Al, Ti and
Nb. An increase of atomic size decreases stability of the -phase and makes it metastable
beyond a certain concentration of X element. Mishima et al. [61] have shown that Nb can be
dissolved up to about 8at.% in the -phase of Ti-free alloys, and would further decrease in
presence of Ti. This could be explained on the basis of free electrons per atom (e/a ratio) of

alloy that governs the stability of competing structures of Ni3X stoichiometry in accordance
with the scheme proposed by Sinha [66]. According to this scheme, the e/a ratio for the
stability of the L12, D024 and D0a structures of

Ni3Al, Ni3Ti and Ni3Nb compounds,

respectively, correspond to 8.25, 8.5 and 8.75 (Table 4.8).
Addition of Ti and/or Nb, having free electrons more than those in Al, increases the
e/a ratio and destabilizes L12 structure. In the absence of Ti, the maximum reported solubility
of Nb in the Ni3Al is about 8at.% giving an e/a ratio

8.41 for the Ni3(Al0.68Nb0.32)

compound. In the present study, e/a value for -phase is ~8.20 (calculated from composition
given in Table 4.6) which is close to the value of Ni3Al-phase and thus is a stable phase.

Table 4.8. Numbers of free electrons per atom (e/a ratio) for different metals and compounds
relevant to -precipitation in Alloy 693.

Composition e/a ratio Ground state of the equilibrium ordered structure
Ni

10

-

Al

3

-

Ti

4

-

Nb

5

-

Ni3Al

8.25

L12

Ni3Ti

8.5

D024

Ni3Nb

8.75

D0a

4.3. Summary:
Precipitation and coarsening behaviour of

-precipitates in Alloy 693 followed similar

behaviour as reported in many other -precipitate bearing alloys. These precipitates evolved
homogeneously throughout the matrix with spherical morphology which tended to change to
cuboidal during prolonged ageing and they aligned themselves along <100> directions.

-

precipitates always maintained coherency with the matrix (upto the largest sizes observed in
present study). Formation of these precipitates could be explained by classical nucleation and
growth theory. They followed a volume controlled diffusion coarsening kinetics as suggested
by LSW theory.

CHAPTER 5
MICROSTRUCTURAL STABILITY AT ELEVATED
TEMPERATURES

The alloy exhibited a microstructural instability in the form of Cr rejection from the matrix,
as

-phase precipitates grew/coarsened, during prolonged ageing at elevated temperatures.

This chapter gives a detailed description of this instability observed during the prsent study.

5.1. Microstructure of the alloy after prolonged ageing:
Optical microscopy of samples aged at 800-900°C for prolonged periods of time exhibited
the formation of needle shaped particles (a few of them are marked by arrows in Figures
5.1(c, f, i)). Figure 5.1 also shows a few globular shaped MC and M23C6 type carbides,
distributed throughout the matrix as well as at grain boundaries, known to form in Ni-base
superalloys during solidification [15] . At 950°C temeprature, these new phase particles were
even observed after short duration of ageing (Figure 5.2(a)). Temporal evolution of these
particels at 950°C is shown in Figure 5.2 (few of them are marked by arrows). These needle
shaped particles tend to dissolve at temperatures above 950°C - volume fraction and size of
these particles reduced in sample aged at 1000°C for 0.5h and were absent in samples aged at
1050°C for 0.5h (see Figure 5.3). Microstructural observations clearly showed that, for a
given time, volume fraction of these particles increased with temperature and reached a
maximum value at temperature about 900°C (see Figures 5.1(c, f, i)) above which it
decreased (see Figure 5.2(f)).

Figure 5.1. Optical micrographs showing the evolution of needle shape particles (a few of
them are marked by arrows) in samples aged at 800-950°C for 0.5-100h: (a) 0.5h at 800°C;
(b) 2.0h at 800°C; (c) 100h at 800°C; (d) 0.5h at 875°C; (e) 2.0h at 875°C; (f) 100h at 875°C;
(g) 0.5h at 900°C; (h) 2.0h at 900°C; (i) 100h at 900°C.

Figure 5.2 Optical micrographs showing isothermal evolution of needle shape particles (a
few of them are marked by arrows) in samples aged at 950°C.

Figure 5.3. BSE micrographs of samples aged at: (a) 1000°C for 0.5h; (b) 1050°C for 0.5h,
Needle shaped particles are visible at 1000°C (a few of them are marked by arrows) but are
absent at 1050ºC temperature.

Figure 5.4(a), shows XRD patterns of samples aged at 800-950°C for 100h, in which new
peaks appeared (whose zoomed view is also

shown in Figures 5.4(b-d)). Detailed

investigation of these precipitated particles were also carreid out using SEM, TEM and EDS
methods. Figure 5.5 shows secondary electron (SE) micrographs of samples aged for 0.5h at
800-950°C temperatures. These micrographs clearly revealed the presence of two different
kinds of precipitates having different morphology. Particles which appeared in spherical
morphology (that changed to cuboidal during later stages of annealing) were

-phase

particles discussed in Chapter 4 [14]. Second kind of precipitates, always had a lath type
morphology during early stages of evolution at all temperatures 800-950°C (see Figure 5.5),
but later assumed a needle shape morphology. Figure 5.6 shows SEM micrographs depicting
evolution of morphology of these particles during isothermal annealing at 950°C.

Figure 5.4. (a) XRD pattern of solution treated (ST) sample and samples aged for 100h at
800-950°C, depicting peaks corresponding to -phase as well as a few extra peaks (X, Y and
Z) in aged samples (zoomed-in view shown in (b), (c) and (d), respectively), which were later
identified to be of a Cr-rich -phase.

Figure 5.5. SE micrographs depicting the start of precipitation of needle shape particles at
different ageing temperatures (800-950°C). It is also depicting the

-phase precipitates

which have already discussed in Chapter 4.

Figure 5.6. SE micrographs depicting the isothermal evolution of needle shape precipitates in
samples aged at 950°C.

5.2. Phase identification and orientation relationship:
A careful analysis revealed that these particles were always comprised of two phases (Figure
5.7(a))

an inner phase (in dark contrast) enveloped by an envelope phase (in bright contrast)

suggesting of their simultaneous appearance. Components of these particles were
determined using point scan EDS analysis in SEM, which revealed that inner phase was rich
in Cr while outer phase was enriched in Al w.r.t. the matrix composition (see EDS-spectra
given in Figures 5.7(b-c)). Composition of these two phases along with matrix phase is given
in Table 5.1. It is important to mention here that composition given in Table 5.1 could be
associated with large errors because of the relatively small size of particles compared with
large interaction volume of EDS in SEM and is of only qualitative importance. A line scan
analysis (Figure 5.7(d)) across a needle also qualitatively supported the enrichment of Cr and
Al in inner and outer regions, respectively.

Figure 5.7. (a) SE micrographs depicting needle shape particles composed of two phases in
bright and dark contrast; (b) and (c) are the EDS spectra from region I and II marked in
Figure (a), respectively; (d) line scan across both the phases.

Table 5.1. Composition (at.%) of matrix and needle shaped particles (dark and bright
regions) shown in Figure 5.7(a).

Elements Matrix (at.%) Dark region (at.%) Bright region (at.%)
Ni

57.76

45.38

58.96

Cr

30.32

44.58

20.92

Fe

4.74

3.32

3.72

Al

6.16

5.02

13.08

Nb

0.76

1.20

2.82

Ti

0.26

0.50

0.50

Composition of these particles was identified on the basis of chemical analysis of
electrolytically extracted particles from the matrix. Figures 5.8(b-c) show SE image of
extracted needles along with an EDS spectrum from one such needle. EDS analysis of
extracted needles showed them to be Cr-rich (Cr-95.0, Ni-3.10 and Fe-1.90; in at.%).
Further, XRD analysis of extracted particles revealed them to be a Cr-rich -phase with a
body centred cubic (bcc) structure having a lattice parameter a~2.8802 Å [117] (Figure
5.8(a)). In addition, peaks corresponding to (Ti,Nb)C- and Cr23C6-carbides were also
observed in XRD pattern, whose presence is normal as they form during solidification and
subsequent heat treatments of Ni-base superalloys, see for example [121]. Thus Cr-rich inner
phase particles shown in Figures 5.7(d) and 5.8(b) are bcc Cr-rich particles and henceforth
will be designated as -phase particles.
Detailed analysis of the Al-rich enveloped phase, designated as ep-phase (region II in
Figure 5.7(a)) was carried out using TEM analysis. Figure 5.9 shows a bright field (BF) TEM
micrograph of a sample aged at 950°C for 100h. The figure showed a region of a grain
containing (

)-phases within which -particles surrounded by the ep-phase had formed. As

shown earlier [14], maximum volume fraction of the -phase had precipitated out within 0.5h
at this temperature.

Figure 5.8. (a) XRD scan of extracted particles; (b) SE micrographs showing the needle shape
particles; (c) EDS spectra from particle shown in Figure (b).

Figure 5.9. (a) BF TEM micrograph of sample aged at 950°C for 100h. Different phases,
namely -, ep- - and - are marked in Figure; (b) selected area electron diffraction (SAED)
pattern from the region marked in Figure (a), containing - and ep-phases. This diffraction
pattern could indexed as superimposed diffraction pattern corresponding to [

] //[

]

zone axes of - and -phases; (c) key to SAED pattern in (b). Superlattice reflections of the phase at {100} and equivalent positions of the -phase, could also be noticed.

Table 5.2. Compositions of - and ep-phases corresponding to regions shown in Figure
5.9(a). Composition of the
particles in the (

s-phase

was determined from the matrix region in between

-

)-region. Composition of the -phase corresponds to that of particles

coarsened at 950°C reported earlier in Chapter 4 [14].

Elemental composition (in at.%)
Phases

ep (

+

)

s

Ni

Cr

Fe

Al

Ti

Nb

3.28

95.18

1.54

-

-

-

71.85

5.32

1.26

15.54

1.78

4.26

57.76

30.32

4.74

6.16

0.26

0.76

68.77

5.04

1.54

18.49

1.82

4.34

It was, therefore, reasonable to assume that the -phase regions in between -particles had
saturated with respect to -forming solutes at this temperature. Composition of the saturated
-phase (designated as

s

) measured by EDS analysis is given in Table 5.2. Figure 5.9(b)

shows a composite SAED pattern taken from - and ep-phases from the marked region in
Figure 5.9(a) when their interface was parallel to the electron beam. The observed diffraction
patterns could be indexed to [ 10] and [ 11] zone axes of the two phases, which appeared
to be nearly parallel (a key to Figure 5.9(b) is shown in Figure 5.9(c)). In addition,
superlattice reflections of
noticed. However,

-phase, at {100} and equivalent positions of

-phase, could be

-phase particles could not be imaged by dark field (DF) microscopy

suggesting that their size was smaller than the diffraction contrast resolution limit of the
JEOL 2000FX microscope used for their imaging. Nonetheless, the mottled contrast observed
within the enveloped region in the BF image (Figure 5.9(a)) was consistent with the presence
of fine particles in it. Thus ep-phase contained a mixture of
is used to represent that chemical compositions of the

- and

- and

-phase

d

-phases were different from

those of otherwise mentioned - and -phases due to the formation of former in Cr depleted
regions). Composition of -particles analysed by TEM was in agreement with that measured
in extracted particles (Figure 5.8(c)), while composition of the ep-phase (which was an
average of compositions of

- and

-phases) was found to be close to that of the -phase

(Table 5.2). Crystal structure and chemical composition together, therefore, established that
the ep-phase was nothing but

- and

-phases formed in a locally altered (

)-phase

field due to Cr rejection during the formation of -particles. High resolution transmission
electron microscope (HRTEM) image of regions across

interface exhibited fringes

corresponding to (111) planes parallel to those of (110) planes when imaged along
[ 10] //[ 11] direction (Figure 5.10(a)). This was also confirmed by diffraction patterns
generated by Fast Fourier Transformation (FFT) which exhibited overlapped reflections due
to (111) and (110) planes of the two phases (Figures 5.10(b) and 5.10(c)).

5.3. Discussion:
On the basis of results presented here, it could be concluded that the Alloy 693 studied here,
starting from the supersaturated (SS) solid solution state, followed a phase transformation
sequence given below:
ss1

ss1

ss2

+

( s+

)+( d+

d

)+

...(i)

-represents the super saturated solid solution state of the disordered alloy. During water

quenching (WQ), after a solid solution treatment at 1100°C, it instantly precipitated out fine
particles of -phase at temperatures below 950°C [13].

ss2

-represents super saturated solid

solution state of the alloy after partial precipitation of the -phase during WQ. Obviously, the
ss2-state

would be less supersaturated mainly with Al with respect to the

mentioned earlier, growth and coarsening of

ss1-state.

As

-phase particles during ageing at 950°C

saturated the -phase matrix in between them with respect to -forming solutes, referred as
s-phase.

The s-phase, however, was unstable with respect to chromium concentration, which

was rejected to form -phase. Depletion of chromium in the vicinity of -phase particles
altered composition of the enveloped region significantly.

Figure 5.10. (a) HRTEM micrograph of

ep interface region in sample aged at 950°C for

100h; (b) FFT pattern from corresponding region, showing superimposed reflections from
{110} and {111} planes. For the sake of clarity, orientation of reflections is marked by lines
in (c).

Following sections discuss thermodynamic stability of various phases involved in this
transformation sequence, orientation relationship of the

-phase with the matrix and

mechanism of the formation of -phase particles.

5.3.1. Stability of phases at elevated temperatures:
Three major elements, Ni, Cr and Al, together make about 94.3at.% of the alloy composition.
Ni-Al-Cr ternary phase diagram, therefore, makes a useful basis for understanding
thermodynamic stability of -, - and -phases observed in this work.
Figure 5.11 shows isothermal sections of Ni-Cr-Al ternary phase diagrams at 850°C,
1000°C and 1100°C temperatures, showing the effect of temperature and Al- addition on
phase fields of binary Ni-Cr alloy system [5, 7, 24]. From Figure 5.11, it could be observed
that Cr solubility in the -phase decreases from about 48at.% (at 1100°C) to about 39at.% (at
850°C). Addition of Al in binary Ni-Cr alloys further decreases the solubility of Cr at these
temperatures, like at 1000°C addition of 5.0at.% Al reduces the Cr solubility from 44.5at.%
to 37.5at.%.

Figure 5.11. Isothermal sections of Ni-Cr-Al ternary phase diagrams taken at: (a) 850°C; (b)
1000°C and (c) 1100°C, showing the effect of temperature on phase fields [5-7].

Figure 5.12 shows superimposed parts of isothermal sections of the ternary Ni-Cr-Al phase
diagram taken at 1000°C and 850°C [5, 24]. An isothermal section at 950°C (shown by
broken lines in Figure 5.12) was drawn on the basis of linear interpolation of phase
boundaries at two temperatures. Composition of the s-phase determined after 100h of ageing

at 950°C (after the precipitation of -phase) was found to be Ni-57.76, Cr-30.32, Fe-4.74, Al6.16, Ti-0.26, Nb-0.76 (in at.%) (Table 5.2). Restricting compositions to Ni, Cr, and Al
elements, equivalent compositions of
precipitation of

-phases in fully disordered state (

ss1)

and after

-phase (i.e., of s-phase), as per relation (i), would lay at points marked as

orange and green dots, respectively, in Figure 5.12.

Figure 5.12. Superimposed parts of isothermal sections of Ni-Cr-Al ternary phase diagrams
taken at 1000°C and 850°C (solid lines) [5, 6]. Phase fields at 950°C (in broken lines) were
drawn on the basis of their linear interpolation. Equivalent compositions of the -phases in
fully disordered state (i.e.,

ss1),

and after the precipitation of -phase (i.e., of s-phase), as per

nomenclature given in relation (i), are marked as orange ( ) and green ( ) dots, respectively.
Equivalent composition in the enveloped region is marked by a '+' mark (see text for details).

Composition of the

s-phase

lay close to the

(

) phase boundary at 950°C. Further,

according to ternary phase diagrams of Ni-Cr-Nb, Ni-Cr-Fe and Ni-Cr-Ti alloys [8, 122,
123], addition of Nb, Fe and Ti in binary Ni-Cr alloys reduces the solubility of Cr in the phase (see Figure 5.13). Likewise, their additions in Ni-Al alloy reduce solubility of Al in the
-phase and promotes the formation of -phase [62, 63] (see Figure 5.14). From this, it could

be concluded that presence of 4.74, 0.76 and 0.26 at.% of Fe, Nb and Ti elements ( s-phase),
respectively, in the Ni-Cr-Al phase diagram would shift its phase boundaries to stabilize
composition of the s-phase in the (
(

)/(

)-phase field at 950°C (Figure 5.12) by shifting the

) boundary towards lower Al side and the (

)/(

) phase

boundary towards higher Ni (lower Cr) side.

Figure 5.13. Isothermal sections of ternary phase diagrams : (a) Ni-Cr-Nb at 1100°C [122];
(b) Ni-Cr-Fe at 900°C [123]; and (c) Ni-Cr-Ti at 1027°C [8], showing the effect of ternary
addition on Ni-Cr phase fields.

Figure 5.14. Isothermal section of ternary phase diagrams: (a) Ni-Al-Nb at 800°C [62]; (b)
Ni-Al-Fe at 750°C [63]; and (c) Ni-Al-Ti at 750°C [62], showing the effect of ternary
addition on Ni-Al phase fields.

Composition of the s-phase after the precipitation of -phase at 950°C would, therefore, be
supersaturated with Cr, which would precipitate out as -phase particles. Rejection of Cr
during the formation of -phase would alter composition of the enveloped region (Table 5.2).

Altered composition of ep-phase field, restricted to Ni, Cr, Al elements, would be about
17at.% Al and 6at.% of Cr
which lay within the (

Ni-Cr-Al phase diagram, Figure 5.12),
)-phase field. The fact that

-phase particles in the envelope

region could not be resolved indicated of their fine sizes. Fine sizes of

-phase particles

suggested of limited driving force available for their formation, which is a function of
supersaturation (

) and under cooling (

the wide range of (

) below the solvus temperature (Te) [16]. Due to

)-phase field, precipitation of the -phase having a composition, for

instance, near to '/( + ) phase boundary towards less Al and Cr side (Figure 5.12) would be
associated with limited driving force.
As seen in Figures 5.2 and 5.3 that volume fraction of

-particles reaches to a

maximum value then started to dissolve into the matrix with increasing temperature and at
1050°C they completely dissolved into the matrix. The tendency of the alloy to dissolve phase at temperatures higher than 950°C could be rationalised on the basis of phase fields in
which alloy composition would move to single phase field at higher temperatures. It was
clear from Figure 5.11 that with increasing temperature solubility of Cr increased and -phase
field expended significantly thereby makes the composition of the matrix (

ss2

) to appear in

single phase field region.

5.3.2. Orientation relationship of -phase with matrix:
Crystallographic orientation relationship (OR) between two phases having different crystal
structures depends upon their relative lattice parameters and plays an important role in
determining microstructure as well as mechanical properties. It is typically expressed by a set
of planes that are parallel in the two lattices and a set of directions which lies within them and
are parallel. A number of alloys undergo

transformations in steels, Cu Zn brasses,

Cu Cr alloys, etc. [124-139]. OR between two phases in these alloys vary within a well
defined range but close-packed {111} planes are usually found to be approximately parallel

to {011} planes. Variations in the ORs are a consequence of difference in directions that
comes in order to meet the condition of undistorted and unrotated habit plane. Table 5.3 list
different ORs reported for

transformations [124, 140-144].

Table 5.3. Summary of commonly observed fcc-bcc ORs [124, 140-144].
Orientation Relationship
Name

References
Planes

Directions
[001]fcc || [101]bcc , [100]fcc || [10 ]bcc ,

Bain

(010)fcc || (010)bcc

K-S

(111)fcc || (110)bcc

[ 10]fcc || [ 11]bcc , [11 ]fcc || [ 1 ]bcc

[124]

N-W

(111)fcc || (110)bcc

[ 01]fcc || [001]bcc , [ 2 ]fcc || [ 10]bcc

[141, 142]

G-T

(111)fcc ~ 1º from (110)bcc

<112>fcc ~ 2º from [1 0]bcc

[143]

Pitsch

(001)fcc || (101)bcc

[ 10]fcc || [ 11]bcc , [110]fcc || [12 ]bcc

[144]

[101]fcc || [100]bcc , [ 01]fcc || [001]bcc

[140]

Among the ORs listed in Table 5.3, Kurdjumov-Sachs (KS) and Nishiyama-Wasserman (NW)
ORs are the most frequently reported relationships. The two relationships bear a close
resemblance. In both the ORs, a {111} plane of the -phase is parallel to a {110} plane of
the -phase, and the only difference between the two is a rotation of one by 5.26° around its
normal with respect to that of the other.
Figure 5.15 shows stereographic projections of two lattices depicting relationship
between - and -phases in NW- and KS-orientations. Open and solid circles represent bcc
and fcc poles while rectangle and hexagon depict relative orientations of atomic arrangements
on respective close packed planes. In the NW-orientation, close packed directions of the two
phases (i.e., <110> and <111> ) are misaligned by an angle of 5.26°. However, a rotation of
5.26° around the plane normal of {111} plane changes NW-OR to a KS-relationship where a

<110> direction comes into coincidence with a <111> direction while the other set of
similar directions gets misaligned by 10.52°. In Figure 5.15, an anti-clock rotation of the
(111) plane normal in NW-orientation coincided [ 10] and [

]

directions of the two

phases, and created the KS-OR . Likewise, a clockwise rotation would create another variant
of the KS-OR. This makes NW-relation exactly midway between two variants of KS-relation
for a given set of parallel close-packed planes. This close proximity sometimes makes it
difficult to determine OR on the basis of diffraction patterns because Bragg's relaxation
allows their appearance even when crystal orientation is a few degrees away from an exact
zone axis.

Figure 5.15. Composite stereograms of - and

-phases showing relative orientation of

crystals when the two phases are oriented according to: (a) Nishiyama-Wassermann (NW)
orientation; (b) Kurdjumov-Sachs (KS) orientation, for (

) and (

) close packed

planes. Open and solid circles represent the bcc and fcc poles, respectively, while rectangle
and hexagon depict relative orientation of atomic arrangements on respective close packed
planes. Note that an anti-clock direction rotation of (111) plane normal by 5.26º in NWorientation has brought to [

] in coincidence with [

] [139].

In the present case, Figure 5.9(b) unambiguously established a KS-type relationship between
two phases as one set of close packed directions of two phases overlapped while the other set
made an angle of about 10° between the two. The presence of this OR further was confirmed
on the basis of HRTEM analysis of interface region whose FFT (Figure 5.10(b)) was
consistent with diffraction pattern shown in Figure 5.9(b). This analysis concluded that the
two phases followed the KS-OR.

5.3.3. Mechanism of the formation of -phase:
The simplest way to view phase transformation in the present case is by the operation of two
consecutive shears (see Figure 5.16), a mechanism originally proposed by Kurdjumov and
Sachs (KS) [124]. The first shear of

magnitude along [

planes, followed by a second shear of magnitude
of the -phase having

(

)

] direction on successive (
along [ 10] direction on planes

spacing. The second shear changes the 60° angle to

at the base of the transformed structure. This mechanism only orients the [
direction parallel to the [
along [

] . A small contraction along [

]

] and a small expansion

] would however be required to create correct cell dimension for an undistorted

habit plane. Relationship between transformation strain to that associated with the KSmechanism was demonstrated by Weatherly et al. [135] in their analysis of coherent
precipitates in Cu-Cr. They have shown that strain field associated with the formation of
needles can be approximated to that of a dipole having effective Burgers vector equal to the
addition of equal numbers of two types of partial dislocations involved in the KSmechanism. Though Weatherly et al. [135] did not associate a mechanistic significance to
this transformation, Dahmen et al. [138] have shown the accommodation of homogeneous
shears by dislocations in semi coherent needles.

Figure 5.16. A schematic drawing depicting transformation of fcc-structure to bcc by the
operation of two simple shears proposed by Kurdjumov and Sachs [124].

According to Christian [145], the role of such shear mechanisms in diffusional
transformations is restricted only to the accommodation of transformation strain by plastic
deformation of the transformed inclusion, though it can help in the nucleation stage also in a
martensitic transformation. Faults and dislocations have been shown to reduce energy barrier
for the formation of critical size nucleus in isothermal martensites [146]. Nucleation in the
present case could be attributed to thermal/chemical fluctuations, and low stacking-fault
energy of the -phase (typically ~50 mJm-2 [147]) would have aided it. Transformation in the
present case would be associated with a small misfit of 1.8% on {111} // {110} and a misfit
of about 2.7% along the overlapping direction, i.e., <

> // <

> (calculated on the basis

of lattice parameters mentioned earlier [117]). Formation of the initial lath morphology of particles appeared to be a consequence of higher misfit strain along [
directions. Influx of Cr solutes through curved

] // [

]

interfaces due to the Gibbs-Thomson

effect helped their transformation into needles.

5.4. Summary:
On the basis of above study, it could be concluded that supersaturation of chromium in the phase after the precipitation of

-phase caused the formation of -phase in Alloy 693. -

phase particles maintained a Kurdjumov-Sachs (KS) type OR with the -matrix. -phase
particles were always enveloped by the -phase enriched in Al and Nb solutes due to their
rejection from -phase forming regions. These particles initially had a lath morphology which
assumed a needle shape during coarsening.

CHAPTER 6
MECHANICAL BEHAVIOUR OF AGED ALLOY

In Chapter 4, precipitation of -phase particles has been shown to occur during ageing of
Alloy 693. Depending upon ageing temperature, these particles grew and/or coarsened with
time (see Figure 4.3 of Chapter 4). Further, during prolonged ageing, alloy also exhibited a
tendency to precipitate out needle shape -phase particles (see Figure 5.6 of Chapeter 5).
This Chapter describes the effect of

- and -phase particles on room temperature (RT)

mechanical properties of the alloy. These properties include hardness, tensile strength and
charpy impact energies of solution treated (ST) as well as aged alloys.

6.1. Microhardness:
Microhardness measurements of aged specimens were carried out to understand the effect of
precipitation on hardness values of the alloy. Figure 6.1 shows variation in the RT hardness
values of aged specimens with ageing time at different ageing temperatures. At all
temperatures hardness of the aged alloys increased with time up to 0.5h. Further change of
hardness could be categorized into two broad categories with respect to (w.r.t.) ageing
temperatures, namely, (i) samples aged at 800°C and 850°C temperatures exhibited a
monotonous increase in hardness till it reached a plateau; (ii) samples aged at temperatures
above 850°C exhibited a monotonous decrease in hardness until a plateau is reached during
prolonged ageing. Table 6.1 gives the hardness values of samples aged at different
temperature for different time periods.

Figure 6.1. Variation in the room temperature hardness values of aged samples with ageing
time (samples are aged at different temperatures).

Table 6.1. Vicker's hardness of samples aged for different ageing conditions.
Temperature (°C)
Time (h)
800

850

875

900
343.6±5.2

925

950

0.5

326.0±13.2 337.0±19.5

342.9±9.1

303.4±10.5 290.2±6.2

1.0

350.5±10.2

339.7±9.1

330.8±13.2 320.3±10.8

296.8±7.1

283.9±8.3

2.0

356.7±10.8

349.0±7.8

330.1±16.3 318.0±11.6

293.7±8.7

275.3±9.1

5.0

371.6±10.0 364.4±11.1

340.3±7.6

320.8±9.4

290.7±9.0

275.5±7.8

20.0

374.1±6.7

357.0±4.5

316.4±9.1

290.0±11.5

263.2±8.1

268.1±9.4

100.0

376.0±7.3

351.1±9.1

304.4±8.1

300.7±8.8

280.0±9.2

269.9±8.0

6.2. Tensile behaviour:
Mechanical properties of ST and aged alloys at RT were investigated using uniaxial tensile
and Charpy impact testing. ST sample at RT exhibited yield strength (YS) of about 378MPa,
ductility of about 44% and impact energy of about 56.86J. Aged alloys exhibited higher
strength, low ductility and low impact energy in comparison to ST-alloy, given in Tables 6.26.3.
Figure 6.2 shows RT engineering stress (s)

engineering plastic strain (e) plots of the

ST- sample as well as of samples aged for 0.5, 2.0 and 100h at different temperatures. From
Figure 6.2, it is evident that there was a significant increase in the YS as well as UTS with
concomitant decrease in ductility with ageing, though the latter appeared to have decrease
significantly for samples aged for 100h. At 800°C strength increased with ageing time, while
for samples aged in 875-950°C temperature regime it decreased with time. Except for 0.5h
ageing time strength decreased with ageing temperature for a given ageing time, while for
0.5h ageing time strength initially increased upto 875°C temperature then started to decrease
on further increase of temperature. On the other hand, for given ageing time ductility and
impact energy initially decreased with temperature and found to increase for elevated
temperatures. Tables 6.2 and 6.3 list YS, UTS, ductility and impact energy of ST and aged
samples, respectively.

Table 6.2. RT YS (calculated as 0.2% proof strength), ultimate tensile strength(UTS),
ductility and impact energy of ST alloy.

YS (MPa) UTS (MPa) Total elongation(%) Impact energy (J)
378

818

44.12

56.86

Table 6.3. RT YS (calculated as 0.2% proof strength), UTS, ductility and impact energy of
aged samples.

Property
Ageing
temperature (°C)

800

875

900

950

Time
(h)

YS
(MPa)

UTS
(MPa)

Total
elongation(%)

Impact
energy (J)

0.5

729.48

1123.94

27.39

36.44

2.0

765.30

1182.41

27.23

20.47

100.0

867.68

1105.43

7.00

2.55

0.5

752.30

1144.61

26.30

22.42

2.0

699.50

1139.39

23.96

13.03

100.0

642.48

930.63

8.38

4.93

0.5

681.99

1114.38

30.44

19.84

2.0

658.20

1087.55

24.32

13.93

100.0

547.34

1035.45

19.25

6.15

0.5

558.20

1002.29

32.06

26.47

2.0

513.33

968.70

36.22

16.37

100.0

433.57

963.34

32.52

14.04

6.3. Fractographic Investigations:
There are two types of fracture: ductile and brittle fracture. Ductile fracture progresses
through micro-void nucleation, growth and coalescence under the influence of favourable
hydrostatic tensile stress and plastic strain with the help of a defect present and/or
successively generated in the material matrix during loading [148]. The defect can be
inclusions, second phase particles, phase interfaces, grain boundary junctions, shear bands,
twin boundaries etc. [149, 150]. On the other hand, brittle fracture takes place by crack

propagation [151]. Brittle fractures are characterised as having little or no plastic deformation
prior to failure and keeping the signature of cleavage on the fracture surfaces [152].

Figure 6.2. Engineering stress (s)-engineering plastic strain (e) plots of the ST-sample as well
as samples aged for 0.5, 2.0 and 100h at: (a) 800ºC; (b) 875ºC; (c) 900ºC; (d) 950ºC.

In the current investigation, detailed fractographic examination was performed for ST and
aged specimens to understand the deformation and fracture micro-mechanisms of the alloy
under study. In order to comprehend that, extensive SEM investigation was carried out under
secondary mode of electron imaging. Tensile fracture surface of ST-sample was characterized
by the presence of dimples and wavy appearance of tearing ridges spread in three dimensions
throughout the surface (see Figure 6.3). This clearly designates the typical ductile fracture of
the alloy under this condition. Micro-void nucleation sites are also marked by the arrows in
Figure 6.3(b), they were likely to be carbides and inclusions. Extensive amount of plastic

deformation was noted in the ST-specimen compared to the rests aged specimens (see Figure
6.2).
Figures 6.4-6.5 elucidate the effect of ageing conditions (temperature and time) on the
fracture characteristics of the alloy. Fracture features changed significantly with ageing.
Engineering stress-engineering strain plots for aged specimens are ploted in Figure 6.2. It has
been realized from the tensile plots of specimens aged at 800°C for 0.5-100h time (see Figure
6.2(a)) that the fracture feature characteristics (see Figure 6.4(a-c)) of 0.5 and 2.0h specimens
were almost similar and they were more ductile than the rest specimen feature (specimen
aged for 100h). Samples aged at 800°C for 0.5 and 2.0h exhibited ductile dimpled features
accompanied with brittle cleavages (see Figure (6.4(a-b)). However, with ageing time,
appearance of cleavage fracture features increased dramatically (see Figure 6.4(c)-specimen
aged at 800°C for 100h). The signature of stress-strain responses for this was also noted (in
Figure 6.2(a)). It has been noted from Figure 6.2(b), that the stress-strain responses of 0.5 and
2.0h specimens (875°C) were almost similar kind, hence it was apprehended that the fracture
feature characteristics of these specimens would be similar kind (noted in Figure 6.4(d-f)).
On the other hand, specimen aged at 875°C for 100h showed brittle characteristics of the
alloy (see Figures 6.2(b) and 6.4(f)).
The stress-strain response of the alloy at 900°C (Figure 6.2 (c)) clearly indicated
similar kind of behaviour of specimens aged for 0.5 and 2.0h, except 100h specimen which
breaks earlier than rests. Fracture features of 0.5 and 2.0h specimens revealed
inhomogeneous mixture of dimples and cleavage facets, whereas 100h specimen was
comprised of fully cleavage facets. The stress-strain response of 0.5, 2.0 and 100h specimens
tested at 950°C were almost similar kind hence it was expected that fracture characteristics of
these three specimens would be similar consisting of ductile dimples and small amount of
cleavages.

Figure 6.3. (a) Fractograph of fractured surface of RT tensile tested ST-alloy; (b) zoomed
view of encircled region of Figure (a) in which carbides are marked by arrows.

at 800ºC; (d) 0.5h at 875ºC; (e) 2.0h at 875ºC; (f) 100h at 875ºC.

Figure 6.4. Fractographs of RT tensile tested aged specimens, at different ageing conditions: (a) 0.5h at 800ºC; (b) 2.0h at 800ºC; (c) 100h

at 900ºC; (d) 0.5h at 950ºC; (e) 2.0h at 950ºC; (f) 100h at 950ºC.

Figure 6.5. Fractographs of RT tensile tested aged specimens, at different ageing conditions : (a) 0.5h at 900ºC; (b) 2.0h at 900ºC; (c) 100h

6.4. Discussion:
Following sections discuss observed mechanical properties of Alloy 693 based upon
contributions identified on the basis of microscopic evidences, different strengthening
mechanisms and work hardening behavior of aged alloys.

6.4.1. Effect of precipitation of -particles on strength of the aged alloy:
The degree of strengthening caused by a second phase hardening particles depends upon their
distribution in the ductile matrix. Further, distribution of particles is described by their
volume fraction, average particle size and mean inter-particle spacing, which are inter-related
such that a change in one factor affects the others. For instance, at a given volume fraction of
the second phase particles, an increase in particle size increases their inter-particle spacing.
Difference in the strengths of alloys aged at different temperatures for different periods of
time (Tables 6.2-6.3) could be attributed to combinations of one or more of these factors.
Figure 6.6 shows variations of precipitates size as well as YS plotted against ageing
time for samples aged at different temperatures. The observed variation in their strength
values (Figure 6.6 and Table 6.3) was similar with their hardness behaviour (Figure 6.1). A
monotonous increase in hardness as well as strengths (both YS and UTS) with ageing at
800°C was consistent with increase in size and volume fraction of

-particles at this

temperature (Tables 6.4 and 6.5), a typical feature of nucleation and growth. Precipitation of
the -phase particles at 850°C appeared to have followed a similar nucleation and growth
trend, albeit at a faster rate, as reflected by a peak in hardness value within about 20h. A
small drop in hardness beyond 20h could be attributed to the coarsening stage. On the other
hand, samples aged in the temperature regime 875 950°C exhibited continuous drop in their
YS (similar to those observed in their hardness values) and suggested of coarsening stage. In
this temperature range, size of particles (Tables 6.4) increased with ageing time (Figure 6.6).

The time beyond which the strength/hardness values started to decrease (Figure 6.1, Figure
6.2 (c-d)) could be associated with the beginning of coarsening at respective temperatures.

Figure 6.6. Shows variation in the precipitate size as well as YS plotted against ageing time
for samples aged at different temperatures.

Table 6.4. Average sizes (d) of -precipitates in aged samples.
Average size of -precipitates (nm)
Time (h)
800°C

875°C

900°C

950°C

0.5

8.3 ± 2.3

24.1 ± 8.5

27.9 ± 9.2

43.9 ± 10.0

2.0

18.5 ± 6.8

41.5 ± 10.1

47.0 ± 13.5 78.3 ± 17.1

100.0

81.2 ± 21.4 152.9 ± 43.1 203.2 ± 5.6 341.2 ± 4.2

Table 6.5. Number density (Nv) and volume fraction (f) of -precipitates in aged samples.
No. density of - precipitates (Nv - number.nm-2) ; volume fraction (f)
Time
(h)

800°C

875°C

900°C

950°C

Nv *10-4

f

Nv *10-4

f

Nv *10-4

f

Nv *10-5

f

0.5

6.79

0.52±0.04

2.38

0.49±0.04

1.54

0.43±0.04

8.47

0.32±0.02

2.0

7.02

0.53±0.07

1.57

0.50±0.04

1.21

0.43±0.05

3.02

0.19±0.03

100.0

7.05

0.78±0.04

0.09

0.62±0.09

0.05

0.37±0.05

0.10

0.19±0.03

6.4.2. Effect of -phase precipitation on ductility:
It has been shown earlier in Chapter 5 that during prolonged ageing at elevated temperatures
needle shape Cr-rich

-phase particles formed along with

-precipitates. These particles

appeared to remarkably affect the plasticity of the aged alloy, which was apparent from
tensile testing of samples containing

-particles (prolonged aged samples). During the

coarsening of -precipitates alloy exhibited a decrease of strength, though the concomitant
increase of ductility was not observed (e.g., see Figures 6.2(c-d)). Impact energies of these
alloys also displayed trend a similar to ductility (see Table 6.3). Variations of these properties
with time at 950°C are plotted in Figure 6.7. It is evident from Figure 6.7 that ductility and
impact energy of an alloy decreased with the decrease of strength which is variance with
general understanding. Anomalous ductility of 950°C-100h aged sample could be correlated
to the precipitation of -phase. Fractography of fractured surface of RT tensile tested samples
revealed the presence of many -phase precipitates particles that had broken (cleaved) during
deformation (marked by arrows in Figure 6.8). EDS analysis of broken particles confirmed
them to be Cr-rich. Appearance of cracks within these particles suggested them to be of
brittle in nature.

Figure 6.7. Variation in YS, UTS , percentage elongation and impact energy of samples aged
at 950°C for 0.5-100h w.r.t. ST-sample (value of which are marked by star symbols in
Figure).

Figure 6.8. SEM fractograph of fractured surface of RT tensile tested aged sample, aged at
950°C for 100h.

Figure 6.9. An in-situ SE micrograph of a sample (aged at 950°C for 100h) deformed at RT
under tension inside the SEM ,taken after 3% straining. Cracking of Cr- rich -phase particles
within 3% strain could be noticed.

Reduced ductility in presence of these -precipitates was also confirmed by in-situ straining
experiments of prolonged aged sample (aged at 950°C for 100h) inside SEM. In-situ straining
experiment confirmed development of cracks in -phase precipitates (shown in Figure 6.9)
within about 3% straining. This was found to be consistent with the brittle nature of Cr,
whose maximum strength at RT is reported to be 282MPa with nil ductility, which was lower
than YS of aged alloy and they developed cracks well before an appreciable strain.

6.4.3. Identification of mechanisms responsible for strengthening:
Flow stress of a crystalline material increases when obstacles restrict the movement of
dislocations and the latter tend to overcome the former by bending, which needs extra force.
The extent to which dislocations can bend is governed by the strength of obstacles (Figure
6.10).

In general, shear stress ( ss) required to bend dislocations to an angle

is given by [153],

...(i)
where, G is the shear strength of obstacles, b is the Burger's vector of dislocations and

is

spacing between two obstacles within a slip plane.
Strong obstacles restrict the penetration of dislocations. As the strength of obstacles
increases,

approaches zero (Figure 6.10). On the other hand, for weak obstacles,

large and tend to approach 180° with decreasing strength of obstacles.

is very

is another important

parameter as decrease in its value, for a given stress, would reduce the value of

also.

Figure 6.10. Schematic illustrating the interaction of a dislocation with obstacles (depicted
by solid circles) [153].

Several factors, such as coherency strain, ordered structure, modulus effect, stacking fault
energy, interfacial energy, morphology, and lattice friction stress, etc. act as obstacles for
dislocation movement. However, in

-hardened Ni-base alloys ordered structure and

coherency strain associated with -phase particles primarily act as strengthening mechanisms
[154, 155]. Energy associated with the formation of anti-phase boundaries (APBs) within
ordered precipitates during their shearing also contributes to the strength. Further, shearing of

ordered

-particles necessitates the passage of pairs of dislocations to restore their L12

ordering [156, 157]

passage of the leading dislocation of the pair destroys the

L12

crystalline order and that of the trailing dislocation restores the order. Two mechanisms of
shearing of ordered particles are proposed depending upon the spacing maintained between
the leading and trailing dislocations relative to the size of particles (d). When precipitates are
small and inter-particle spacing ( ) between them is rather large (i.e., for small d and

),

distance between two dislocations would be large compared to the size of particles and,
therefore, two dislocations of a pair would not lie within an individual precipitate. The two
dislocations would be weakly coupled (WCD) and the mechanism is termed as "shearing by
weakly coupled dislocations". In this case, critical resolved shear stress (CRSS) required to
shear particles by weakly coupled dislocations is given by [158].

.
where,

.

.

is the APB energy on {111} plane of the

.( .

...(ii)

-precipitates, Tl is line tension of

dislocations in the -matrix, f is the volume fraction of ordered particles, b is the Burgers
vector and d is particle size. A is a numerical factor dependent upon the morphology of
particles and is equal to 0.72 for spherical particles [159]. When precipitates are large and
inter particle spacing is of the order of particle diameter (

~ d), the trailing dislocation

would easily enter into a particle before the leading dislocation leave it. The two dislocations
of a pair would remain strongly coupled (SCD) and mechanism is termed as "shearing by
strongly coupled dislocations". The CRSS required to shear particles by strongly coupled
dislocations is given by [160].
1.28

-1

...(iii)

where, w is a constant that accounts for the elastic repulsion between the strongly paired
dislocations [161], and is of the order of unity [159]. The line tension, Tl, is given by [158].

Tl =

...(iv)

Obviously, operation of either of two mechanisms would be dependent upon

and f of

precipitates. For a given value of f, shearing by WCDs would change to by SCDs beyond a
value of d

.

When particles are large and widely spaced (i.e., for large d and

), shear stress

required for either of the two mechanisms would be rather high but dislocations can easily
bow between particles according to Orowan mechanism [54]. The CRSS necessary for
dislocations to bow around particles is given by [158].

...(v)
and, for a given volume fraction of precipitates, is given as

...(vi)
Among the aforementioned precipitation hardening mechanisms, there would always be a
competition and the one with the least CRSS value would dominate. For a given volume
fraction of precipitates, the stress required to move dislocations through precipitates would
increase with increasing size of precipitates when shearing by WCDs is active, while it would
decrease when either shearing by SCDs or Orowan mechanism is active. It has been shown
earlier in Chapter 4 that the alloy under study, in ST-condition, contains fine distribution of
-precipitates. The coefficient of strain hardening (i.e., n) exhibited by its stress-strain curve
of ST-alloy (Figure 6.13) was highest (n~0.84) among all the aged samples studied (which
will be discussed in subsequent section). This value was also close to values reported for
other Ni-base superalloys hardened by fine coherent particles and characterized by a
mechanism involving shearing of particles by dislocations (see for example, [33, 162]).
Furthermore, pairs of dislocations maintain separation of about 10 50nm during shearing of

-particles [54, 159, 163, 164]. Since the size of particles in the ST-alloy (< 10nm) was much
smaller than typical separation between two dislocations of the pair, it was not unreasonable
to attribute the active hardening mechanism to WCDs. All aged samples exhibited values of
strain hardening coefficient lower than that of the ST-sample, as well as sizes and volume
fraction of

-particles were different in aged samples than ST-sample. Hardening

mechanisms in aged alloys were tried to identify from CRSS values, calculated from yield
strength of aged alloys. Table 6.6 gives CRSS ( ss) values of samples in different aged
conditions. These values were obtained by dividing their YS values (Figure 6.2 and Table 6.3)
by 3.06 (the Taylor's factor for polycrystalline fcc material [165]). Table 6.6 also shows
increase in the CRSS value (i.e.,

ss),

over that of the ST-alloy, of aged alloys during ageing.

Table 6.6. CRSS values of aged samples calculated on the basis of YS obtained by uni-axial
tensile testing.
CRSS(ST)=123.53 MPa
Temperature(°C)
Time
(h)

800
ss

875
ss

ss

900
ss

ss

950
ss

ss

ss

(MPa)

(MPa)

(MPa)

(MPa)

(MPa)

(MPa)

(MPa)

(MPa)

0.5

238.39

114.86

245.85

122.32

222.87

99.34

182.42

58.89

2.0

250.10

126.57

228.59

105.06

215.10

91.57

167.75

44.22

100.0 283.56

160.03

209.96

86.43

178.87

55.34

141.69

18.16

Figure 6.11 shows these CRSS values plotted against particles size at a given temperature. For
samples aged at 800°C, CRSS values increased with increasing precipitate size, indicating the
shearing of particles by WCDs. For samples aged in the temperature regime (875 950°C), the
CRSS values continuously decreased with increase in their precipitate sizes. Since these
samples exhibited nearly constant volume fraction of

-particles, decrease in CRSS values

with particle size indicated that either a mechanism involving shearing of particles by SCDs
or dislocations bowing around them was active. Though the possibility of the operation of
SCDs during initial stages and that of the Orowan mechanism during later stages could be the
most probable. The actual active mechanism was identified on the basis of comparison of
theoretical estimation of the CRSS for above mentioned mechanisms when the alloy
contained varying volume fractions of particles of different sizes (considered up to 350nm).
Parameters required for theoretical estimation of the CRSS are given in Table 6.7.

Figure 6.11. Variation in the CRSS values of aged samples plotted against of

-particles

formed at different temperatures.

Representative plots of the competing mechanisms for different volume fractions, f = 0.2,
0.50, 0.55 and 0.80, of particles are shown in Figure 6.12. From Figure 6.12(a) it is evident
that, for lower volume fractions of precipitates (i.e., f

WCDs was the main

operative mechanism till particles grow up to an average size of 50nm beyond which the

Orowan bowing would dominate. However, for f > 0.2 (see Figure 6.12(b-d)), shearing by
SCDs would dominate until Orowan bowing becomes operative when particles grew to very
large.
Table 6.7. Parameters used for theoretical estimation of the CRSS.
Parameter

Value

Remark/reference

Elastic modulus (E)

196.6GPa

[2]

Poisson's ratio ( )

0.3

[2]

Burgers vector of dislocations (b)

2.5397Å

Based on lattice parameters given in ref. [117]

APB energy on {111} plane ( )

180mJ/m2

[156]

The size beyond which the Orowan mechanism would dominate was quite sensitive of the
volume fraction of particles. For f = 0.5, the Orowan mechanism would dominate only when
the size of particles d > 250nm (see Figure 6.12(b)), while it would dominate for d > 350nm if
the volume fraction is increased to 0.55 (Figure 6.12(c)). On the basis of this analysis, it
could be concluded that, when the volume fraction is low, for example, f <0.2 (Figure
6.12(a)), the operative mechanism of shearing by WCDs at small particles would be directly
took over by the Orowan looping when particles would grow beyond 50nm. However, when
the volume fraction is large, shearing by SCDs would dominate mostly. The minimum size of
particles beyond which the Orowan mechanism would dominate over the shearing by SCDs
would increase with increase in volume fraction of particles (Figure 6.12(b-c)), though for
very larger volume fraction it would be practically always governed by SCDs (Figure
6.12(d)). On the basis of this analysis, active mechanisms of hardening in different alloys
were identified and listed in Table 6.8. Mechanisms identified on the basis of this analysis
appeared to be consistent as only the samples aged for 100h at 900°C and 950°C exhibited
large particles where > d (see Figure 4.2(i, l) of Chapter 4).

Figure 6.12. Variation in theoretically estimated CRSS values as a function for precipitate
size for competing strengthening mechanisms involving WCDs, SCDs and Orowan bowing.
The Figure shows representative plots for volume fraction: (a) f = 0.20; (b) f = 0.50; (c) f =
0.55; and f = 0.80.

Table 6.8. Strengthening mechanism identified to be active in aged alloys with different
ageing treatments. In the ST-alloy, shearing of particles by WCDs was active.

Alloy State

0.5h

2.0h

100h

800ºC

WCD

WCD

SCD

875ºC

WCD

WCD

SCD

900ºC

WCD

WCD

Orowan

950ºC

WCD

Orowan

Orowan

6.4.4. Work hardening behaviour of aged alloy:
In general, strain hardening arises due to obstacles in the path of dislocation motion. These
obstacle can be grain boundaries, subgrain boundaries, dislocation tangles, second phase
particles, etc. Lattice misfit ( ) between matrix and second phase also indirectly affect work
hardening properties of the alloys as the stress required for the passage of dislocations across
precipitate/matrix interfaces would depend on it. Hence, overall work hardening in an alloy
with complex microstructure would be a net result of factors mentioned above.

Table 6.9. Analytical flow relationships between true stress and true strain [28-32].
S. No.

Flow Relationship

Reference
n

1

Hollomon

2

Ludwik

3

Voce

0-

. exp (

4

Swift

0+

(

5

Ludwigson

[28]
n

0+

n

[30]
)

)

( . n) + exp ( 1+n1 )

[31]
[32]
[29]

In the present case, work hardening is considered to have occurred mainly due to

-

precipitates. In literature several flow relationships, like by Hollomon [28], Ludwigson [29],
Ludwik [30], Voce [31] and Swift [32] are proposed to analyse work hardening behaviour of
the material (mentioned in Table 6.9), which establish the analytical relationship between the
true stress ( t) and true strain ( t). Based on the goodness of fit, flow relationship is chosen.
In present study this behaviour was analysed on the basis of strain hardening exponent (n)
obtained by fitting the experimentally observed RT true stress ( t) true plastic strain ( t) flow
curves for aged samples (Figure 6.13) to work hardening relationships (mentioned in Table
6.9).

Figure 6.13. True stress ( t) - true plastic strain ( t) plots of the ST-sample as well as samples
aged for 0.5, 2.0 and 100h at: (a) 800ºC; (b) 875ºC; (c) 900ºC; (d) 950ºC.

468.2

FDC

92.4

138.7

FDC

20.1

Voce

Swift

Ludwigson

*FDC- Fit didn't converge.

19.8

13.3

Ludwik

2.0h

128.3

FDC

698.1

28.5

1885.7 1820.8

2082.2

0.5h

800°C

FDC

FDC

48.8

1.2

434.4

100h

111.6

FDC

639.7

22.8

1875.5

0.5h

89.9

FDC

536.7

17.9

1690.0

2.0h

875°C

FDC

FDC

122.9

3.4

395.6

100h

77.1

FDC

420.1

19.6

1895.9

0.5h

140.6

FDC

603.7

39.5

1641.2

2.0h

900°C
0.5h

51.0

FDC

685.0

11.6

FDC

FDC

289.7

23.2

1063.1 2125.3

100h

177.5

FDC

557.1

61.2

2005.5

2.0h

950°C

80.6

FDC

927.3

23.0

1295.0

100h

(goodness of fit) for different flow relationships in fitting RT flow stress curves of aged alloys with different

ST

2

Hollomon

Flow Relationship

Sample State

ageing treatments.

Table 6.10

Sum of residual squares (

2

values - which represents goodness of fit) of curves fitting are

given in Table 6.10 and it is evident from these data that Ludwik flow relationship gave best
fit out of all relationships [30]. Ludwik relationship is given by:
true stress at = 0 and

0

+

is a constant called strength factor. Fitted values of

n

, where,
0

,

0

is

and n are

given in Table 6.11. ST-alloy containing fine -particles exhibited highest value of n, which
was close to values reported for other Ni-base superalloys hardened by similar sized coherent
particles [33]. These particles were characterized by easy shearing by dislocations and
provide low resistance shear bands for subsequent dislocations. High value of n in such cases
could thus be attributed to dislocation-dislocation interactions within these bands. Value of
the n decreased in aged alloys w.r.t. ST-alloy.
In general, n value decreases as the volume fraction (f) increases for a given particle
size (d), and it decreases with decreasing d when f is fixed. However, in the present work, f
and d both changed simultaneously in most of cases (Tables 6.4 and 6.5). Above arguments
are therefore not valid when microstructures change continuously. For such cases, Zhang et
al. [34] have demonstrated that the inter-particle spacing ( ) relates better to n as the value of
n increases linearly with increase in , irrespective of volume fraction. Observed values of n
in aged samples were thus in conformity with Zhang et al. [34] in most of the cases.
Deviations observed in some cases, as in samples aged for long durations at 900°C and
950°C, could be attributed to the precipitation of -phase precipitates. Precipitation of

-

precipitates appeared to have reduced the value of n. This effect was evident when one
compares the hardening behaviour of sample aged at 950°C for 0.5h with that of the sample
aged at 900°C for 100h. Volume fractions of -precipitates in the two samples were nearly
similar (Table 6.5), while average sizes of particles are about 45nm and 203nm, respectively
(Table 6.4). The observed values of n for the two cases were 0.77 (at 950°C for 0.5h) and
0.61 (at 900°C for 100h) (Table 6.11), while it was expected to be higher for the latter. This

variance of observed values could be attributed to the presence of -particles in alloy aged at
900°C for 100h as that is the only other difference between two microstructures. Decrease in
hardening coefficient due to the presence of -particles could be related to their brittle nature,
shown earlier. These particles acted as crack initiation sites, which would limit the strength of
the material. During deformation tearing of these particles take place away from the matrix.

Table 6.11. Work hardening parameters obtained by fitting RT flow stress curves of aged
alloys with different ageing treatments to Ludwik equation [30].

Alloy state
Ageing temperature
(°C)

Work hardening parameters
Ageing
time (h)

875

900

950

(MPa)

n

411.81

1930.12

0.84

0.5

707.24

2053.62

0.69

2.0

724.94

2036.40

0.65

100.0

846.18

2620.43

0.74

0.5

676.88

2047.38

0.68

2.0

665.71

2176.36

0.67

100.0

615.85

2204.51

0.66

0.5

676.74

2117.33

0.71

2.0

614.98

2111.27

0.67

100.0

518.21

2141.67

0.61

0.5

554.32

2173.56

0.77

2.0

496.64

2084.32

0.72

100.0

437.72

1982.08

0.64

ST

800

0 (MPa)

6.5. Summary:
On the basis of the above study it can be concluded that precipitation of

-particles

significantly enhanced the strength of aged alloys w.r.t. the ST-alloy. Aged alloys exhibited
anomalous decrease in ductility during coarsening of -particles, which was attributed to particles that precipitated during the

-particles coarsening period. Precipitation of the

-

phase has embrittlement effect on the alloy as its precipitates act as sites for easy crack
initiation due to their inherent brittle nature. Aged alloys with fine

-particles and low

volume fraction exhibited ductile kind of fracture mechanism while with increasing size and
volume fraction fracture mode changed to brittle nature. Different precipitation hardening
mechanisms were active in different microstructural conditions. When the volume fraction of
-particles was low, the operative mechanism of shearing by WCDs for small particles was
directly taken over by the Orowan looping beyond a certain size of particles. Shearing by
SCDs dominates mostly when the volume fraction of particles was large. Alloy aged for 0.5h
at 875°C gave best combination of strength and ductility.

CHAPTER 7
CONCLUSION AND SCOPE FOR FUTURE RESEARCH

7.1. Conclusion of work:
The present dissertation

Precipitation Behaviour and its Effect on Mechanical

Properties of Alloy 693

reports investigations of microstructural instabilities, i.e.,

precipitation behaviour of the - and -phases and its effect on room temperature mechanical
properties of Alloy 693. On the basis of present study, following conclusions were made:
Alloy 693 exhibited a tendency to precipitate out homogeneously distributed fine particles during water quenching followed by solution annealing treatment. During
ageing at 800-950°C temperatures the size of these particles increased with ageing
time and their volume fraction increased / decreased depending upon ageing
temperature. For instance, at temperatures

875°C both size and volume fraction of

-particles increased with ageing time, while at higher temperatures (>875°C) volume
fractions of the

-particles increased for initial ageing times and reduced during

prolonged ageing. This behaviour was found to be because of under-saturated state of
the -matrix (w.r.t.

-forming solutes) at these temperatures. Due to the under-

saturated state of the

-matrix dissolution of already formed

-phase particles

continued till composition of the -matrix saturates at these temperatures.
The morphology of

-particles during ageing in Alloy 693 was found to evolve

continuously from spherical shape for small sizes to cuboidal shape for larger sizes.
Such morphological transformation occurred at different sizes of particles at different
temperatures. The lattice parameter studies and microstructural investigations
suggested that variation in misfit strain between -

phases and the strain field

interaction of neighbouring particles for different number density and their volume
fraction at different temperatures were responsible for such changes.
The

-particles found to be coarsened more rapidly at high temperatures. The

coarsening kinetics study showed that a volume controlled diffusion of solutes
governed coarsening kinetics as suggested by LSW theory.
In addition to -precipitates, Alloy 693 also exhibited a tendency to form Cr-rich phase particles during ageing at temperatures

800°C in addition to -phase,. The -

phase particles initially had a lath morphology which later assumed a needle shape
during prolonged ageing. The precipitation of

-phase particles made matrix

composition unstable w.r.t. the Cr concentration that caused the precipitation of Crrich

-phase particles. Crystallographic analysis revealed that

-phase particles

maintained a Kurdjumov-Sachs (KS) type OR with -matrix.
Strength of the Alloy 693 significantly enhanced after the precipitation of -particles
w.r.t. the solution treated alloy, though at the cost of its ductility. Strength of the aged
alloy increased during the growth and decreased during the coarsening of the

-

particles. This behaviour was explained on the basis of different strengthening
mechanisms like shearing of particles by WCDs or SCDs and by the Orowan looping.
Different mechanisms were active for different particle sizes and volume fractions.
For lower volume fraction, strengthening due to WCDs for small particles was
directly taken over by the Orowan looping for larger particles. Shearing by SCDs
dominates mostly when the volume fraction of particles was large. In addition,
precipitation of Cr-rich -phase particles was found to embrittle the alloy as exhibited
by anomalous reduction of its ductility. This was due to inherent brittle nature of the
-particles that acted as sites for easy crack initiation.
Alloy aged for 0.5h at 875°C gave best combination of strength and ductility.

7.2. Scope for future research:
Alloy 693 require excellent combination of mechanical strength, microstructural stability and
corrosion/oxidation resistance for their better performance in severe corrosive environment,
e.g., for management of high level nuclear waste [4] and petrochemical processing industry
[2]. In such applications, alloy must withstand environmental assisted cracking mostly caused
by H2, H2S and CO2, and creep issues. In the present work, various microstructural
parameters have been identified that contribute to changes of mechanical properties of Alloy
693 at room temperature. Further, to augment the understanding of the Alloy 693, following
are few future studies:
Mechanical properties studies of the Alloy 693 at high temperatures.
Corrosion studies of aged Alloy 693 in different environment.
Slow strain rate testing (SSRT) to evaluate the susceptibility of the alloy against
environmental cracking.
Creep behaviour of Alloy 693.
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