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SYNOPSIS
Foreword
Alloy 617 is one of the candidate materials for high-temperature applications owing to
its high-temperature strength, reasonable microstructural stability, corrosion, and
oxidation resistance. However, the anticipated microstructural evolution during its
exposure at a higher temperature for longer durations is still a matter of concern for
the designers as the microstructure of this alloy strongly influences its deformation
characteristics and fracture resistance. The availability of deformation and fracture
resistance data on Alloy 617 especially after high-temperature aging is scanty in
literature. Thus, this thesis work is undertaken in the hope of gaining some information
as to the nature of the Alloy 617 and has been aimed to fill up some gaps in this arena
towards ensuring component integrity in the high-temperature domain.
Chapter 1: Introduction:
Chapter 1 provides a brief outline of the current high-temperature trending
materials, including its pros and cons, mechanical properties, the significance of hightemperature stability leading to the greater applicability, and acceptability of the alloys
over other contemporary alloys. The present status and developments in understanding
the microstructural evolution for different aging conditions and their applications are
also introduced along with the discussions of solid solution strengthening allied with
contribution offered by the precipitation hardening is also briefed. The possibilities of
strengthening by carbide precipitates are given a shade of light. The effect of
microstructure on mechanical properties viz: Charpy, hardness, and tensile are also
given adequate space.
Chapter 2: Literature Survey on Microstructure, Fracture, and Deformation
properties of Alloy 617:
i

This chapter introduces the developmental aspects of materials for hightemperature applications to curb global greenhouse emission and global warming. This
chapter will also throw light on global warming and the urgency to upgrade thermal
power plants to next-generation power plants. Description of the existing hightemperature material and transition from current to advanced ultra-supercritical thermal
power plants technology with the emphasis on Ni-based superalloy is included. An
overview of the material selected for high-temperature applications in advanced ultrasupercritical thermal power plant technology has also been presented. This chapter also
reviews the material properties for high-temperature applications. A series of literature
surveys from the past to up to date published literature on Alloy 617 material and their
enabling features for applications are also covered in this chapter. A detailed survey of
Ni-based superalloy has also given adequate space. In this chapter, initially, the issues
about the microstructural stability of other high-temperature materials have been
discussed. The detailed published literature in this direction has been studied and the
salient features are highlighted in the thesis. Extensive literature data in the direction
correlating the microstructural changes with the creep, fatigue or creep crack growth
during aging at high-temperatures, often pointing to severe deterioration as compared to
the as-received material can be found, and is well documented in the thesis as well.
However, the literature data on the aging-induced microstructural changes leading to
fracture of this alloy is scanty. Guo et al. have reported a significant drop in fracture
resistance even after a short aging treatment of 300 hours at 1033 K (760 °C). A similar
observation has been reported by Nanstad et al., where a 36 % degradation of fracture
energy was observed just after 200 hours of aging at 1023 K (750 °C). Though the
results have been attributed to the coarsening and redistribution of the precipitates, an
unequivocal conclusion correlating the microstructural evolution and fracture resistance
degradation is yet to be evolved. These results indicate that there is an urgent need to
ii

evaluate the extent of degradation of fracture resistance due to the coarsening of γ′ and
also in terms of the aging-induced microstructural evolution of the Alloy 617 after a
long-time aging treatment at high-temperature.
Chapter 3: Experimental Techniques to Evaluate the Microstructure, Fracture,
and Deformation properties of Alloy 617:
This chapter describes in detail the experimental techniques to characterize the
Alloy 617. The major tools and techniques used for the thesis towards preliminary as
well as advanced characterization required for morphological, structural, and elemental
analysis of the material have been discussed. For the as-received alloy, the samples
were mechanically polished to mirror finish and then etched with a solution of Aquaregia (3HCL:1HNO3). For aged specimens, following the mechanical polishing, the
samples were electro-etched with an optimized solution mixture of 60 % HNO3 and 40 %
H2O, at room temperature, using 1.5 V for etching times varying from 5 to 120 seconds.
Grain sizes and their distribution have been studied with Leica software. The
fractographic analysis of the failed specimen has been carried out by scanning electron
microscopy. The sub-microscopic structure like fine precipitates; their morphology, and
distributions have been studied extensively using the transmission electron microscope
and is well documented in the thesis.
Chapter 4: Study of Microstructural Evolution in As-received and Aged Alloy 617:
A detailed microstructural characterization of Alloy 617 has been accomplished
both in as-received and aged condition. The overall grain size distribution during the
entire aging duration remains almost constant. Though a slight shift in frequency
distribution is distinctly seen to occur during 10000 - 20000 hours but this seems to be
a marginal shift. The grain boundary serrations are seen to disappear during the aging.
The duplex nature of grain size distribution has also been less prominent in the aged
material. The prominent feature of this alloy is its propensity to release precipitates

iii

even for the aging duration of 1000 hours. The aging-induced precipitates can be
categorized into two major types namely M23C6 and γ,´ i.e. Ni3 (Ti, Al) with traces of
Ni3Si. Further, where the γ´ has been precipitated randomly (within the grain and also
in the boundaries), the M23C6 has been precipitated mainly in the grain boundaries.
Titanium carbonitrides Ti(C, N) precipitates are mainly seen inside the grains. TEM
investigation of this material has brought out significant information regarding aginginduced microstructural changes in the material. As-received material shows only Morich and Cr-rich precipitates and no sign of γ´ phase. Aging caused an evolution of γ´
precipitates but with morphology rarely changed over the entire span of aging. Though
a slight coarsening can be seen over periods of aging, this change is insignificant.
Chapter 5: Study of Tensile Deformation Behaviour of As-received and Aged
Alloy 617:
This chapter brings forth a detailed study of the effect of thermal aging on the
hardness, tensile, and work hardening behaviour of Alloy 617 and their correlation with
microstructure. Thermal aging of Alloy 617 is accompanied by precipitation of γ′
precipitates, which strongly influences the hardness and tensile properties of this alloy
after different aging durations. The anomalous decrease in yield stress between 5000and 10000-hours aging duration is attributed to the ease of dislocation movement in this
regime owing to the combined effect of coarsening of γ′ precipitates and the rise in
stacking fault energy. The absence of annealing twins in the aged specimens indicates
toward an aging-induced increase of stacking fault energy. Alloy 617 exhibits three
distinct stages of work hardening in the plot of θ vs.  for all the four heat treated
conditions. 1) An initial transient stage (TS), where θ decreases rapidly 2) the stage II
where either θ marginally rises or remains constant, and 3) stage III where θ gradually
decreases. The stage II work hardening rate increases till 5000 hours aging condition
and then drops suddenly till 10000 hours and a marginal increase till 20000 hours. This
iv

behaviour in work hardening rate observed at different aging durations is ascribed to
spontaneous evolution of fine γ´ (Ni3 (Ti, Al)) precipitates in the matrix during 5000and 10000-hours aging treatments.
Chapter 6: Study of Fracture Resistance of Aged Alloy 617:
The analysis of our experimental results confirm that the impact energy of this
alloy has been severely degraded due to aging. The fractographic observations also
reveal a change of fracture mode from predominantly ductile nature to predominantly
intergranular cracking as the aging time increases from 1000 to 20000 hours. It is well
known that the impact energy at room temperature of any material, as determined by
conventional Charpy test, consists of two components: (a) energy required for crack
initiation and (b) energy required for crack propagation. The inherent microstructural
features significantly influence both of these components to fracture energy. Where the
crack initiation energy is generally affected by nature, size, and shape of the
precipitates which are being evolved during the aging at high-temperature for this
material, the crack propagations energy are often controlled by the grain size
distribution and the grain boundary strength. Additionally, the strength of the matrix
often plays a crucial role, as it is generally argued that a stronger matrix keeps a
propagating crack sharper, thus demanding less energy to propagate. The inverse
behavior of strength and toughness in conventional structural materials corroborates
with this idea. Further, where the γ´ has been precipitated randomly (within the grain
and also in boundaries), the M23C6 has been precipitated mainly in the grain boundaries.
From these observations, this can be argued that the γ´ is basically contributing to
increasing the strength of the matrix, which in turn is leading to the lower fracture
energy of the material by making the crack propagation process easier. Contrary to this,
the role of M23C6 is more towards the crack initiation energy. It is well established that
the crystal structure of the M23C6 is different from that of the FCC matrix of Alloy 617.
v

So these precipitates will act as a barrier to the dislocation motion, which is a precursor
for any crack initiation process. Further, the effect of these carbides on crack initiation
would be enhanced as they became coarser during aging and their preferential
segregation to the grain boundaries. This, in turn, has made the grain boundary an easy
source of crack initiation and, thus, promoting the intergranular fracture in this material.
Dynamic J-R curves for as received and different aging conditions have been
inferred from the Charpy energy using an analytical-empirical approach, as available in
the literature. The J-R curve of Alloy 617 shows a drastic decrease after the aging time
of 1000 hours. Further aging durations result in a progressive decrease of J-R curve but
to a much smaller degree. Valid crack initiation J values have been obtained for both
as-received and in all aged conditions of Alloy 617. They show the same trend as the JR curve. A substantial section on the validation of the J-R curves from instrumented
Charpy impact testing system using load-displacement curve is also given due space.
Chapter 7: Brief Summary and Conclusions from the Thesis and Scope of Future
Work:
This chapter summarizes the major findings from this entire thesis work. These
mainly cover the effect of microstructural variations on the deformation and fracture
resistance of Alloy 617 during its exposures at high-temperature for longer duration.
This chapter also outlines the existing gap areas filled with the findings of thesis and
the also present a road map for the future work.
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Introduction
This chapter introduces the material prospects for advanced ultra-supercritical thermal
power plants programme in India, towards meeting the spiraling energy demand in the
country. The advantage of using advanced ultra-supercritical thermal power plant is to
scale up their energy conversion efficiency and reduce intimidating global warming by
reducing CO2 emissions. A complete overview of the inception of advanced ultrasupercritical thermal power plants programme across the globe and selection of Alloy
617 as the candidate material for the high-temperature component is discussed in
detail. Various stages of plant operating temperature and the challenges involved in the
development of materials for high-temperature applications are briefly outlined. The
primary focus of this chapter is on identifying the candidate material for the successful
operation of the advanced high-temperature thermal power plants.

1.1

Introduction

OVER the past several decades, fossil fuels, and particularly coal, have enjoyed a major
share in the growing economy and is primarily the nerves and veins of the energy
demand. As coal is a widely dispersed and relatively low-cost energy resource, it is
used exhaustively around the world: at present, almost two-thirds of coal demand in the
energy sector is for electricity generation. But the growing reliance on coal to meet the
rising demand for energy presents a major threat to a low-carbon future [1]. Since the
inception of coal-fired power plants, they are continually weaving the fabrics of global
warming by emitting greenhouse gases to the environment. A recent scenario of the
extents of greenhouse gas emission from different sources, as estimated by the United
1

States of America [1], is given in Fig. 1.1. In this era of the 21st century, where the
development status of the nation is determined by the human development index (HDI),
which is indeed a measure of per capita energy consumption, the world thrives for more
and more electrical energy consumption. It is natural that the coal-fired power plants
are under immense pressure to increase energy conversion efficiency and scale down
their greenhouse gas emissions to address the growing international concern against
global warming. The challenge to meet the energy needs, which is well set to double up
over approaching few decades [2] coupled with the concern of dwindling coal
reservoirs across the globe (Fig. 1.2), places the development of high-temperature
performance materials at the forefront of materials research. As per the philosophy of
obtaining high efficiency [3, 4] from thermal power plants, the maximum temperature
should be as high as possible, and rejection temperature should be as low as possible.
This requisite drives modern research toward developing superalloys for energy
systems and sub-systems to be satisfactorily operable at a very high steam temperature
and pressure. As the power plant efficiency and reduction in greenhouse gases like
carbon (CO2) emissions are directly related to plant operating temperature, very hightemperature thermal and the power plant is the need of the hour.
The benefit that coal-fired thermal power plants attain in terms of its high
efficiency with increasing pressure and temperature is soon poised due to decreasing
creep strength and thermal expansion at high-temperature, whereas the increased
pressure causes leakage of fluid flows and deformation of structures. As a result,
accomplishing a high-temperature and high-pressure steam cycle requires significant
breakthroughs regarding the material- and mechanical-design technology.
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Emissions (million metric tons
of carbon dioxide equivalent)

U.S. Greenhouse Gas Emissions by
Economic Sector, 1990-2013

Fig. 1.1 ― Scenario of global Greenhouse Gas Emissions (Source: Photo: U.S. EPA's
Inventory of U.S. Greenhouse Gas Emissions and Sinks: 1990–2013).

Fig. 1.2 ― World scenario of Coal reservoirs (Source: http://earthtrends.wri.org).
As per the World energy outlook released on 12th November 2012, the global
energy demand for various countries is represented in Fig. 1.3.
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Mtoe

Growth in primary energy demand

Global energy demand increases by 1/3 from 2010 to 2035 & India
accounting for 50% of the growth.

Fig. 1.3 ― Energy profile of various countries from 2010-2035 (Source: World Energy
Outlook Report 2012 and India).

1.2

High-Temperature Thermal Power Plants: The Need of the Day

High-temperature thermal power plants could breathe a new life into the traditional
coal-fired power plants by operating at a high-temperature range of supercritical and
ultra-supercritical capable enough to achieve an energy conversion efficiency of 40 and
43 pct (%), respectively. Wherein the traditional thermal power plant releases 1100 g
CO2/KWh, the state of the art technology known as green and clean
technology/carbon capture technology/high-efficiency low emission (HELE) [5]
releases only 660 g CO2/kWh. The aim of deploying HELE technologies is twofold: to
increase energy conversion efficiencies and reduce CO2 emissions. The application of
high-temperature and pressure in the advanced thermal power plants (Fig. 1.4) not only
improves the CO2 reduction but also improves the energy conversion efficiency.
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Fig. 1.4 ― Indicative CO2 emission reduction pathways (Source: Adapted from VGB
Power tech, 2012).
Power plants operating at high-temperature and pressure have several benefits
as follows:
✓ It reduces the CO2 emissions,
✓ Raises energy conversion efficiency,
✓ It lowers global warming,
✓ Helps in sustainable development,
✓ Imposes less pressure on coal reservoirs,
✓ Clean and pure air increases the standard of living,
✓ Reduces transportation expenses,
✓ Ultimately leading to the economic growth of the country.

1.3

Supercritical Technology/Carbon Capture Technology

The discovery of new alloys has often brought dramatic changes in human civilization
[6, 7]. For instance, the Sumerians discovery of Bronze alloys (an intimate mixing of
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Cu and Zn). Societies that used this alloy merely dominated their neighbors. Years later,
the ancestor of steel was born by the intimate mixing of iron in heated charcoal. Yet,
only with the inventions of the steam engines, the bulk productions of steel begin.
Thousand years of practice and recent technical understandings culminated in the
development of super resistant and super ductile alloys. Today, high-temperature
materials are going through similar revolutions, though at a much higher pace.
It is evident from Fig. 1.4 that increasing the steam temperature more than 973
K (700 ºC) (often referred to as the advanced ultra-supercritical range) will solve the
afforested issues of global warming and energy efficiency in one go [8]. To this end,
the selection of proper materials for high-temperature piping system possessing longterm microstructural stability and with inherent resistance to mechanical deformation
[9-11], and high-temperature corrosion resistance is a major technological challenge for
researchers in India and across the globe. In this endeavor, where the conventional
high-temperature materials like ferritic-martensitic steels (P91, P92) fall short of these
requirements [12, 13], other high-temperature material needs to be investigated. The
use of Ni-based superalloys [14-17] are showing potentials owing to their better creep
rupture life [18], excellent oxidation, and corrosion resistance [19, 20] even in the
advanced ultra-supercritical conditions of 973 K to 1033 K (700 °C to 760 °C) and
under high pressures of 35 MPa [21]. Amongst Ni-based superalloys, Alloy 617 is one
of the forerunners and the leading candidate piping materials for high-temperature
applications and are likely to be used in advanced ultra-supercritical thermal power
plants with operating temperature regime of 973 K to 1033 K (700 °C to 760 °C) and
pressure as high as of 35 MPa [21-23] in the next generation thermal power plants. A
schematic representation of the evolution of different generations of power plants with
operating specifications is shown in Fig. 1.5.
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Fig. 1.5 ― Progress in various stages of the thermal power plants.

1.4

Material Property Required for Advanced Ultra-Supercritical
Thermal Power Plants

The critical components of boilers for the advanced ultra-supercritical thermal power
plants (> 973 K) technology are: the walls membrane, furnace wall [24], the ultimate
super-heater and re-heater stages, boiler tubes (hot sections), in- and outlet headers
(extremely hot sections) as well as the thick-walled components, most importantly the
high-pressure outlet headers, and the piping to the turbine (Fig. 1.6).

Fig. 1.6 ― Schematics of the header used in thermal power plants.
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As discussed above in the previous sections, the realization of advanced ultrasupercritical thermal power plants is associated with the development of stronger hightemperature performer materials capable of operating under high stresses at high values
of temperatures and associated pressure. The use of high-temperature ferritic steels is
actually limited to 873 - 893 K (600 - 620 °C) steam temperature. Having successfully
developed the new alloys for operating temperatures close to ~ 923 K (650 °C), the
major intrinsic limiting factor in using these alloys is their susceptibility to oxidation on
the steam side where the temperature is extremely high. Therefore the candidate
materials for the boiler components, which are being investigated intensively at the
moment, are Alloy 617, Alloy 263, Alloy 740, and Alloy 800.
1.4.1 Required Mechanical Property
There exist significant differences in the physical and mechanical properties of the
austenitic Ni-alloys and traditional high-temperature materials viz: ferritic steels (P91,
P92), commonly used in coal-fired power plants. These differences not only have an
impact on the metal forming process but also on the component behaviour under highstress field with implication on the design, i.e. on the critical wall thickness requirement.
In general, Ni-based alloys show a higher thermal expansion coefficient, but a lower
thermal conductivity in contrast to ferritic steels. During start-up and shut-down of the
power plant, thermal stresses caused by temperature gradients, especially in thickwalled parts will eventually appear in the form of stress.
The above-mentioned differences in thermal conductivity as well as in thermal
expansion will lead to higher cyclic stresses in Ni-based alloys. Therefore, extra care
must be given to component design considering the specific characteristics of the given
materials to maintain the structural integrity of the component during the in-service
conditions.
8

1.4.2 Microstructural Property
There exist an intimate relationship with the microstructure and mechanical properties
of the materials [25]. The microstructural constituents like grain size, precipitate
variants, and their evolution during the service condition influence the mechanical
properties of alloys significantly, especially during the service conditions. The
degradation of the microstructure can significantly reduce the performance of the
material during service conditions. The hierarchical evolution of microstructures [26-28]
during service conditions is a natural phenomenon of materials working at high
temperatures. This process can be accelerated under the influence of external or internal
stresses build during the operation of the power plant. This microstructure evolution
can be beneficial or maybe detrimental too, and some time may lead to catastrophic
failure. Microstructure stability is one of the major key factors which needs to be
judiciously looked into while deciding the material for high-temperature applications.
Hence, the role of microstructure can’t be overlooked against the selection of materials
for high-temperature thermal power plants application.

1.5

Qualification of Alloy 617 for Advanced Ultra-Supercritical
Thermal Power Plant

To qualify for the advanced ultra-supercritical thermal power plants, a material should
have the following properties:
✓ Material should possess excellent microstructural stability at high-temperature.
✓ Higher resistance to deformation due to mechanical loads at high-temperature.
✓ Reduced oxidation rate at high-temperature.
✓ Good heat transfer coefficient.
✓ Reasonable thermal expansion coefficient, etc.
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Alloy 617 does possess excellent high-temperature stability [12, 22, 29]. Under
oxidizing atmosphere, Cr forms a dense oxide film of Cr2O3 and thus passivates the
layer protecting the alloy from significant environmental degradation [30] by stopping
the inward diffusion of gases viz. oxygen and sulfur, etc. and upward diffusion of
metals [31]. Al in conjunction with Cr also provides an extra armor and a second
defensive mechanism against high-temperature oxidation and hence reduces the
oxidation at high-temperature and maintains the grains and grain boundary-free of
corrosion [32, 33]. This alloy has been investigated in numerous publicly sponsored
and privately financed programmes with regard to its use in ultra-supercritical boilers
[34]. Materials development projects for the advanced ultra-supercritical thermal power
plants with steam temperatures of 1023 K (700 °C) and above have been performed in
order to achieve high efficiency and low CO2 emissions in Europe, US, Japan, and
recently in China and India as well [35]. Based on the gained experience, international,
and nationally the material has been tailored to fit the specific purpose of the boilers.
Under the National Mission for the development of advanced ultra-supercritical
thermal power plants technology initiated in 2012 [36], this has gained momentum as
one of the projects to be taken up on priority. This project is proposed to be executed in
two phases. The objective of the first phase would be to undertake R&D on all aspects
of advanced ultra-supercritical thermal power plants technology for thermal power
plants to improve power plant efficiency, reduce carbon dioxide emissions, and reduce
coal consumption per unit of power generated. In the second phase, an 800 MWe
advanced ultra-supercritical thermal power plant demonstration power plant will be
established based mainly on the technology developed in the first phase [36].
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1.5.1 Developing

Advanced

Ultra-Supercritical

Thermal

Power

Plant

Technology Indigenously – A Necessity
In addition to pursuing indigenization efforts in self-reliance in energy, India has been
keen and is continually acquiring scientifically proven technologies in power
generation and other areas from abroad. While acquiring foreign proven technologies is
easier and expeditious to implement, it should be clearly understood that by and large
only limited design information and manufacturing techniques are shared with foreign
collaborators. This results in perpetual dependence on foreign collaborators and
suppliers and in the long run prove more expensive due to the persistent reliance on
import of key materials and technologies. For instance, the import content of the
technology acquired in the early 80’s for 500 MWe sub-critical boiler, turbine generator
sets continue to be as high as 30%. In the modern arena, technology acquisition
encompasses a high level of mutual business sharing, which raises not only costs but
also friction up the technology absorption process, and thus severely affect the
indigenization and potential savings of expenses. For supercritical sets of 660 or 800
MWe rating, the import content is currently about 50%, which will gradually decrease
with time [36].
1.5.2 Alloy 617: The Backbone of Indian Advanced Ultra-Supercritical Thermal
Power Plant Programme
Towards developing advanced ultra-supercritical coal-fired power plants in India, Alloy
617 has grabbed substantial attention from researchers and is nowadays under active
considerations of the high-temperature piping material for high-temperature
applications in both the thermal and nuclear power plants.
Alloy 617 is a primarily a solid solution strengthened alloy and is believed to
draw its exceptionally high strength both from the solid solution (ensured by Co and
11

Mo) strengthening [37] and from the precipitation strengthening originating from
ordered γ′ phase (Ni3 (Ti, Al)) and M23C6 precipitates. Researchers also have an opinion
that the presence of grain boundary carbides also offers a substantial degree of strength
to this alloy [38] and this additionally boosts its high-temperature performances.
Strengthening via carbides, still continues a ground of open debate and a clear idea can
be accepted only when substantial work has been done in this direction. The oxidation
resistance [39] is assured by Cr and Al and also has high creep strength [40]. In addition
to these properties, this alloy also shows a good fabricability too [34].

1.6

The Scope of Advanced Ultra-Supercritical Thermal Power

Plant and Clean Coal Technologies in India
India is a developing nation and hence requires more power generation indigenously to
fulfill energy demand in the country. Thus there is an excellent scope for establishing
clean coal technology [5] based on advanced ultra-supercritical thermal power plants in
the country itself. India advanced ultra-supercritical thermal power plants technology
with reduced CO2 emission and scale-up energy conversion efficiency will certainly
create employability too. Hence, looking at one decade down the line, the future of
clean and green advanced ultra-supercritical thermal power plants technology is bright
within the nation.

1.7

Objective and Scope of the Present Thesis Work

Alloy 617 is one of the candidate materials for high-temperature applications owing to
its high-temperature strength, reasonable microstructural stability, corrosion, and
oxidation resistance. However, the anticipated microstructural evolution during its
exposure at a higher temperature for longer durations is still a matter of concern for the
designers as the microstructure of this alloy strongly influences its deformation
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characteristics and fracture resistance. The availability of deformation and fracture
resistance data on Alloy 617 especially after high-temperature aging is scanty in
literature. Thus, it is imperative that major advances in this direction must be made to
explore these unexplored paths. This thesis work has been aimed to fill up some gaps in
this arena towards ensuring component integrity in the high-temperature domain.
Three major aspects have been envisaged to be addressed in this thesis work
plan:
1) Evolution of microstructure of Alloy 617 at different aging durations at a
particular aging temperature of 750 °C.
2) Evaluation of the deformation characteristics of Alloy 617 with respect to
the aging-induced microstructural evolution from the as-received to long
term aged conditions, using hardness tests, and uni-axial tensile tests.
3) Evaluation of fracture resistance of Alloy 617 with respect to the aginginduced microstructural evolution from the as-received to long term aged
conditions, using Charpy impact tests and finally establishing a structureproperty relationship by generating data for the designers to manufacture
better integrity among the components.
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2
Literature Survey on Microstructure, Fracture, and
Deformation Properties of Alloy 617
This chapter introduces the developmental aspects of materials for high-temperature
applications to counter global greenhouse emissions and global warming. In continuity
with chapter 1, this chapter will extend the discussion on global warming and the
urgency to upgrade thermal power plants to next-generation power plants. A bird’s eye
view of the existing high-temperature materials and their transition from current to
advanced ultra-supercritical thermal power plants technology with a special emphasis
on Ni-based superalloy has been provided. This also includes the materials selected for
high-temperature applications in advanced ultra-supercritical thermal power plant
technology. A brief overview of the literature on Alloy 617 with respect to its
microstructure, fracture, and deformation behaviour has been covered in this section.

2.1

Introduction

The inception of the thermal power plant has brought significant changes in the living
standards of human life. Here to quote an English proverb
“Nothing comes free”
best suits to a thermal power plant. The thermal power plant brought energy to the
society and raised the human development index (HDI) [41] but along with it also
brought hazardous gases viz.: NOx, SOx, and CO2, etc. For the first time, a team of
scientists led by Daniel Feldman [42] at Lawrence Berkeley National Laboratory
showed a direct link between rising levels of carbon dioxide — or CO2 — in Earth’s
atmosphere and how much solar cell increment warms the lower atmosphere. This
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finding presents a fundamental theory and describes the reason behind the recent
worldwide warming of Earth’s climate. It links a measurable share of that warming to
human activities that release CO2 from all the possible sources of CO2 emissions. These
include the burning of fossil fuels in thermal power plants (coal, oil, and gas) for
heating, power, and transportation. CO2 is known as a greenhouse gas. By that, they
inferred that this gas allows the sun’s ultra visible light to pass through them. But when
that light hits Earth’s surface, it can be transformed into heat (infrared light). CO2 now
traps that heat appearing in the form of infrared light (like a greenhouse window) and
holds much of it within the lower atmosphere — right down to Earth’s surface [43].
Such findings raise concern toward reducing global warming and putting a check to it
as soon as possible to inflate it further. The menacing effect of global warming [44] has
raised concern towards the safety of environments and the inhabitants on the planet.
A report from Liisa Antilla published in Global environmental change [45, 46]
quoted that
“The [US] continues to be the largest single national source of fossil fuelrelated CO2 emissions reaching an all-time high of 1529 million metric tons of carbon
in 2000”.
This report is a clear indication that if emissions from the thermal power plants
are not checked, global warming will start playing a detrimental role in the environment.
This report also presents that there exists substantial evidence that most of the observed
global warming of recent dates over the last 50 years is attributable to extravagant
human activities and other scientific bodies agree [47].
A significant step has been taken by major thermal power plant countries to
operate their plants at a high-temperature with the advanced ultra-supercritical thermal
power plant technology. A successful demonstration of the technology was performed
around 1998 by the United States Department of Energy (U.S. DOE). The Ohio Coal
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Development Office (OCDO) and Office of Fossil Energy have been thriving toward
operating an advanced ultra-supercritical (AUSC thermal power plants) steam boiler
and turbine with steam temperatures up to 1033 K (760 °C) and 35 MPa which will
reduce CO2 emissions by > 20 % or even more [21, 48, 49]. A variety of European
projects [50] started in 1998 in the direction of AUSC thermal power plant technology
aimed at steam temperatures of 923 K (700 °C) and higher to tackle these global
warming issues seriously.
In 2001, the U.S. DOE in conjunction with OCDO and cost-share from all the
major U.S. boiler and turbine original equipment manufacturers (Alstom, B&W, Foster
Wheel, GE, and Riley Power), the three major energy-producing giants joined hand
Energy Industries of Ohio (EIO), Electric Power Research Institute (EPRI), and with
support from Oak Ridge National Laboratory (ORNL) managed through the National
Energy Technology Laboratory (NETL) began an striving research and development
project that would lead to higher efficiency of fossil power plants with reduced CO2
emissions [48, 49]. US programme of AUSC THERMAL POWER PLANTS now
being operated in Japan since 2008. Asian countries like China have also started
working towards a cleaner and green AUSC thermal power plant technology.
In recent years, India under the umbrella of the National Mission for the
Development of AUSC thermal power plants has initiated a significant step toward
materials hunt for AUSC thermal power plants technology [36, 51] and had kept it at
the forefront of the materials research. In the Indian scenario, the Ni-based superalloy
Alloy 617, has been identified as one of the materials for the AUSC thermal power
plant technology for ducting, boiler, and turbine components. There has been extensive
research going on in the Materials Development and Technology Division (MDTD) of
Indira Gandhi Centre for Atomic Research (IGCAR), Kalpakkam on this material. The
results are favorable and support the idea of applying Alloy 617 toward high16

temperature application in AUSC thermal power plant technology. These materials are
developed indigenously at Mishra Dhatu Nigam Limited (MIDHANI) Hyderabad, India
and tested extensively for characterization of material properties. In the preliminary
phase of project focus was mainly concentrated on the developing boiler components
and after achieving a substantial level of achievement, the turbine components, which
are also subjected to advanced ultrahigh-temperature and pressure, are currently under
investigation [51].
Achieving a significant increase in coal-fired power plant efficiency requires
substantial literature data from the past and the recently published articles. An increase
in steam operating conditions demands extensive research and development to find new
alloys and technologies capable enough to bear these harsh environments to realize
these dreams come true.
Mankins et al. [22] performed a laboratory study on Alloy 617 to determine the
effects of thermal exposure with temperature up to 1366 K (1093 °C) on the
microstructure and phase stability of this alloy. Understanding the structure-property
relationship during high-temperature exposure, microstructures were correlated with
mechanical properties. The mechanical property was found to influence by the
microstructural variations during the aging treatment directly. The possible phases as a
small amount of gamma prime phase (γ´) of the form Ni3(Al) and M23C6 were found to
exist. The microstructural examination showed that the size and shape of the γ´ phase in
the alloy is reluctant to aging. To understand the coarsening nature of γ´, it was kept for
10000 hours at 1033 K (760 °C). Surprisingly, they found that γ´ being sable without
any substantial change in the morphology. The fraction of γ´ has been reported to be
small, this paper also reports that M23C6 being discrete in nature, also helps in imparting
strengthening [22, 52]. The major findings of this paper are (1) alloy’s mechanical
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properties is a function of its microstructures and (2) although the amount of γ´ is small,
it does provide some strengthening at temperatures of 922 K- 1033 K (649 - 760 °C)
This paper gives an idea of how important the microstructures can be in determining
the mechanical properties of an alloy applied to the advanced high-temperature thermal
power plant. Though this paper could not explore much of what has been explored
today concerning the Alloy 617, this seminal work was a door opening to researchers
working toward high-temperature materials. This was the first reported paper in the
direction to show the existence of γ´ and declare that they hardly change their
morphology during aging.
Kimball et al. [23] studied the effect of thermal aging on microstructure and
mechanical properties. The use of multi-component alloying systems for hightemperature structural component applications requires a deeper understanding of the
microstructural changes which generally evolve during thermal exposure at sufficiently
high temperatures. Previous studies on this alloy from Mankins revealed that there
exists a one-to-one relationship between microstructure and mechanical properties. The
Alloy 617 was mainly considered for mechanical property evaluation. The hardness
values were measured only up to 8000 hours. The significant finding of this experiment
lies in establishing a relationship that aging-induced hardening exists at all temperatures.
Moreover, the SEM fractographic images from Charpy tests were available only till
4000 hours, so not much could be explained about fracture behaviour. All aging
temperatures produced a decrease in impact strength of the material and the
microstructure of as-received shows discontinuous carbides at the grain boundaries.
Kirchhofer et al.[53] studied the precipitation behaviour of the two major hightemperature alloys, one being nickel-based alloys Ni-Cr-22Fe-18Mo (Hastelloy-X) and
other Ni-Cr-22Co-12Mo (Inconel 617) under aging conditions. This research paper
mostly revolves around finding the type and morphology of the precipitates as a
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function of isothermal treatment. The significant findings were not much different than
that of Mankins et al. and Kimball et al. but the findings succeeded in establishing a
clear time-temperature-precipitation relationship.
Findings from Kihara et al. [54] and other contemporary scientists were
different for the same material; eventually, even the precipitates, reduction in strength,
and ductility remained a matter of open discussion. To summarize the major outcomes
from the experiments conducted on Alloy 617 are:
➢ The hardness was significantly influenced by the presence of carbides at the grain
boundary, which was contrary to the findings of Mankins et al. [22].
➢ The effect of the tiny amounts of the fine γ´ started to get some notice, though this
group discarded it. This observation was also contrary to the findings of Mankins et
al. [22].
To advance further the study on Alloy 617, Nanstad et al.[55] conducted an
experiment toward fracture toughness of 9Cr-l Mo-V and thermally aged Alloy 617.
This experiment provided an overview of Alloy 617 plate, weld joint analysis with
tensile, Charpy impact, and fracture toughness tests conducted at temperatures to 1223
K (950 °C). The specimens were aged to 5300 hours. Results of testing for thermal
aging up to 5300 hours show a significant drop in Charpy impact energy even at room
temperature. Results obtained from Krompholz et al. [56] for un-aged alloy shows a
very high fracture toughness from room temperature to about 1023 K (750 °C). This
paper provides a basic understanding of the effects of thermal aging on the fracture
behaviour of Alloy 617 for 5300 hours aged at 1023 K (750 °C) with Charpy impact
energy up to 1173 K (900 °C).
Murakumo et al. [57] studied the creep behaviour of Ni-based single crystal
superalloys with various γ′ volume fraction. Common superalloys consist of γ´ and γ
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phases, with a face-centered cubic (FCC) and L12 structures, respectively. It was first
reported by one of the authors Harada et al. [58, 59] that the creep rupture life was the
longest in the vicinity of 65 % γ´. This experimental finding gave a clear idea about the
Ni-based alloys that in general, these alloys possess a substantially high creep-rupture
lifetime. It shows very less effect of aging durations on the microstructure and thus
remains almost unaltered. However, microstructural stability is an essential criterion for
high-temperature applications.
Thomas et al. [37] conducted an experiment to understand the influence of grain
boundary character on creep void formation in Alloy 617. Creep specimens were
fabricated from the plate of Alloy 617 as per the standards followed in ASTM Standard
E 139-06. The ratio of the gauge length (16.6 mm) to the diameter of the gauge (4.2
mm) was kept at 4.0. High-temperature creep tests were carried out on the specimens.
The creep rates ranged from 8.5 x 10-8 m/second to 2.5 x 10-7 m/second and the
temperature was maintained at 0.8 Tmp. The dominant deformation mechanism is
expected to be dislocation creep at the stresses applied in these creep tests [25]. The
microstructural characteristics in the vicinity of creep voids were analyzed by
Orientation Imaging Microscopy (OIM) with the simultaneous acquisition of chemical
information by EDS. It was noticed that voids were found to be more prevalent on grain
boundaries.
Benz et al. [60] studied the aging behaviour Alloy 617 at two different sets of
temperature one at 923 K (650 ºC) and other at 1023 K (750 ºC) and arrived at a
conclusion that precipitation and coarsening kinetics of γ′ phase chemically known as
(Ni3 (Ti, Al)) affects the creep properties of Alloy 617 at 1023 K (750 °C). Above this
temperature, there is no formation of γ′, and hence many of the physical properties
remain unaffected as can be seen from Fig. 2.1. This paper was the first report, which
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presented a clear T-T-T diagram and also suggested that the formation of γ′ can only be
achieved at temperatures close to 1023 K (750 °C) and above which there was a

Aging Temperature (ºC)

negligible formation of such precipitates.

Ti(C,N)

Time (h)
T-T-T diagram for long term aging of Alloy 617
Fig. 2.1 ― Time-temperature-transformation (TTT) diagram for long term aging of
Alloy 617.

Recently, Vogel et al. [26] studied the evolution of hierarchical microstructures
in a Ni-based superalloy. The phase separation of γ´ precipitates determines the
microstructure and mechanical properties of Ni-based superalloys. This study explains
that in the course of aging, disordered γ spheres form inside ordered (L12) γ´precipitates,
undergo a morphological change to plates and finally split the γ´ precipitates. The
presence of γ particles inside γ´ affects coarsening kinetics and increases alloy hardness.
It has been observed from this experiment that γ´ is supersaturated in the nickel and
drives the formation of γ particle. The Lifshitz, Slyozov, and Wagner (LSW) theory
predicts coarsening of γ´ precipitates with time t, according to R3−Ro3 = kt: where Ro is
the average radius at the onset of coarsening and k is a volume fraction dependent rate
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constant. According to LSW theory, the predicted radius evolution can be approximated
by a R α t

1/3.

This finding suggests that γ´ can coarsen but the γ´ coarsening is greatly

suppressed by the formation and growth of γ particles. The point of interest is that the
γ´ can coarsen, which again deviates from the previous studies and the literature data
published so far. This experiment holds a superior position against earlier experiments
on the Alloy 617 on account of the fact that the application of the state of the art atom
probe tomography (APT) instrument that reveals the presence of γ in γ´ and its
morphological changes.

2.2

Need for the Present Study

The literature review suggests that the Ni-based alloys are employed for hightemperature applications and are prone to undergo aging-induced degradation,
reduction in ductility, strength reduction, and degradation in fracture resistance. The
microstructure studies reported in the literature were carried out on various Ni-based
materials systems, which may not be relevant to the present application of Alloy 617
for advanced ultra-supercritical thermal power plants. Though some literature studies
match to our interest, but they differ widely in the opinion from other literature data.
Eventually, their aging conditions are different and are not up to our required operating
conditions. Though the reduction in fracture energy results has been attributed to the
coarsening and redistribution of the precipitates, an unequivocal conclusion correlating
the microstructural evolution and fracture resistance degradation is yet to be evolved.
These results indicate that there is an urgent need to evaluate the deformation
characteristics and the extent of fracture resistance degradation in terms of the aginginduced microstructural evolution of the Alloy 617 after a longer time aging treatment
at high-temperature domain. The present study has made an effort to study the
deformation characteristics and fracture resistance of Alloy 617 after aging treatment at
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1023 K (750 ºC) for different durations up to 20000 hours. The microstructural
evolution during aging period and its correlation to the fracture energy also have been
addressed.
This study assumes importance as there are not many reports on fracture and
deformation behaviour of Alloy 617, especially after long term aging treatments. The
present work also attempts to correlate the aging-induced microstructural evolution of
Alloy 617 to its deformation characteristics and fracture resistance degradation during
the course of aging treatments. This experiment is also conducted to get some insights
into the Alloy 617 and bridge the existing varying opinion gap among the various
research communities.
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3
Experimental Techniques to Evaluate the
Microstructure, Fracture, and Deformation Properties
of Alloy 617
Materials selection, characterization, and its utilization for suitable applications
involve studies and inspection by several complementary experimental techniques. This
chapter describes in detail, the experimental techniques to characterize the Alloy 617.
The major tools and techniques used for the preliminary as well as advanced
characterization required for morphological, structural, and elemental analysis of the
material have been discussed.

3.1

Introduction

A brief description of the experimental techniques utilized for the characterization of
grain boundary, morphological, elemental, structural, and mechanical studies are
discussed in this chapter. Alloy 617 was introduced to us in the solution annealed
condition. Aging was further done at 1023 K (750 °C) for various durations. Post-aging,
the material was air-cooled, and the fabrication process was accomplished as per the
requirements of the tests. Grain boundary characterization was done by a light
microscope. Hardness measurements and impact energy were also carried out to better
understand the material behaviour toward high-temperature applications. Electron
microscopy techniques such as SEM and TEM were used for morphological and
structural studies of the as-received and aged alloy.
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3.2

Materials Selection, Properties, and Their Composition

3.2.1 Alloy 617
The choice of material for advanced high-temperature thermal power plant applications
is preliminary and the most complex procedure. The material selected for advanced
high-temperature thermal power plant not only needs good creep strength: a
phenomenon generally dominant at high temperature, but also requires an excellent
corrosion resistance, a superb thermal microstructures stability, which is indeed a
determining parameter for material’s properties. Out of the several Ni-based alloys,
Alloy 617 is selected as the most promising candidate material for high-temperature
performance. Amongst Ni-based superalloys, Alloy 617 is one of the forerunners as the
candidate piping materials for high-temperature applications and are likely to be used in
a temperature regime of 973 K to 1033 K (700 °C to 760 °C) under high pressures of 35
MPa [21, 22, 61]. Alloy 617 is known to draw its high-temperature (>973 K /700 °C)
strength both from the solid solution (ensured by Co and Mo) strengthening [37, 62]
and from the precipitation strengthening originating from ordered γ′ phase (Ni3 (Ti, Al))
and M23C6 precipitates. Cr and Al assure the oxidation resistance [39]. In addition to
these properties, this alloy also shows better fabricability.
The Alloy 617 was obtained from MIDHANI in a tubular shape with an outer
diameter (OD) of 51.9 mm, a thickness of 11.9 mm, and a length of 700 mm (Fig 3.1).
The as-received alloy was cold finished, solution annealed at 1443 K (1170 °C) and
water quenched. The specimens were then aged at 1023 K (750 °C) for 1000, 5000,
10000, and 20000 hours, respectively, in a muffle furnace and air-cooled for further
experiments.
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Fig. 3.1 ― Schematic representations of Alloy 617 tubes in as-received condition with
the notch orientation of the Charpy V-notch specimens used.
3.2.2 The Chemical Composition of Alloy 617
The chemistry of Alloy 617 is shown in Table 3.1 and their relationships with the
periodic table are shown in Fig. 3.2. The science behind choosing these elements and
their relationship with the periodic table can be grouped into three major classes (see
Fig. 3.2). The first class includes elements from V, VI, and VII group of the periodic
table (Co, S, Ni, Fe, Cr, Mo, N, and Mn) which prefer to form FCC austenite structure.
Second class of elements (Ti, Al) partition to and constitute up the γ́ precipitate Ni3(Ti,
Al) and are from III, IV, V group. Elements B, C, Si, and Cu hails from II, III, and IV
group and constitute ta hird class that segregates to grain boundaries.
Alloy 617 owes its exceptional high-temperature strength and oxidation
resistance via a solid-solution strengthening mechanism [63, 64] (imparted by Cobalt
and Molybdenum). This alloy has spectacular corrosion [10] resistance (offered by
Chromium) against a wide range of corrosive environments, and it can be easily formed
and offers easy fabricability too. The main feature of this intimate mixing of alloying
elements is to impart the necessary qualification required at elevated temperatures.
When aged at 1023 K (750 °C), the formation of gamma-prime (γ΄) Ni3(Ti, Al) an
intermetallic [65, 66] precipitates imparts additional strength to the alloy. Furthermore,
the formation of M23C6, M6C carbides, and Ti(C, N) precipitates provide some
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additional strength [22] to the alloy making it more suitable to operate at higher
temperatures. No signature of closed-packed structures, viz: sigma (σ) [67], chi (χ) or
mu (µ) [68, 69] were found after aging for 10000 hours at 1023 K (750 °C). The fine
precipitates of Ni3(Ti, Al) has an ordered face-centered cubic (FCC) structure of the
L12 (Cu3Au) type A3B compounds [70] and has Pearson symbol/Space group as
cP4/Pm3m [71], respectively.
Table 3.1.The chemical composition (Wt. %) of Alloy 617employed in this study.
Elements

Ni

Cr

Co

Mo

Fe

Mn

Al

C

wt %

Bal.

22.1

11.6

9.4

0.12

<0.01

1.2

0.06

Elements

Cu

Si

S

Ti

N

Nb

Vd

B

wt %

< 0.01

<0.1

0.001

0.4

0.005

0.02

<0.05

0.0036

Fig. 3.2 ― Important elements in the make-up of Ni-based alloys [72].

3.3

Methods of Specimen Preparation for Different Studies

Flat tensile specimens with dimensions as shown in Fig. 3.3 were machined from the
heat-treated blanks as per the standard procedures mentioned in ASTM E8 [73]. Tensile
tests at RT using nominal strain rates of 3× 10−3s−1 were carried out on a floor model
Hung Ta-2402 universal testing machine (UTM) and load–elongation-time to fail data
were recorded for further analysis.
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Fig. 3.3 ― Schematic representation of miniaturized flat tensile specimen (dimensions
in mm).
From the as-received and aged Alloy 617 tubes (as shown in Fig. 3.1), Charpy
V-notch specimens (dimensions are shown in Fig. 3.4) were fabricated in conformity
with the ASTM E-23 [74]. Towards assessing the notch orientation effect with respect
to the wall thickness, two types of specimens with crack path in the circumferential
direction (type-A) and with crack path in radial direction (type-B) has been prepared.
The schematic of the tube as shown in Fig. 3.1 also shows the notch orientations used
in Charpy V-notch specimens.

Fig. 3.4 ― The standard V-notch Charpy specimen in compliance with ASTM E-23
standards (All dimensions are in mm).
The Charpy impact tests were conducted at the room temperature on a
pendulum type Charpy machine with 358 J capacity as per the standard described in
ASTM E-23-05 [60].
The sample preparation for the light microscope (LM) characterization is as
follows: The Charpy tested specimens were received five in numbers. From the fracture
surface, 12 mm was cut for SEM analysis and a further 10 mm was cut for optical
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microscopy. The cut specimens were engraved for further investigation. A 10x10 mm2
slice was cut out from the far end of the Charpy tested specimen.
Etching: For the as-received alloy, the samples were mechanically polished to a mirror
finish and then etched with a solution of Aqua-regia (3HCL:1HNO3). For aged
specimens, following the mechanical polishing, the samples were electro-etched with
an optimized solution mixture of 60% HNO3 and 40% H2O, at room temperature, using
1.5 V for etching times varying from 5 to 120 seconds.
For SEM analysis the fracture surface was thoroughly rinsed in the ultra
sonicating bath with acetone for 10 minutes and then dried up completely. Specimens
were kept in a seal tight box to avoid any dust contamination on the surface to prevent
any artifacts while fractography.
The samples for TEM were prepared as follows: the specimens were cut from
the bulk material and mechanically ground to obtain a foil of 80 µm thicknesses, from
which disks of 3 mm were preferentially punched. Twin-jet electropolishing was then
carried out at a temperature of about 243 K (30 °C) at 15 V, using an electrolytic
solution of 20 pct Perchloric acid (HClO4) in a Struers Tenupol-5®. TEM investigation
was carried out in a Philips CM200 analytical transmission electron microscope
(ATEM) operating at 200 kV. The identification of phases was carried out by a
combination of selected area electron diffraction (SAED) pattern and energy dispersive
spectroscopy (EDS) analyses. Advanced TEM sample preparation facility at MMG,
IGCAR is shown in Fig. 3.5.
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Advanced
TEM facility at
MMG, IGCAR

Grinding/polishing Machine

Diamond Wire-saw

Low Energy Ar-ion

High Energy Ar-ion

Fig. 3.5 ― Advanced TEM sample preparation facility at MMG, IGCAR.

3.4

Grain Boundary Characterization Using Light Microscope

For grain boundary (GB) inspection, a light microscope (LM) Leica DM IRM (Model:
TK-C1480BE) was used as shown in Fig. 3.6.

Fig. 3.6 ― Actual image of light microscope facility at MMG, IGCAR.

Alloy 617 is characterized using a microstructural and mechanical
characterization tool. Microstructural characterization includes Light microscope,
SEM/EDS, and TEM characterization, whereas mechanical characterization includes
Vickers, Tensile, Charpy impact tester, and Instrumented Charpy machine.
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Light microscope (LM) is one of the primitive and the most commonly used
instrument for the characterization of a variety of materials from micron to sub-micron
level. LM is the conventional and the most familiar device for magnifying a small
specimen that cannot be viewed by the naked eye. LM is a simple lens system
consisting of an objective lens with a short focal length (few mm), which creates an
image of the object in the intermediate image plane. This image, in turn, can be viewed
with another lens, the eyepiece, which provides further magnification. Conventional
LM still maintains its position as the best, most comfortable, fastest, and the most
widely used method of micro-characterization tools before switching over to the
advanced microscopy techniques. Light microscope (Leica DM ILM, Germany) model
was used for the characterization of the following materials in the thesis:
1. The as-received Alloy 617 after Charpy impact test.
2. The aged Alloy 617 after Charpy impact test for grain size measurement using
Light microscope.

3.5

Structural and Morphological Characterization

The physical properties of a material bear a strong correlation with the chemical
constituents of elements that usually build the material. Thus, it is indispensable to
understand and ultimately tailor the properties of the material by revealing the genetic
makeup of the material. Toward achieving this, a detailed characterization of the
material structure down to the atomic level is required. Imaging, measuring, modeling,
and manipulating matter at dimensions of roughly 1 to 100 nm can be accomplished
with the help of emerging nano-characterization techniques such as SEM, TEM, AFM,
STM, and FESEM with the capability to achieve high spatial and analytical resolution.
However, in our experiment, we have used SEM and TEM; hence we will focus on
these two techniques.
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3.5.1 Scanning and Transmission Electron Microscopy
Electron microscopes were developed because of the limited image resolution in light
microscopes imposed by their wavelength range. From the Rayleigh criterion, the
λ

smallest distance (δ) that can be resolved, is approximately given by δ ≈ 0.61 × µ𝑠𝑖𝑛𝛽,
where λ is the wavelength of light, µ is the refractive index of the viewing medium, and
β the semi-angle of collection of the magnifying lens. The resolution limit of a
microscope depends on the wavelength used to form the image. Short wavelength
provides higher resolution than a longer wavelength in otherwise identical systems. The
wavelength (λ) of an electron can be calculated by
𝒉

𝝀=

𝒆𝑽

(3.1)

𝟏/𝟐

)]
[𝟐𝒎𝟎 𝒆𝑽(𝟏+ 𝟐
𝟐𝒄 𝒎𝟎

where h is Plank's constant, m0 is the mass of the electron, e is the charge of the electron,
V is the applied electric potential, and c is the speed of light. The term in the bracket
𝟏/𝟐

𝒆𝑽

[(𝟏 + 𝟐𝒄𝟐 𝒎 )]
𝟎

is the relativistic correction term applied when the incident electron

energy is ≥ 100 keV. A schematic electron-matter interaction is shown in Fig. 3.7.
All electron microscopes take benefit of the particle and wave-like behavior of
electrons to obtain very high-resolution images. The electron scattering process is a
succession of particle nature, while electron diffraction is governed by a wave theory.
In the scattering process, those electrons that do not deviate far from the incidentelectron direction give us the information regarding the internal structure and chemistry
of the specimen. TEM construction allows the gathering of these electrons. Another
form of scattering where electrons are scattered though large angle (e.g. Backscattered
electron) and electrons ejected from the specimen (e.g. Secondary electrons) are of
much greater interest in the SEM. These electrons provide atomic number contrast,
surface-sensitivity and topographic images.
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Fig. 3.7 ― (a) Schematic representation of the several interactions occurs in a material
due to the incidence of the high energy electron beam; (b) Block diagram of a FESEM
showing the major components of the system.
3.5.1.1 Scanning Electron Microscopy/Energy Dispersive X-Ray Spectroscopy
Scanning electron microscope (SEM) is one of the most advanced imaging tools to
analyze the surface morphology, microstructural analysis, nanomaterials, and
nanostructures characterization wherein the images of the specimen is formed by
scanning it with a high-energy focused electron beam.
In principle, the high-energy focused electron beam is thermionically generated
by applying a voltage to the electron-emitting gun fitted with a tungsten filament acting
as a cathode or lanthanum hexaboride (LaB6) cathode. When a beam of electrons
interact with a specimen with a very fine spot size of ~5 nm and having energy ranging
from a few hundred eV to 30 keV, it undergoes either elastic or inelastic scattering. The
emitted electrons after scattering with the energy of < 30 eV are popularly known as the
secondary electron (SE). The elastically scattered electrons with angle ~180° are
referred to as backscattered electrons (BSE) (Fig. 3.7 (a)). SE and BSE carry a rich
source of information about the atomic number (z) – contrast, surface topography, and
elemental composition about the specimen and the information is detected in
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corresponding detectors. The major components of a SEM (Schematic view, Fig. 3.7
(b)) are listed above.
The interaction of electrons with the atoms of the specimen produces signals
which provide information mainly about the specimens. The electron beam is
thermionically emitted from an accelerated electron beam of energy around 0.2 to 40
keV is focused by one or two condenser lenses to a spot of about 0.4 to 5 nm in
diameter. The accelerated electron beam (primary electron beam) interacts with the
surface of the specimen, and the electrons lose their energy by repeated random
scattering and absorption within a teardrop-shaped volume of the specimen known as
the interaction volume. Secondary electron (SE), backscattered electron (BSE) and
absorbed electrons are produced due to exchange of energy between the electron beam
and the specimen, each of which can be detected by specialized detectors. Various
types of electronic amplifiers are used to amplify the signals and are displayed as
variations in brightness on a cathode ray tube (CRT). The raster scanning of the CRT
display is synchronized with that of the beam on the specimen in the microscope, and
the resulting image is, therefore, a distribution map of the intensity of the signal being
emitted from the scanned area of the specimen. The image can be captured by
photography from a high-resolution cathode ray tube, but in modern technology, it can
be digitally captured and displayed on a computer monitor and saved in a computer's
hard disk [75].
In the present thesis, SEM attached with energy-dispersive X-ray spectroscopy
(EDX) was used to characterize the as-received and aged materials and elemental
composition analyses. The Oxford INCAPentaFET-x3 Si(Li) microscope fitted with
EDX models of SEM system and operated at 20 kV in the secondary electron mode
used in the present thesis.
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3.5.1.2

Transmission Electron Microscope (TEM)

TEM comprises a range of different instruments that make use of the properties of
electrons, both as particles and as a wave [76]. The TEM generates a wide range of
signals which can be processed to obtain atomic resolution images, diffraction patterns
(DP), and different kinds of spectra from the small region of the specimen. It produces
a much-localized electron probe, typically < 5 nm and at best, < 0.1 nm in diameter.
The beam current can be as high as ~0.1-1 µA. The wavelength of an electron
accelerated by a 200 kV potential (a typical TEM operating parameter) is 2.51
picometer (pm) which is five orders of magnitude smaller than the wavelength of
visible light. It provides valuable information about specimen chemistry and
crystallography. TEM comes in wide variants, namely high-resolution transmission
electron microscope (HRTEM), field-emission transmission electron microscope
(FETEM), scanning transmission electron microscope (STEM), Analytical Electron
Microscope (AEM), high voltage electron microscopy (HVEM), and intermediate
voltage electron microscopy (IVEM). A schematic diagram of the TEM is given in Fig.
3.8. TEM can be viewed as a set of three essential components: the illumination system,
the objective lens/stage, and the imaging system.
The illumination system comprises the gun and the condenser lenses and its
role is to take the electrons from the source and transfer them to the specimen. It can be
operated in two principal modes; parallel beam [for TEM and selected area electron
diffraction (SAED)]. The objective lens/stage system is the heart of the TEM, which
extends over a distance of 10 mm at the center of the column. In this critical region,
beam-specimen interactions take place, and the two fundamental TEM operations occur.
These pertain to the creation of various images and DPs that are subsequently
magnified for viewing and recording. The imaging system uses several lenses to
magnify the image or DP produced by the objective lens and to focus these on the
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viewing screen through a detector; charge coupled device (CCD) detector, or TV
camera.

Fig. 3.8 ― The highly simplified working diagram showing two basic operations of the
TEM imaging system involving diffraction mode where the DP was projected onto the
viewing screen (left side), and image mode where the images were projected onto the
viewing screen (right side).
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In this thesis work, a CM200 Philips TEM was used to substantiate the
characterization of Alloy 617 and is shown in Fig. 3.9.

Fig. 3.9 ― The actual image of the TEM facility at MMG, IGCAR.

3.6

Mechanical Characterization

3.6.1 Vickers Hardness Testing
Indentation hardness tests such as Vickers, Brinell, Rockwell, Knoop, and instrumented
indentation are frequently used methods for determining the hardness of a material. In
this thesis, the Vickers macro hardness test formally known as the Diamond Pyramid
Hardness (DPH) test is used to characterize the Alloy 617.
The governing principle of all these tests is quite similar. The basis of static
indentation tests is that a diamond indenter is forced onto the surface of the material
being tested for a preset duration. The full load is normally applied for 10 to 15 seconds.
The two diagonals of the indentation left out on the surface of the material after
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removal of the load are measured using a microscope and their average are calculated.
When the force is applied to the test material through contact with the indenter the test
material yields. Once the force is removed, some plastic recovery in the direction
opposite to the initial flow is expected, but over a very smaller volume. Because the
plastic recovery is not complete, biaxial residual stresses remain in planes parallel to
the free surface even after the force is removed. The hardness value is calculated by the
amount of permanent deformation or plastic flow of the material observed relative to
the test force applied. The deformation is quantified by the area or the depth of the
indentation (d). The numerical relationship for Vickers hardness (HV) is inversely
proportional, such that as the indent size or depth increases, the hardness value
decreases [77].
HV = 1569.7 P/d2

(3.3)

where P: test force (gf), d: is the mean diagonal of the indentation (mm), and a squarebased, pyramidal indenter with a 136° angle is used.
The hardness value is derived from two primary components: (i) a constraint
factor for the test measurement, and (ii) the uniaxial flow stress of the material being
involved in the test. The value of the constraint factor depends mainly on the shape of
the indenter used in the hardness test. For relatively blunt indenters such as Vickers,
Brinell, and Knoop, the constraint factor is approximately three. Prandtl in his seminal
work first explained the origin of the constraint factor (for more details refer work by
Prandtl, 1920) [78]. He compared the blunt hardness indenters to the mean stress on a
two-dimensional punch required for the onset of plastic flow beneath the punch. The
material beneath the punch was assumed to flow plastically in plane strain, and the
material surrounding the flow pattern was considered to be rigid. Hill generalized
Prandtl’s approach into what is now known as the slip line field theory. Hill calculated
a constraint factor very similar to Prandtl. According to these theories, the material
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displaced by the punch is accounted for by upward flow. If the material is hard, a
relatively small or shallow indentation will result, whereas if the material is soft, a
fairly large or deep indentation will result [77]. The average value of ten Vickers
indentations made on the coatings was calculated and used.
In the present study, macrohardness of the as-received solution annealed and
aged specimens for 20000 hours aged at 1023 K (750 °C) was determined with a load
of 10 kg applied for 15 s on various regions of the specimens using FIE microhardness
tester shown in Fig. 3.10. The testing body was a four side diamond-pyramid which
locks in an angle of 136°. On the coating, a quadrangle impression is made by the
plastic deformation caused by the diamond indenter.

Fig. 3.10 ― Hardness measurement facility in IGCAR.

3.6.2 Tensile Testing Machine
The tensile test is one of the simplest and widely used tests on materials to determine
how a material will react when it is pulled apart when a force is applied to it in tension.
By measuring the force required to elongate a specimen to the breaking point, material
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properties can be determined that will allow designers and quality managers to predict
how materials and products will behave in their anticipated applications. ASTM E-8
provides guidelines and procedures to conduct a uniaxial tensile test and obtain data
about strength and ductility. Ductility, on the one hand, is the ability of a material to
deform under tensile load and forms the basis for the metal forming process. Strength,
on the other hand, is the ability of the material to bear the applied load without
undergoing plastic deformation. The information that can be extracted from the tensile
data is in plenty viz. Engineering stress-strain, true stress-strain, % elongation, yield
strength (YS), ultimate tensile strength (UTS), flow behavior of the material and work
hardening characteristics are just to name a few.
For the present study on the tensile test screw-driven machine model, Hung Ta2402 is used as shown in Fig. 3.11 available in materials development laboratory
(MDL) building of IGCAR.

Fig. 3.11 ― Tensile test facility at IGCAR.
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3.6.3 Charpy Impact Testing Machine
The impact test method based on a pendulum, popularly called a Charpy test, is one of
the most cost-effective material testing procedures [79], often have been followed since
past many decades. The name of Charpy remains associated with the impact testing on
the notched specimen [80]. The impact energy measured by Charpy impact testing is
used as a measure of impact toughness of the materials.
In the present study, the Charpy impact test was carried out using the Charpy
test facility at IGCAR (model Tinius Olsen, maximum capacity 358 J) shown in Fig.
3.12 available in materials development laboratory (MDL) building of IGCAR.

Fig. 3.12 ― Charpy Impact toughness facility at IGCAR.
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3.6.4 Instrumented Drop Weight Testing Machine
The Instrumented Charpy machine is also known as an accelerated drop weight testing
machine. The purpose of this machine is to understand the materials fracture behavior
when they are subjected to dynamic loading. Impact velocities can be varied by varying
the mass in the mass carrier area. The testing of materials under dynamic conditions
need an efficient and reliable equipment to experimentally examine and quantify the
dynamic behavior of materials under varying velocity impact loads. The range of such
impact loads varies from a few m/s to several hundred m/s. It is not possible for any
single machine other than this which covers a wide range of velocity.
In this present study instrumented Charpy impact test was carried out using an
accelerated drop weight testing facility at IGCAR (model IM 10) shown in Fig. 3.13
available in materials technology division (MTD) building of IGCAR.
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Fig. 3.13 ― Instrumented Charpy accelerated drop weight testing facility at IGCAR.

3.7

Summary

The experimental techniques utilized for the study of Alloy 617 reported in this thesis
are described briefly with the basic principle, significant components of the apparatus,
and their technical specifications with schematic or real images of the available facility
at IGCAR. Electron microscopy techniques of SEM and TEM utilized for morphology,
structure, and elemental analysis of the microstructural study of the aged Alloy 617 are
elaborated with the help of schematic diagrams.
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4
Study of Microstructural Evolution for As-Received
and Aged Alloy 617
Alloy 617 is one of the Ni-based superalloys which undergo microstructural changes
during the prolonged exposure at higher temperatures. Thus, aging treatments at 1023
K (750 °C) for different time durations are expected to bring out the different
microstructural changes, relevant to the actual situations during operation. The
anticipated changes which could occur during the aging treatments can be the grain
size distribution or the changes in the types, sizes, shapes, and distribution of the submicroscopic precipitates. These issues have been investigated with the help of optical
microscopy, scanning electron microscopy (SEM), and transmission electron
microscopy (TEM) at different length scales. This chapter describes the study of the
microstructural evolution during the course of thermal aging, as investigated with the
optical, SEM, and TEM studies for the as-received material and also for the aged
materials, with different durations of aging up to 20000 hours at 1023 K (750 °C).

4.1

Introduction

Alloy 617, a member of the superalloy family with a solid solution strengthened
capability is one of the most demanding materials for high-temperature applications
above 973 K (> 700 °C), especially for long-duration exposures. As discussed in earlier
chapters, the ability of this alloy to satisfactorily work in a high-temperature regime is
attributed to its exceptional combination of high-temperature strength, microstructural
stability, corrosion resistance, and good fabricability. However, the high-temperature
mechanical properties, i.e., the deformation characteristics and the fracture resistance of
this alloy are strong functions of the microstructural features like grain size and types,
size, shape, and distribution of the precipitates. From the discussion in the previous
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chapters, it can be anticipated that the microstructural features as observed in the asreceived material (solution annealed) undergo significant modifications to influence the
deformation characteristics and fracture resistance after long term exposure in the hightemperature regime. To this end, for this Alloy 617, it is essential to understand the
aging-induced evolution of microstructure at different length scales to meaningfully
characterize its deformation characteristics and fracture resistance. This chapter brings
forth the results of the microstructural investigation of Alloy 617 in as-received and in
aged conditions, carried out at different length scales using optical, SEM, and TEM
studies. The aging treatments, as mentioned in chapter 3, encompass the temperature
domain of interest in this material for the advanced ultra-supercritical thermal power
plant.

4.2

Optical Metallographic Studies of the As-Received and Aged
Alloys

Optical metallography studies have been carried out mainly to evaluate the grain sizes
of this material in the as-received and aged conditions. A polycrystalline material
generally consists of thousands of individual grains separated by boundaries,
scientifically known as grain boundary [81]. Grain boundaries (GB) can be defined as a
2D defect present inside the material, which often tends to decrease the electrical and
thermal conductivity of the material and on the other hand helps in impeding grain
boundary migration and checking the dislocation motions. It is usually assumed and
accepted that the grain boundaries are of two to three atomic layers thick in a
polycrystalline material. Typically, the crystalline orientations on either side of the
grain boundaries are different, as schematically represented in Fig. 4.1. This typical
orientation of the grains along the grain boundaries have several implications on the
mechanical properties of the materials and thus are the active centers of investigations.
45

Fig. 4.1 ― Schematic diagram of grain boundaries in polycrystals showing the
different orientation of the adjacent grains along with the triple point boundaries.

Fig. 4.2 shows the micrographs of grain size in Alloy 617 in its as-received
conditions. It is mainly characterized by the presence of polygonal grain structure with
duplex mode [82] of grain size distribution as shown in Fig. 4.2 (a). The ‘duplex mode’
indicates toward two groups of grain sizes, the smaller grains with size ranges in 10-30
µm and larger grains with size varying from 40-100 µm. The larger grains could easily
grow in the absence of any restriction or without any Zener pinning during the
annealing or aging treatments. This duplex nature of grain size could be attributed to
Zener pinning [83]. Zener pinning is a well-known phenomenon that explains the effect
of smaller and finer precipitates on the movement of grain boundaries. It is generally
inferred that a higher degree of precipitation could impede the grain boundaries leading
to sluggish grain growth, whereas the grains grow faster in the precipitate free regions.
A substantial presence of annealing twins has been noticed in the as-received
microstructure and shown in Fig. 4.2 (a). The presence of annealing twins has a lot
more to say about stacking fault energy (SFE) of this material. A similar observation on
the existence of annealing twins in other superalloys material has also been reported in
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the literature [74, 84]. The frequency distribution chart is shown in Fig 4.2 (b) reveals
that the majority of grain size lies in the range of ASTM numbers 4 - 6.

Fig. 4.2 ― Microstructure of Alloy 617 obtained at 100X: (a) as-received alloy; (b)
Frequency distribution of grain size in Alloy 617 vs. ASTM number for as-received
alloy.
Fig. 4.3 (a) shows the optical micrographs of Alloy 617 after 1000 hours of
aging treatment. It can be noted that the extent of annealing twins reduced substantially
w.r.to as-received condition. The as-received alloy does have some serrated grain
boundaries, but the degree of serration is much smaller in 1000 hours aged material.
These serrations in the aged alloy indicate that there are indeed small amounts of grain
movement and coarsening had occurred during high-temperature exposure. The
possible and likely explanation for the serrations in the grain boundaries of this aged
alloy is due the secondary phases such as grain boundary carbides pin sections of the
grain boundary during migration, thus causing irregular boundaries. Another
contributor may be due to the diffusion of carbon along the grain boundaries. Since
carbon could be using the grain boundary as a fast diffusion path, a flux of vacancies in
the opposite direction would be necessary [60]. Any flux divergence between the
vacancies and carbon atoms in the banded regions would cause vacancies to pile up on
the grain boundary, thus allowing for a climb of the grain boundary dislocations and
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small serrations to form. The frequency distribution chart is shown in Fig. 4.3 (b)
reveals that the majority of grain size lies in the range of ASTM number 4 - 6.

Fig. 4.3 ― Microstructure of Alloy 617 obtained at 100X for specimens aged at 1023 K
(750 ºC): (a) 1000 h; (b) Frequency distribution of grain size in Alloy 617 vs. ASTM
number for 1000 h aged alloy.
The microstructure of alloy, aged at 5000 hours is shown in Fig. 4.4 (a). The
difference in aging-induced microstructure evolution between 1000 and 5000 hours is
much more significant. The significant difference is in terms of carbide banding which
has now become increasingly difficult to distinguish due to large amounts of carbide
precipitation clustered on and near the grain boundaries. Another remarkable and
distinguishable feature of the aging-induced microstructure evolution after aging for
5000 hours is that carbide precipitates have clumped together into small groups which
are seen clearly in Fig. 4.4 (a). To these clumped precipitates of carbides, Mankins et al.
[22] on their mechanical study on Alloy 617 gave a new nomenclature commonly
known as “sunburst” patterns, and they were mostly observed in creep tested samples
operated at 1089 K (816 ºC) for 3000 hours. Carbides growth during the annealing
process likely created dislocations which provided nucleation sites for new
precipitation during subsequent aging. The frequency distribution chart shown in Fig.
4.4 (b) reveals that the majority of grain size lies in the range of ASTM numbers 4 - 6.
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Fig. 4.4 ― Microstructure of Alloy 617 obtained at 100X for specimens aged at 1023 K
(750 ºC):.(a) 5000 h; (b) Frequency distribution of grain size in Alloy 617 vs. ASTM
number for 5000 h aged alloy.
Fig. 4.5 (a) shows the microstructure of alloy aged at 10000 hours. There is a
significant difference in the microstructure of 10000 hours aged alloy. The extensive
precipitation of carbides is one of the salient features of this microstructure. Other
features of the 10000 hours aged material can be extracted from the frequency
distribution profile shown in Fig. 4.5 (b). As can be seen from the frequency chart that
there is a slight shift in the distribution chart from ASTM numbers 4 - 6 to 5 - 7. This
shift is an indication that aging has a contribution to not only microstructural evolution
but also plays a role in grain growth. Though the increase is insignificant, precipitation
of carbides is remarkable.

Fig. 4.5 ― Microstructure of Alloy 617 obtained at 100X for specimens aged at 1023 K
(750 ºC):.(a) 10000 h; (b) Frequency distribution of grain size in Alloy 617 vs. ASTM
number for 10000 h aged alloy.
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The microstructure of 20000 hours with the aging condition maintained at 1023
K (750 ºC) is shown in Fig. 4.6 (a). There is a significant difference in microstructure
of 20000 hours aged alloy w.r.to.10000 hours. The extensive precipitations of carbides
in 10000 hours have coarsened to a large extent, as can be seen from the micrograph in
Fig. 4.6 (a) in the form of dark spots. Another salient feature of this microstructure is its
uniform grain size distribution. After 20000 hours of aging, the grains have become
more uniform in nature and occupied the ASTM numbers 4 - 6 as can be seen from the
frequency distribution profile in Fig. 4.6 (b).

Fig. 4.6 ― Microstructure of Alloy 617 obtained at 100X for specimens aged at 1023 K
(750 ºC). (a) 20000 h; (b) Frequency distribution of grain size in Alloy 617 vs. ASTM
number for 20000 h aged alloy.
To appreciate the microstructural evolutions in Alloy 617 and have a clear
understanding of grain boundaries in this alloy, a combined frequency distribution vs.
ASTM grain size number chart is presented in Fig. 4.7.
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Fig. 4.7 ― Comparing the frequency distribution of different aged specimens vs.
ASTM grain size number.
The frequency distribution chart appreciates that there is in general no much
difference in the overall grain size of the aged alloy and the grain size is reasonably
constant. A closer look at the frequency distribution chart reveals that there has been a
grain growth with increasing aging duration at 1023 K (750 °C), but the grain growth
has resulted in a uniform distribution of grain. There is some grain growth as seen from
(Fig. 4.2 – 4.6), and the distribution of grain size plot becomes broader. The sharpening
of the peak in the grain size distribution chart of Fig. 4.3 (b) through Fig. 4.6 (b) is
attributed to the Zener pinning. These finer particles (Fig. 4.3 (b) exerts a pinning
pressure and thus counteracting the driving force for boundary movement, which is
very important to the grain growth process. The notion that there is some grain growth
in the alloy with the aging time cannot be ignored, but the distribution of the overall
grain size is still in the range of ASTM numbers 4 - 6. The property of this material to
constrain the grain growth even after an aging durations of 20000 hours is a strong
point that attracted the designers to consider this material toward high-temperature
applications.
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4.3

Morphological Characterization of Alloy 617 for HighTemperature Application

With the hard-earned wisdom in the field of metallurgy, it is now a well-accepted fact
that the physical properties of a material are a strong function of nature, shape, size, and
morphology of evolved microstructure. Thus, it is now imperative that a detail
investigation of microstructural evolution in Alloy 617 has to be accomplished for a
better understanding of the material behavior over long duration aging considering it as
a replica of in-service conditions. For this, as-received and aged specimens are explored
for their precipitate evolutions, and the associated elemental analysis is undertaken. The
elemental analysis has been undertaken to understand the composition of the evolving
precipitates over aging and also to get an idea of the preventive measures to be taken to
impede the formation of some detrimental phases in the material.
Fig. 4.8 reveals the SEM image and the corresponding elemental analysis of the
alloy in the as-received condition being only in solution annealed state. In the asreceived alloy, the micrographs show two different kinds of precipitates as shown in
Fig. 4.8 (a) and marked as A and B. The one being populated near and on the grain
boundaries and other lying inside the matrix. The point marked by A in the
microstructure is globular in shape, and point B is block shape. Moving further to
elucidate the chemical composition using EDS analysis, it is confirmed that globular
shaped precipitates are Cr, Mo, and Co-rich and therefore expected to be (Cr, Mo)23C6
carbides and the block-shaped particles are Ti-rich and thus most probably are Ti(C, N)
carbonitrides as can be seen in the Fig. 4.8 (b) and Fig. 4.8 (c), respectively.
These primary carbides are the carbides which are somehow got interlocked at
the grain boundaries during their migration in annealing treatment. These precipitates
show their presence in serrated grain boundaries often seen in Fig. 4.2. Though, the
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formation of serrated grain boundaries is still a field of open debate and has not yet
reached a consensus [85]. But, various research groups have upvoted the triggering of
the serrated grain boundaries by the discontinuous segregation of Cr and C atoms at the
grain boundaries in the interest of releasing the excessive elastic strain energy [86-88].
These low energy serrated boundaries often resist creep deformation inside the material.

a)

b)
a)

c)

Fig. 4.8 ― SEM images unveiling the effect of aging duration on precipitate evolution
in Alloy 617: (a) SEM micrograph of as-received alloy; (b) the EDS results of A point
in (a); (c) the EDS results of B point in (a).
The SEM image and the corresponding elemental analysis of the 1000 hours
aged sample is shown in Fig. 4.9. After aging, the material produced plenty of carbides
near and inside the grain boundary as can be seen from Fig. 4.9 (a). This characteristic
of releasing carbides in the matrix spontaneously even after 1000 hours of aging is an
indication that the Alloy 617 has a propensity towards aging-induced microstructural
evolution. The spontaneous evolution of microstructures is in conformity with other
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reports published earlier by various other research groups [22, 89]. The corresponding
EDS spectrum is shown in Fig. 4.9 (b). The elemental analysis indicates that the
precipitates are Cr, Mo, and Co-rich and therefore expected to be (Cr, Mo)23C6 carbides.

a)

b)
b)

Fig. 4.9 ― SEM images unveiling the effect of aging duration on precipitate evolution
in Alloy 617: (a) SEM micrograph of 1000 h aged alloy; (b) the EDS spectrum
corresponding to Cr23C6.
The SEM image and the corresponding elemental analysis of 5000 hours aged
sample is shown in Fig. 4.10. The SEM of 5000 hours aged sample shows plenty of
carbides near and inside the grain boundary. Ti(C, N) as block-shaped particles with an
average size of 5 µm can be seen inside the grains as shown in Fig. 4.10 (a). The
presence of Ti(C, N) has been reported by many researchers in Ni-based superalloys for
high-temperature and is consistent with our result [90, 91]. The corresponding EDS
spectrum in Fig. 4.10 (b) confirms the precipitates to be rich in Ti (carbon and nitrogen
are excluded from the quantitative analysis) and hence indicate toward the Ti(C, N).
The presence of Ti(C, N) helps in pinning the dislocation motion and also render
resistance to grain growth [92, 93].
The bright colour Ti(C, N) precipitates are located preferentially near the grain
boundaries. Primary TiC may also contain some amounts of nitrogen and can form
carbides and nitrides which have cubic structures with a lattice parameter of a = 0.43-
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0.47 and a = 0.424 nm, respectively [94]. Thus, it seems more accurate and acceptable
to represent and refer it to carbo-nitrides Ti(C, N). These carbonitride precipitates serve
and provide an active site for the crack initiation and cause material failure.
Furthermore, it is well known that Alloy 617 is a solid solution strengthened alloy,
removal of the Cr content and its participation in the formation of (Cr)23C6 owing to the
formation and degeneration of Ti(C, N) near the grain boundaries could play a
detrimental role in the strengthening of the alloy. These precipitates are not always
troublesome, but on certain occasions, help in enhancing the hardness of the matrix
experienced during the aging treatments. But, in spite of their benefits, they mostly play
a negative role by assisting the formation of voids and cracks along the grain
boundaries causing the reduction in the creep rupture life.

Fig. 4.10 ― SEM images unveiling the effect of aging duration on precipitate evolution
in Alloy 617: (a) SEM micrograph of 5000 h aged alloy; (b) the EDS spectrum
corresponding to Ti(C, N).
Fig. 4.11 shows the SEM image and the corresponding elemental analysis of
10000 hours aged material. After aging for 10000 hours, it is clearly seen that the
precipitates are populated mainly at the grain boundaries as shown in Fig. 4.11 (a). The
corresponding EDS spectrum in Fig. 4.11 (b) confirms the precipitates are Cr and Morich and therefore expected to be (Cr, Mo)23C6 carbides of the Cr23C6 type. These
carbides have clumped together to form small groups.
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Exciting features that can be seen from the micrographs are its homogenous
precipitations, intensive precipitations near the grain boundaries, and precipitates
growth compared to 5000 hours aged samples. Similar to those fine precipitates around
the TiN particles at shorter times, carbide growth during the aging process likely
created dislocations which provided nucleation sites for new precipitation during
subsequent aging.

a)

Fig. 4.11 ― SEM images unveiling the effect of aging duration on precipitate evolution
in Alloy 617: (a) SEM micrograph of 10000 h aged alloy; (b) the EDS spectrum
corresponding to Cr23C6.
SEM image of 20000 hours aged material is shown in Fig. 4.12. After aging for
20000 hours, it can be clearly seen that extensive carbide precipitates have completely
occupied the grain boundaries. The corresponding EDS spectrum in Fig. 4.12 (b)
substantially re-confirms the precipitates to be rich in Cr and Mo and therefore
expected to be (Cr, Mo)23C6 carbides of the Cr23C6 type.
The micrograph of 20000 hours aged specimen is again impressive due to its
precipitation profile. The particles instead of coarsening due to aging, as observed in
other superalloys [95], here in Alloy 617 have gone fine in structures. The unexpected
decline in the size of precipitates is a matter of curiosity and, indeed, a driving force for
further investigation in this alloy.
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As opposed to coarsening, precipitations size shows a fine distribution in the
matrix as shown in Fig. 4.12. The decline in size, yet keeping the same composition of
the precipitates as confirmed from the EDS spectrum dictates that a new set of
precipitates might have evolved and the previous larger precipitates might have been
engulfed within the matrix due to aging. At this stage, no solid confirmation can be
given owing to a lack of experimental characterization. Bright light can be thrown on
this issue only after obtaining a clear picture from the TEM investigations.

Fig. 4.12 ― SEM images unveiling the effect of aging duration on precipitate evolution
in Alloy 617: (a) SEM micrograph of 20000 h aged alloy; (b) the EDS spectrum
corresponding to Cr23C6.

4.4

Quantifying the precipitates of Alloy 617

The nature and the extent of precipitations have been already discussed by and large in
the previous section. From the earned wisdom it is well established that size, nature,
and type of precipitates play a significant role in determining the crack initiation energy
of the alloy. Quantification of such an important parameter is imperative for a better
understanding of the structural integrity and functionality of the components during inservice [96, 97]. A few interesting facts about the nature of precipitates inside the alloy
617 have been tabulated in table 4.1. The precipitate size in the column average size
shows an anomalous trend of the particle growth. The average precipitate size of 1.21
µm in the as-received is an indication of solution annealed precipitates which got stuck
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during the annealing and got interlocked at the grain boundaries. Initial aging for 1000
hours shows a uniform precipitate of size distributed across the grain boundaries as
evident from the large precipitate counts in table 4.1. Further aging increases the
precipitate size also evident from Fig. 4.10 and 4.11. There is an anomaly in the 20000
hours aging where the precipitates instead of coarsening in size, they mark a reduction
in size as also seen in table 4.1.
Table 4.1 Quantified precipitates of the indigenous Alloy 617 in the different heattreated conditions.
Conditions (h)

Counts

Total Area (µm2)

Average Size

% Area

As-received

87

105.74

1.21

6.15

1000

309

183.30

0.593

6.44

5000

66

90.23

1.367

0.803

10000

107

199.37

1.863

1.40

20000

351

370.87

1.057

13.21

4.5

TEM Study of As-received and Aged Alloy 617

The microstructural features for the as-received and aged alloys have further been
investigated with the transmission electron microscopy.
TEM study of as-received condition reveals the presence of two types of
carbides, namely the Mo-rich M2C and the Cr-rich M23C6, as shown in Fig. 4.13 and
Fig. 4.14, respectively. Fig. 4.13 (a) & (b) show the bright-field transmission electron
microscopy (TEM) image of as-received alloy with precipitates and the corresponding
SAED pattern respectively. The corresponding EDS spectrum, as shown in Fig. 4.13 (c)
confirms the precipitate to be rich in Mo and Ti. The SAED analysis and the associated
EDS spectra confirm the precipitate to be of M2C type ((Mo, Ti)2C).
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a)

b)

Ni

2 µm

d)

d)

Fig. 4.13 ― (a) Bright-field TEM image of as-received Alloy 617 showing M2C
carbide in Alloy 617 (b) SAED pattern correspond to M2C type (zone axis [432]); (c)
The corresponding EDS spectrum confirms Mo and Ti-rich precipitates.
Fig. 4.14 (a) to Fig. 4.14 (b) shows the TEM micrograph and the SAED pattern
from precipitates of the type M23C6, respectively. The TEM investigations of these
precipitates in the Alloy 617 were found to be Cr-rich M23C6 type. These results were
also in conformity with the result obtained by Mankins et al. [15]. The SAED pattern is
shown in Fig. 4.14 (b). The EDS spectrum corresponding to the SAED pattern is shown
in Fig. 4.14 (c) and they confirm that precipitates are rich in Cr and Mo and are of the
form (Cr, Mo)23C6
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Fig. 4.14 ― (a) Bright-field TEM image of as-received Alloy 617 showing M23C6
carbides (b) SAED pattern correspond to M23C6 type (zone axis [011]); (c) The
corresponding EDS spectrum confirms M23C6 type to be rich in (Cr, Mo)23C6.
The TEM results after 1000 hours of aging treatment are shown in Fig. 4.15.
The bright-field TEM image shown in Fig. 4.15 (a) reveals the presence of Ni3(Ti, Al)
precipitates, commonly known as the γ′ phase. The dominant feature during the shortterm aging of 1000 hours was found to be the fine and ordered γ′ precipitates are
nucleating on the planes with zone axis ([0 1 1]). For the 1000 hours aging duration,
depending on the nucleation site, the size of the fine spherical γ′ precipitates was on a
range from ~ 50-70 nm. A similar kind of observation has also been reported in work
carried out by Krishna et al. [98]. The corresponding EDS spectrum, as shown in Fig.
4.15 (c) confirms the precipitate to be rich in Ni, Al, and Ti are of type Ni3(Al, Ti).
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Intensity (a.u.)

c)

Energy (keV)
Fig. 4.15 ― Bright-field TEM images and SAED pattern of γʹ precipitate in Alloy 617
aged at 1023 K: (a) TEM image after 1000 h of aging showing spherical precipitates of
γ′ phase commonly known as Ni3 (Ti, Al); (b) SAED pattern correspond to γ′ phase
(zone axis [0 1 1]); (c) The corresponding EDS spectrum confirms γ′ phase to be rich in
Ni, Ti, Al and they correspond to Ni3(Ti, Al).

The TEM results after 5000 hours of aging treatment are shown in Fig. 4.16.
The morphology of γ′ precipitates in 5000 and 1000 hours aged condition remains
unaltered bearing the same spherical nature. Marginal growth in the size ~ 80 - 100 nm
has been noticed (Fig. 4.16 (a)) w.r.to 1000 hours aged material. It is well appreciated
that the presence of γ′ precipitates in the matrix of an aged alloy of this material plays a
crucial role in imparting strength at higher temperatures [99]. It can be concluded from
the TEM investigations that the morphology of γ′ precipitates hardly changes during the
aging treatments. However, there are indications that it only grows in size due to
thermal aging, but to a limited extent. It could be appreciated that even this marginal

61

change in the precipitate size may have a significant influence on the deformation
characteristics of this material. The SAED pattern has validated the TEM results, and
EDS spectrum shown in Fig. 4.16 (c) confirming the elemental composition of γ′ to be
rich in Ni, Al, and Ti and most probably of the type Ni3(Al, Ti).

a)

Ti(C,N)

b)

b)

Fig. 4.16 ― Bright-field TEM images and SAED pattern of Coherent γ΄ precipitate and
M23C6 in Alloy 617 aged at 1023 K: (a) TEM image after 5000 h of aging showing
spherical precipitates of γ′ phase commonly known as Ni3 (Ti, Al) and M23C6; (b)
SAED pattern correspond to γ′ phase (zone axis [0 1 1]); (c) The corresponding EDS
spectrum confirms γ′ phase to be rich in Ni, Al, and Ti and they correspond to Ni3(Ti,
Al) and M23C6 to be rich in Cr, Mo, and they correspond to (Cr, Mo)23C6.
Fig. 4.17 shows the TEM images of γ′ precipitates after the 10000 hours of
aging. The morphology of γ′ precipitates in 1000 hours aged condition and γ′
precipitates even after aging for 10000 hour bears the same spherical nature. To
appreciate the aging, marginal growth in the size ~ 80-110 nm has been noticed in Fig.
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4.17 (a) w.r.to 1000 hours aged material. The presence of γ′ precipitates in the matrix of
the aged alloy of this material plays a crucial role in imparting strength at higher
temperatures [99]. It is further concluded from the TEM investigations that the
morphology of γ′ precipitates hardly changes during the aging treatments. However,
there are indications that it only grows in size due to thermal aging, but to a limited
extent. The importance of even a minor growth in size of these precipitates is well
supported by a significant change in the deformation mechanism of this material. The
type of precipitates has been validated by the SAED pattern, as shown in Fig. 4.17 (b).
The corresponding EDS spectrum shown in Fig.4.17 (c) has confirmed the elemental
composition of γ′ to be Ni-rich and of the type Ni3(Al, Ti).

c)

Fig. 4.17 ― Bright-field TEM images and SAED pattern of γ΄ precipitate in Alloy 617
aged at 1023 K: (a) TEM image after 10000 h of aging showing spherical precipitates
of γ΄; (b) SAED pattern correspond to γ′ phase (zone axis [0 1 1]); (c) The
corresponding EDS spectrum confirms γ′ phase to be rich in Ni, Al, and Ti and they
correspond to Ni3 (Ti, Al).
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Not only γ΄ has evolved during the course of aging, but also the carbides have
sufficiently grown enough due to aging treatment. TEM results of thermally aged
specimens for 10000 hours have also shown the M23C6 precipitates of size 70-80 nm as
shown in Fig. 4.18 (a). SAED pattern along the [011] zone axis as shown in Fig. 4.18 (b)
corresponds to the M23C6 type. The corresponding EDS spectrum shown in Fig.4.18 (c)
has confirmed the elemental composition of the M23C6 to be Cr-rich Cr23C6. The
elemental composition (by wt pct) around the M23C6 is shown in Table 4.2.

Fig. 4.18 ― Bright-field TEM image and SAED pattern of Alloy 617 aged at 1023 K
for 10000 h:(a) Bright-field TEM image showing precipitates of size 80-100 nm (b)
SAED pattern confirming that they correspond to M23C6; (c) The corresponding EDS
spectrum confirms M23C6 to be rich in Cr, Mo and they correspond to (Cr, Mo)23C6.
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Table 4.2 Local (wt pct) composition variation of elements in the matrix and around
M23C6 (10000 hours aged).
Ni

Cr

Co

Mo

Fe

Al

Ti

Grain interior

49.07

22.1

11.6

9.4

0.12

1.2

0.4

Close to M23C6

50.21

23.49

13.46

8.22

2.28

1.64

0.70

It is interesting to look at table 4.2, illustrating the weight (wt) pct composition
of elements near the carbide precipitates. A local enrichment in pct compositions of
major carbide forming elements can be seen in the table. Due to a higher propensity
toward the formation of carbides under the influence of aging treatment, major alloying
element viz: Cr and Mo which were supposed to provide a solid solution strengthening
are now playing a role in reducing the solid solution strength by their active
participation in the formation of carbides. Though, carbides can offer a small
contribution towards high-temperature strength (due to its small size, it can pin the
dislocation and cause an increase in strength of the material), but its coarsening ability
under the influence of aging makes it a notorious agent favouring the grain boundary
embrittlement rather than to strengthen the grain boundary.
It is also interesting to note the along with γ΄ and carbides another precipitate
was also seen under TEM and was confirmed to be Ni3Si shown in Fig. 4.19. Brightfield TEM image shown in Fig. 4.19 (a) of the alloy aged for 10000 hours shows some
coarser precipitates of the size 110-120 nm. From the SAED analysis, it can be inferred
that the precipitates are rich in Si. Tokunaga et al. [93] have reported a similar
observation of an intermetallic of Ni-Si system in Ni–Si–B ternary alloys. Crack-tip
dislocations and fracture behaviour of Ni3Si and Ni3Al system have been reported by
Yoo and group [100]. Very few reports have been published in this direction stating
Ni3Si presence in superalloys; we though found out Ni3Si and precipitates have been
confirmed from combined SAED pattern as shown in Fig. 4.19 (b) and corresponding
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EDS spectrum shown in Fig. 4.19 (c), a suitable explanation for its origin and its role in
Alloy 617 performances can only be said in due course of time with the availability of
more TEM results.

Fig. 4.19 ― Bright-field TEM image and SAED pattern of Alloy 617 aged at 1023 K
for 10000 h:(a) Bright-field TEM image showing precipitates of size ~ 110-120 nm (b)
Corresponding SAED pattern (c) The corresponding EDS spectrum confirms
precipitates to be rich in Ni and Si and they correspond to Ni3Si.
TEM images of 20000 hours aged material is shown in Fig. 4.20. There are few
new precipitates in this aged condition which are quite finer and smaller than the
previous precipitates found in the other aged conditions.
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a) b)

a)
b)

Fig. 4.20 ― (a) Bright-field image of alloy 617 aged for 20000 h showing Ni3(Ti, Al)
and M23C6 precipitates in a gamma matrix. (b) SADP for matrix (indexed in blue),
Ni3(Ti, Al) (indexed in green) and M23C6 (indexed in sandal) along the zone axis [013];
(c) EDS spectra indicate Ni3(Ti, Al); (d) EDS spectra indicate Cr rich M23C6.

Further observation of the TEM results reveals some finer precipitates of size
~15 to 20 nm, as shown in Fig. 4.21. However, the exact types of these precipitates
could not be identified within the present scope of this thesis work.
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a)

Fig. 4.21 (a) Bright-field image of alloy 617 aged for 20000 h showing unidentified
finer precipitates; (b) EDS spectrum indicating they are Mo-rich phase.
Though to our knowledge, literature data to this end is silent, and there are a few
research reports on long term aging microstructure of Alloy 617 [101, 102], which has
not reported the precipitates over 20000 hours of aging. It may be noted that Alloy 718
bears similar composition with our Alloy 617 but fine precipitates present in short
duration of aging at higher temperature is (Ni3Nb), which in our case can be ruled out
as we have found Mo-rich precipitates as identified by the EDS spectra as shown in Fig.
4.21 (b). Thus, it could be inferred that this finer precipitates, as observed after 20000
hours aging at 1023 K (750 ºC) is Mo-rich compound which needs further
investigations. However, a further investigation in the identification of these finer
precipitates and a study on their influence on the deformation and fracture properties is
recommended at this present state of this thesis work.

4.6

Summary

A detailed microstructural characterization of Alloy 617 has been accomplished both in
as-received and in aged condition. From the above results, it is now evident and clear
that in this material, the overall grain size distribution during the entire aging duration
remains almost constant. Though a slight shift in frequency distribution is clearly seen
to occur during 10000-20000 hours but this seems to be a marginal shift. The grain
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boundary serrations have seen to disappear during the aging. The duplex nature of grain
size distribution has also been less prominent in the aged material. The salient feature
of this alloy is its propensity to release precipitates even for the aging duration of 1000
hours. The aging-induced precipitates can be categorized into two major types, namely
M23C6 and γ,´ i.e. Ni3(Ti, Al) with traces of Ni3Si. Further, where the γ´ has been
precipitated randomly (within the grain and also in boundaries), the M23C6 has been
precipitated mainly in the grain boundaries. Titanium carbonitrides Ti(C, N)
precipitates are mainly seen inside the grains. TEM investigation of this material has
brought out significant information regarding aging-induced microstructural changes in
the material. As-received material shows only Mo-rich and Cr-rich precipitates and no
sign of γ´ phase. Aging caused an evolution of γ´ precipitates but with morphology
rarely changed over the entire span of aging. Though a slight coarsening can be seen
over periods of aging, but the change is insignificant. To our surprise, TEM images of
20000 hours aged material showed some very fine precipitates, other precipitates have
been identified as γ´ and M23C6, but few other precipitates with Mo-rich are also
identified as elemental compositions are confirmed by EDS spectra. These very fine
structures and their influence on the mechanical properties are yet to be looked in for a
better understanding of this alloy over long durations of aging. This work has been
listed as our future scope of the thesis.
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5
Study of Tensile Deformation Behaviour of
As-Received and Aged Alloy 617
The uniaxial tensile test is one of the most common experimental techniques to
understand the deformation behaviour of engineering materials. A variety of
deformation parameters which are being analyzed by tensile tests are yield stress,
ultimate tensile stress, and ductility in terms of percentage elongation. Additional
information on work hardening mechanisms also can be understood by analyzing the
true stress-strain plots. To this end, various equations available in literature can be
used depending on the material’s flow characteristics. It is also well known that the
microstructural constituents in a material strongly influence the deformation behaviour.
Especially the types, size, shape, and distribution of the precipitates exhibit a strong
influence on the yield stress, flow, and work hardening behaviour. The previous chapter
has discussed the aging-induced microstructure evolution of Alloy 617 at different
length scales. This chapter brings forth the results of the investigations on deformation
characteristics of Alloy 617 in as received and aged conditions. The effect of the aginginduced microstructural changes on the deformation behaviour also has been discussed
in detail.

5.1 Introduction
A tensile test is one of the most commonly used test methods toward assessing the
deformation and flow behaviour of engineering materials and alloys under different
conditions owing to its sensitivity to the micro-mechanisms of deformation under
uniaxial loading condition. In a tensile test, the gross plastic flow initiates only after the
yielding, and it is now well recognized that the slip in terms of gross dislocation motion
is the dominant mechanism for the post-yield plastic deformation. Further, it is also
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evident that most of the engineering materials get strengthened as the plastic
deformation continues. This phenomenon is termed as the work hardening and is
attributed to the dislocation-dislocation or dislocation–precipitate interactions as the
deformation proceeds. In turn, it can be seen as obvious that the work hardening
behaviour of materials is a strong function of the inherent microstructural features
including the type, size, and distribution of the precipitates. To this end, an in-depth
analysis of the work hardening behaviour in the post-yield domain of the deformation
process is of interest to the designers. This chapter brings forth the results of the
investigations on deformation characteristics of Alloy 617 in as-received and in various
aged conditions. The plastic flow behaviour after different durations of aging, as
evaluated by uniaxial tensile tests at ambient temperature, has been examined in terms
of various existing models toward explaining the work hardening rate. Further, the
work hardening behaviour of Alloy 617 has been explained in the light of
microstructural evolution during various aging treatments.

5.2

Hardness of As-received and Aged Alloy 617

As a prelude to the deformation mechanism of this material under uniaxial tensile
loading, hardness of the Alloy 617 in as-received and aged conditions have been
studied to generate a preliminary idea about the deformation characteristics of this
material.
Hardness of the Alloy 617 in its as-received and aged conditions was measured
at room temperature (RT) by a Vickers hardness tester with a dwell time of 15 seconds
at a 40X magnification, and the results are reported in Fig. 5.1. Though there have been
usual scatter in the hardness data, a clear trend in the variation of hardness can be easily
observed. In the as-received condition, alloy displayed its lowest hardness value of ~
196 HV, whereas the aged alloy shows improved hardness even after the aging duration
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of 1000 hours. The hardness of this alloy increases consistently for the aging treatments
up to 5000 hours. This is attributed to the simultaneous occurrence of the M23C6 and γ´
precipitates leading to the overall strengthening of the matrix. There is a marginal drop
in hardness between the aging treatment of 5000 hours and 10000 hours. For the aging
treatment from 10000 to 20000 hours, it is tending towards a marginal increase at
around 250 HV.
The marginal drop in hardness between the 5000 and 10000 hours aging
durations needs further attention. It is taken for granted that the matrix strength is a
function of precipitate type, size, shape, and morphology. In the present circumstances,
the strength of the matrix would be ultimately governed by the simultaneous presence
of M23C6 and γ′ (Ni-rich Ni3 (Ti, Al)) precipitates, their respective sizes, shapes, and
distributions. The TEM results, as reported earlier in chapter 4 and as can be seen in Fig.
4.13 to Fig. 4.21, indicate towards an aging-induced increase in size for the γ′
precipitates though a marginal, along with a slight coarsening in M23C6. Thus, it may be
concluded that the aging-induced strength of the matrix is ultimately dependent on the
size and distribution of the γ′ precipitates alone. After the 10000 hours aging treatment,
marginal growth in the size of the γ′ precipitates (from 40-70 nm to 80-110 nm) has
been observed, as discussed earlier in chapter 4. It is also anticipated that unless fresh
precipitates form, the increase of size would lead to higher interparticle spacing,
leading to a loss of matrix strength [103]. This attributes to the marginal drop in
hardness between the aging treatments of 5000 to 10000 hours.
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Fig. 5.1 ― Profile of Hardness of the Alloy 617 with aging time.

5.3

Tensile Properties of As-received and Aged Alloy 617

The flat tensile specimens (detailed in Fig. 5.2) were fabricated as per the standard
practice elaborated in ASTM standards E-8 [73]. Tensile tests were carried out in the
ambient air on a floor model Hung Ta-2402 universal testing machine (UTM).
Experiments were performed on specimens at room temperature 298 K (±2K) using a
nominal strain rate of 3×10−3s−1. Load–elongation-time to fail, data was recorded using
the Hung Ta-2402 autographic recorder for all the different aged samples.

Fig. 5.2 ― Schematic representation of miniaturized tensile specimen (dimensions in
mm).
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The Engineering stress vs. engineering strain plot and the true stress vs. true
plastic strain plots of the as-received and aged conditions are shown in Fig. 5.3 (a) and
(b), respectively. From Fig. 5.3 (a) and (b), it is evident that the thermal aging has made
significant influences toward the deformation characteristics of this alloy.

Fig. 5.3 ― Tensile curves for Alloy 617 (a) Showing the variations in Engineering
Stress-Strain curve for different aged conditions (b) True Stress-Strain plot from the
yield point (YP) to ultimate tensile strength (UTS) for different conditions of aging
duration.
Different material parameters as derived from the uniaxial tensile tests are given in
table 5.1.

Table 5.1 Tensile properties of the indigenous Alloy 617 in the different heat-treated
conditions tested at ambient temperature.
Sr. No.
1.
2.
3.
4.
5.

Aging Conditions
(h)
As-received
1000
5000
10000
20000

YS
(MPa)
393.14
517.24
657.31
519.52
551.00

UTS
(MPa)
717.90
929.15
1086.45
941.66
967.32

Elongation
(%)
79
69
62
59
56

As compared to the as-received material, the yield stress (YS) shows an increase
up to 5000 hours of aging. Then it declines up to 10000 hours, followed by a marginal
rise up to 20000 hours. The as-received alloy does possess some higher ductility in
terms of measured %-elongation. As per the first-hand observation of Fig. 5.3 (a), it
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reveals that the highest work hardening has been achieved by the as-received one,
followed by 1000, 5000, 10000, and 20000 hours in decreasing order.
Variations of yield stress (YS) and % tensile elongation (TE) with the aging
duration of the Alloy 617 in both as-received and aged conditions is shown in Fig. 5.4
(a) and (b) Yield stress (YS), as shown in Fig. 5.4 (a), initially increases up to 5000
hours of aging, then decreases in the 5000–10000 hours aging duration and finally
shows a saturation/marginal increase in the regime of 10000–20000 hours aging
duration. It has been observed that unlike the yield stress variation, the tensile ductility,
as measured as the % total elongation (TE) consistently decreases with the aging
duration, as shown in Fig. 5.4 (b).

b)

a)

Fig. 5.4 ― (a) Variation of yield strength with aging duration; (b) Variation of % of
elongation with aging durations.

The yield stress (YS) is defined as the nominal stress level at which bulk plastic
deformation is initiated in the material, and is commonly attributed to the initiation of
gross dislocation movements in the crystal lattice. It is a well-accepted fact that the type,
morphology, shape, and distribution of the precipitates influence the flow of dislocation
to a significant extent, thus making the YS a very sensitive deformation parameter to
their changes. Thus, the observed variation of yield strength due to the different aging
durations needs to be discussed in this light. Further, the effect of stacking fault energy
(SFE) often plays a crucial role in the deformation mechanisms, mostly reflected in the
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variation of YS. Lower SFE would lead to a lower probability of cross slip of
dislocations, and rather confining the movements of dislocations on the slip planes
alone. The Alloy 617, in solution annealed condition, can be termed as an alloy with
low SFE with SFE ~ 30 - 40 mJ/m2 [104-106] The presence of annealing twins in the
as-received alloys (Fig. 4.2) also indicates towards its lower SFE [107]. This suggests
that the Alloy 617 is more prone to planar slip in deformation, where the motion of
dislocations are more strongly influenced by the nature and distribution of the
precipitates, as compared to the higher SFE materials with a higher tendency to cross
slipping. However, the absence of annealing twins in the aged microstructures (Fig. 4.3
to Fig 4.6) indicates toward an increase in SFE due to aging-induced precipitation and
re-distribution of different precipitates.
The TEM results of 1000 hours aged material shown in Fig. 5.5 reveal that the
evolution of new precipitates in the form of γ′ has started in the early stages of the
aging itself. The evolution of precipitates, like γ′ and M23C6 even in its very preliminary
stage, has a very profound impact on the mechanical properties of this material. Thus, it
is imperative that careful investigation of these precipitates must be carried to explore
and establish a relationship between the significant changes occurring in the properties
of the material to its constituent shape, morphology, and size of the precipitates.
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a)

b)

Fig. 5.5 ― (a) TEM image after 1000 h of aging showing spherical precipitates of γ′
phase commonly known as Ni3 (Ti, Al); (b) corresponding SAED pattern for γ′
precipitates; (c) The corresponding EDS spectrum confirms γ′ phase to be rich in Ni, Ti,
Al and they correspond to Ni3(Ti, Al).

Considering the material to be prone to planar slip due to moderate SFE, the
fresh precipitates are expected to inhibit the planar motion of dislocations to a
significant extent. This is expected to increase the matrix strength, and raise the yield
strength to a significant extent. This explains the stiff rise of YS (up to ~625 MPa) of
this material up to the aging duration of 5000 hours. However, further aging treatment
up to 10000 hours shows an anomalous behavior, as the YS drops to ~ 525 MPa. Roy et
al.[108], J. Wang et al.[39], and C. Wang et al. [109] have also reported the similar
behavior of YS variations during similar aging treatments. It is interesting to note that
during this aging duration, there has been a decreasing trend in the hardness too. As
discussed earlier, after the 10000 hours aging treatment, a marginal growth in the size
of the γ′ precipitates (from 40-70 nm to 80-110 nm) has been noticed from the previous
chapter in Fig. 4.17 to Fig. 4.18. Coarsening of existing precipitates is always known to
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be accompanied by a loss in solid solution strength of the material. Further, in the
absence of formation of fresh precipitates, it can be argued that the increase of size
would lead to higher interparticle spacing. This straightforward means, for the planar
slip to continue, the dislocations would receive reduced resistance from the matrix as
the shear stress required to move a dislocation is known to vary inversely with the
interparticle spacing [103]. It has also been noted earlier that the absence of annealing
twins in the aged micrographs indicates toward an aging-induced increase in SFE. This
would give rise to a change in a mode in the dislocation movement, i.e. pro planar slip
mode for the as-received one to pro cross slip mode for the aged ones. Indicating that
even if fresh precipitates form during the aging treatments during 5000-10000 hours,
their influence on the dislocation movements would be less significant as the
dislocations would follow an easy path to escape to parallel planes by cross slipping.
Thus, it is reasonable to argue that during the aging duration of 5000-10000 hours the
material undergoes a softening owing to the combined effect of an increase in the size
of the γ′ precipitates and the rise of SFE in this regime. This explains the anomalous
drop in yield strength of this material during the aging treatment of 5000-10000 hours.
Further, a saturation/marginal increase of yield stress up to 20000 hours of aging can be
attributed to a saturation of strength due to the trade-off between the ongoing hardening
and softening process.

The loss in ductility with the aging duration is convincible from Fig. 5.4 (b). It
is frequently argued that in alloys yield strength of the material bears an inverse relation
to its ductility. This argument also satisfactorily applies to this alloy until 5000 hours of
aging conditions. This inverse relationship fails to follow in the aging duration between
5000–10000 hours where a decrease in yield strength is also accompanied by a
simultaneous reduction in ductility. This implies that the loss of ductility is governed by
a separate mechanism other than influencing the yield strength. It is found that, after
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aging treatment of 5000 hours, grain boundaries get embrittled, and this has been
attributed to the aging-induced M23C6 precipitations in the grain boundary region [96].
Presence of extensive carbides near the grain boundaries can be seen from Fig. 4.8 to
Fig. 4.12 has been a significant reason for grain boundary embrittlement, and this
phenomenon can be considered as a supporting cause in aging-induced loss of ductility.

5.4

Work Hardening Analysis of the As-received and Aged Alloy
617

5.4.1 Analytical Framework for Work Hardening Analysis
Though, several efforts have been made in the literature to explain the work hardening
behaviour of engineering alloys with widely varied mechanical and microstructural
properties using Hollomon [110], Ludwik [111], Swift [112], Ludwigson [113], and
Voce [114, 115], an unequivocal and material independent expression remains elusive
even today. At this point, a few important approaches have been discussed in brief. The
plastic flow behaviour of several metals and alloys in the uniform elongation regime is
satisfactorily described by a simple power law equation (Eqn. 5.1) as proposed by
Hollomon.
σ = KH εpnH

(5.1)

where σ is the true stress, KH is the strain hardening coefficient, εp is the true plastic
strain, and nH is the strain hardening exponent. A modified version incorporating the
mechanical history (in terms of stress 0) in the flow relationship has been proposed by
Ludwik [111] as expressed in Eqn. 5.2.
σ = 0 + KLεpnL

(5.2)

where KL is the strain hardening coefficient and nL is the strain hardening exponent.
Further towards accounting the pre-strain in the material, Swift [112] has proposed
another modification to Eqn. 1 as described in Eqn. 5.3.
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σ = KS (ε0+εp)nS

(5.3)

where ε0, signifies the amount of pre-strain in the material and KS,

n

S

is the strain

hardening coefficient, and exponent, respectively.
Ludwigson [113] demonstrated that large positive stress deviation in FCC
material on account of their lower stacking fault energy (SFE) could not be described
by Hollomon which can be overcome by an extra term as
σ = K1 εpn1 + exp(K2+n2εp)

(5.4)

where K1 and n1 bear the same identity as KH and nH in the Eq. (1) respectively, and K2
and n2 are new additional constants. Voce [114, 115] proposed a different equation for
materials demonstrating saturation behaviour at high magnitudes of stress/strain levels
as
σ = σs - KV exp(nVεp)

(5.5)

with σs is the saturation stress, KV and nV are strain hardening coefficient and the rate at
which stress tends to achieve steady-state respectively.
From the tensile tests, true stress (σ)-true plastic strain (εp) data for all the aged
materials have been obtained following usual procedures as practiced in tensile tests.
The σ vs. εp data were fitted to the various flow relationships through Eqns. (5.1) –
(5.5), respectively, using the Levenberg–Marquardt (L–M) algorithm [116, 117] with
unknown constants as adjustable parameters. The goodness of fit was evaluated using
the Chi-squared (χ2) value [118].

To better understand the flow curve logarithmic true stress (σ)–true plastic
strain (εp) data were obtained using a computer software program from the digitized
load–elongation data up to the maximum load values, i.e., up to the onset of necking.
Since no strain gauge was deployed; the specimen extension was taken equivalent to
the crosshead displacement. The linear elastic portion of Load–Elongation data was
also contributed by the specimen, machine frame, and load-train assembly. The
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combined effect of this elastic elongation was subtracted from the total elongation by
appropriately using the slope of the initial linear portion of the Load–Elongation curves
for the calculation of plastic strain. The plot of the logarithmic scale of true stress (σ)true plastic strain (εp) is shown in Fig. 5.6 was obtained from stress and plastic strain
data respectively.

Fig. 5.6 ― True stress ()–true plastic strain (εp) for Alloy 617 obtained at a strain rate
of 3×10-3 s-1 for different aged conditions are superimposed.
Alloy 617 exhibits a nonlinear log () vs. log (εp) characteristics in the plots
shown in Fig. 5.6 for all the different heat-treated conditions, including the as-received
material. The sudden increase in log () vs. log (εp) for the 1000 hours aged alloy w.r.to
as-received is attributed to the lesser density of dislocation-dislocation interaction in asreceived material. As aging proceeds, this material owing to its strong propensity to
precipitate formation even at the relatively shorter period of aging duration [60] causes
dislocation-precipitates interaction a dominating mechanism. A further increase in the
flow curve of 5000 hours is because of fine γ´ structures in the matrix which started to
precipitate as early as 1000 hours of aging as can be seen from Fig. 5.5 (a). The curve
reaches its global maximum at 5000 hours aging and then drops down in the interval
from 5000 to 10000 hours. This drop in the work hardening behaviour of the alloy is
attributed to the: (1) coarsening of γ´ during further aging (though only a small
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variation in size) causes the mobility of dislocation easier and a drop in strain hardening
which is consistent with other Ni-based superalloys [119], (2) the rapid drop in the
work hardening from 5000 to 10000 hours aging can be attributed to the dissolution of
γ´ in the course of aging. Surprisingly there is an increase in the flow stress of 20000
hours of the aged sample. The increase in the work hardening from 10000 to 20000
hours can be supported by the evolution of some new precipitates in the matrix. This
increase in the work hardening pattern is attributed to some further finer precipitates
which might have to evolve during aging treatment giving resistance to dislocation
motion.

5.4.2 Flow relationships of Alloy 617
A comparison of the Chi-squared (χ2) values as obtained from the flow curves of
material aged till 20000 hours is presented in Table 5.2, and various flow relationships
have been examined and plotted in Fig. 5.7.

Table 5.2 Values of χ2 for different flow relationships fitted for the different heattreated conditions tested at ambient temperature. (All the values have been rounded off
to one decimal place.)
Aging
Sr. No.
Hollomon Ludwik Swift
Ludwigson Voce
Conditions (h)
1.
As-received
3100.9
252.6
19.1
14.5
258.1
2.
1000
13379.9
57.6
41.3
9.0
39.0
3.
5000
3799.5
48.9
31.6
48.9
60.1
4.
10000
5420.4
46.2
27.9
46.2
14.0
5.
20000
13038.0
17.8
15.1
17.8
21.3
The χ2 values obtained from various flow curves convince us that the Hollomon
relationship cannot be adopted to describe the plastic flow behavior of this alloy in any
of the five heat-treated conditions, as the plots exhibit curvilinear behavior and not
mere straight lines. The non-linear nature of the flow curve invites other flow
relationship to be tested for the best fit.
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Hereafter results from the analytical framework of -εp data using Hollomon
and Voce relationships are not considered owing to their abnormal values of χ2 and
unrealistic prediction of -εp data. Ludwigson and swift equations exhibited
comparatively lower χ2 values compared to those shown by Hollomon, Ludwik, and
Voce equation for all the aged conditions of the alloy. Interestingly, it can be seen that
both Ludwigson and Ludwik relationships describe -εp behavior adequately with
nearly equal confidence for 5000, 10000, and 20000 hours of aging conditions shown in
Fig. 5.6. Swift equation follows the experimental data with a good lower value of χ2 in
the aging duration of 5000-20000 hours. High χ2 values for Hollomon and Voce
equations (Eqn. 5) indicated their inapplicability in the range of aging duration of asreceived-20000 hours except that for 10000 hours as shown in Table 5.2. Alternatively,
a closer look at Voce equation demonstrates the capability to describe -εp behavior
adequately with marginally higher χ2 values than those obtained for the combination of
Ludwik and Hollomon equations in the entire aging range of interest, i.e., as-received–
20000 hours (Table 5.2). The gain from the application of Ludwigson equation arises
mainly due to the following: (a) single flow relation can offer a reasonable description
of -εp data for the different aging durations and (b) provide a useful prediction of
tensile properties [120].

83

Fig. 5.7 ― Best fit for different flow relationships true stress ()–true plastic strain (εp)
for Alloy 617 at strain rate of 3X10-3s-1 for different aged conditions at 1023 K ; (a) asreceived; (b) 1000 h; (c) 5000 h; (d) 10000 h; (e) 20000 h.
Ludwigson and Swift's relationships are seen to closely match the experimental
data and gives the best fit for the various aged conditions examined for true stress ()–
true plastic strain (εp). Ludwigson and Ludwik relationships are known to describe the
flow behavior of these materials, exhibiting identical nonlinear characteristics of log ()
vs. log (εp), such as Supercast 247A, Nimonic 263, and various other austenitic

84

stainless steels family [119, 121, 122]. Ludwigson and Ludwik equation shows
identical values for the aging duration between 5000–20000 hours. Ludwigson equation
is, in general, a best-fit mathematical model for various FCC materials and is based on
the deviation of stress at low strain from that resulting from extrapolation of the linear
high strain data [123]. Greater insight into the physical interpretation of flow can be
obtained in work carried by Soussan et al. [124]. While K1 and n1 in the Ludwigson are
defined as work hardening coefficient and exponent respectively and have the same
significance as K and n in power-law expression. The term K2 in the exp (K2 + n2εp) is a
representation of true stress, extrapolated to a true plastic strain of zero, in the plot of
log(ω) vs. εp; where ω = exp (K2 + n2εp), is the difference between the experimental
true stress value and true stress represented by the extension of the straight line segment
of the log () vs. log (εp) (straight-line slope touching to the exponential curve not
shown in the graph for simplicity). Moving to K2 and n2, K2 is responsible for inducing
short-range stress first mobile dislocation, whereas n2 represents the ratio between
short-range and long-range stress decrement.
5.4.2.1 Variations of Work Hardening Parameter with Aging Durations
The variation of strain hardening parameters K1, K2, n1, and n2 of the Ludwigson with
aging duration are shown in Fig. 5.7. Aging for 5000 hours shows a transition in the K1
and K2, which can be clearly seen in Fig. 5.8 (a) & (b), respectively. On the other hand,
n1 and n2 show an opposite trend to that of K1 and K2; their values decrease up to 1000
hours of aging then again a slight increase in the 5000 hours aging. The variation in the
20000 hours is also appreciably higher in comparison with 10000 hours of aging. The
additional constant n2 in the Ludwigson equation exhibited a marginal increase (in
negative scale) in the aging duration of 1000 hours followed by a sharp increase for
5000 hours.
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Fig. 5.8 ― Variation of Ludwigson equation parameters (a) K1; (b) K2; (c) n1; (d) n2
with the aging treatment of Alloy 617.
The plot of Swift equation parameters (KS, x0, and ns) against aging hours
shown in Fig. 5.9 also shows similar trends to that of Ludwigson. The strain hardening
coefficient KS is seen likely to follow a similar trend to that of Ludwigson parameter.
The strain hardening exponent ns is also set to shows a similar orientation to that of n1
of Ludwigson parameter.
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(a)

(b)

(c)

Fig. 5.9 ― Variation of Swift equation parameters (a) KS; (b) x0; (c) ns with the
aging treatment of Alloy 617.
The flow behaviour studies using Ludwik equation shown in Fig. 5.10 also
shows similar trends to that of Ludwigson. The strain hardening coefficient KL also
imitates the Ludwigson parameter in a similar trend. The strain hardening exponent nl is
also showing a similar orientation.
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(a)

(b)

(c)

Fig. 5.10 ― Variation of Ludwik equation parameters (a) Kl1; (b) KL; (c) nl with the
aging treatment of Alloy 617.
It can be seen from the above fit that Ludwigson follows the experimental data
more closely than any other flow curves used. But Ludwik and Swift too are in good
agreement for the flow curve analysis of the Alloy 617.

5.4.2.2 Variations of Instantaneous Work Hardening Rate with Stress and Aging
Duration
In order to get insight into the work-hardening behavior of the Alloy 617, the
instantaneous work-hardening rate θ = d/dεp is considered as is plotted against  as
shown in Fig. 5.11. The plot of θ vs  is preferred over θ vs εp, as this equation is
invariant to prior deformation history as proposed by Reed-Hill et al.[125].
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(a)

(b)

(c)

(d)

(e)

(f)

5000 h
20000 h

10000 h
1000 h

as-received

Fig. 5.11 ― Variations of instantaneous work hardening rate θ vs  for different aged
conditions for Alloy 617; (a) as-received; (b) 1000h; (c) 5000 h; (d) 10000 h; (e) 20000
h; (f) Combined plot of θ vs  for all aged samples.
It is customary, that the rate θ = d/dεp of work hardening continuously
decreases with an increase in strain; however, deviations from this behavior have been
in reported earlier by Kocks et al. [126] and Asagari et al. [127]. Fig. 5.11 shows the
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results of the numerical differentiation of the experimental data as derivative functions
of the fitted equations. All the θ- shows clear three-stage behaviour at all aging
durations: (1) an initial transient stage (TS), where θ decreases rapidly, (2) a stage
where θ increases gradually and attains a local maximum (stage II) with  for asreceived alloy and almost remain constant in other aged conditions, and (3) a stage
where θ gradually decreases (stage III). While the work hardening rate increases for asreceived and 1000 hours aged alloy, it remains nearly constant for the rest of the aging
conditions. This disparity in work-hardening characteristics of the material in its
different heat-treated conditions are attributed to the differences in their initial
microstructures as can be seen from Fig. 4.2 to Fig. 4.6. The various zones of hardening
observed in this material are accordant with those reported for other metals and alloys
[122, 128]. In polycrystalline material the transient stage I occur only for lower initial
plastic strain, the value of which is a function of SFE. The low value of SFE forbids
cross slip of dislocations at a lower value of strain. Initially, deformation in this alloy
occurred easily, as the dislocations can travel relatively large distances before
encountering barriers. This is because the matrix is devoid of precipitates such as γ´ and
M23C6
Stage II is triggered at a particular level of stress achieved inside the material
and is also a function of SFE. The Alloy 617, in solution annealed condition, has low
SFE with SFE ~ 30-40 mJ/m2 [107] The presence of annealing twins in the as-received
alloys (Fig. 4.2) also indicates towards its lower SFE [107]. This indicates that the
Alloy 617 is more prone to planar slip in deformation, where the motion of dislocations
are more strongly influenced by the nature and distribution of the of precipitates, as
compared to the higher SFE materials with a higher tendency for cross slipping. It is
this difficulty of cross slip and multiple slips during the process of a planar slip lead to
an increase in work hardening behavior in stage II. However, during aging, the
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resistance to dislocation motion is reduced on account of a coarsening of the
precipitates and thus stage II of 5000 to 20000 hours aged shows steady characteristics.
Stage III is a recovery stage where again θ decreases, but now with a small change and
with a good increase in εp. At this stage, a sufficient number of plastic deformations
have been accumulated, which causes a localized stress increment causing a tendency
to cross slip and consequently there is a decrease in work hardening.
Combined results in Fig. 5.11 (f) shows that there is a similar trend in the
instantaneous work hardening rate behaviour of this alloy and log () vs. log (εp), plot.
The work hardening increases from as-received to 5000 hours and then a drop till
10000 hours, and again, there is a marginal increase in 20000 hours aged specimen.

5.4.3 The Fundamental Interplay of Precipitate-Matrix Interface and
its Influence on Work Hardening
The fundamental interplay between the precipitate-matrix interface and its influence on
the material property will be discussed in the subsequent paragraph hereafter.

Fig. 5.12 ― Variations of instantaneous work hardening rate θ×(σ-σy)×106 vs (σ-σy) for
different aged conditions for Alloy 617.
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Fig. 5.12 clearly reveals two main mechanisms occurring in the various aged
conditions in the Alloy 617. A long term hardening due to carbides precipitants
followed by a softening due to Ostwald ripening. This kind of behaviour is also
demonstrated in other superalloys family [54]. After long term aging the carbides
precipitates reaches a certain volume fraction and thus the distance between the two
nearing neighbours increases. The increase in the neighbouring distance reduces the
capacity of strengthening due to Orowan bowing mechanism [129, 130]. One again it
has to be reminded here that the grain boundaries and structures do not appreciably
change in this alloy, so the possible attributes to strength reduction come from the
precipitates coarsening. Over the long term aging the number density decreases which
results in an appreciable increase in effective distance leading to a fall in strength of
this alloy at around 10000 hours.
Something strange happens at 20000 hours, the work hardening rate increases
contrary to the expected decrease in other alloys over long duration aging. As revealed
in Fig. 4.21 there are some finer rods shaped coherent precipitates. These coherent
precipitates are expected to increase the stress and results in an increase in overall yield
stress and work hardening rate. Owing to the absence of high-resolution TEM (HRTEM)
images only theoretical support can be given in the direction of coherency of the
precipitates in 20000 hours aged sample. From the literature support it is known that a
needle shape precipitates help in increasing the resistance to deformation [2, 131].

5.5

Insights Into the Deformation Mechanism

To get deeper insights into the deformation mechanism of this material in various aged
condition, we additionally investigated failed tensile specimens of 1000 and 20000
hours aged samples. These samples are representative of our entire aged specimen
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owing to its initial and final aged conditions of our studies. Fig. 5.13, clearly develops
an idea that how the fracture mechanism might have changed in our material.
From the fractographic observations as shown in Fig. 5.13, it is certain that this
material has a clear tendency of change in its fracture mode from predominantly ductile
to predominantly intergranular cracking as the aging time increases from 1000 to 20000
hours. To strengthen our proposed fracture mechanism we investigated 1000 and 20000
hours samples and tried to present a clear picture behind the mechanism of deformation.
Fig. 5.13 (a) is a representative image of 1000 hours fracture tensile tested sample and
the region marked as 1 shows the micro-crack formation close to the grain boundary.
This is an indication that the thermal residual stress concentrations have just surpassed
the UTS locally which generally occurs at a precise point and a certain temperature
[132, 133]. The region marked as 2 in Fig. 5.13 (a) shows a tendency of intergranular
fracture in this material. The reason for this tendency is not far to seek, as the aging
durations increase the secondary precipitates coarsen and their preferential segregation
to the grain boundaries further acts as nucleation sites for the crack growth. The region
marked as 3 in Fig. 5.13 (a) is a dimple structure a representative of ductile failure in
the material. These marked positions (1, 2, 3) clubbed together in one deformed
fractographs is a straight indication toward ductile failure inside the material. SEM
image of the 20000 h aged sample shows plenty of slip bands as shown in Fig. 5.13 (b).
Extensive slip bands are also observed in the high Mn-based lightweight steels [134] as
in our material. These extensive slip bands are an indication that definitely the fracture
mode has changed from the ductile to certainly that is non ductile in nature.
It would be interesting to recall that the grain size and grain boundaries
remained fairly constant in this material (discussed in detail in section 4.2) and yet
though marginal this material showed anomalous tensile behavior. It showed increasing
yield strength after 20000 hours aging, contrary to the belief that during the aging yield
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strength of a material usually increases to a certain time and then decreases further [135,
136]. To sum up- this material showed a fairly constant grain size, tensile elongation
continually declined over the aging duration, and precipitates also showed a gradual
increase in size or coarsened during the aging. In spite of these behaviors, tensile
strength behaved abnormally and rescinded to follow the usual trend and showed a
marked increment at 20000 hours of aging. The credit goes to few new precipitates that
just started evolving in the longer aging duration of 20000 hours. These precipitates are
finer in structure and thus raise the tensile strength of the material. Turning towards the
fracture mechanism in the most embrittled tensile specimen, TEM images shown in Fig.
5.13 (c and d) clearly demonstrate that the extent of slip bands in 1000 and 20000 hours
differ significantly. The extent of slip bands in 20000 hours is relatively more than the
1000 hours fractured tensile sample. The presence of smaller precipitates in 20000
hours is a testimony of the re-precipitation and dissolution of older precipitates. Though
the presence of smaller but newer precipitates has helped in increasing the tensile
strength, but the fracture mode has not changed significantly. The fracture mode in the
most embrittled state is still intergranular fracture.

94

Fig. 5.13 ― Deformed microgrpahs of the Alloy 617 in aging conditions for 1000 and
20000 h at a strain rate of 3× 10−3 s−1. (a) The presence of sufficient amounts of fibrous
dimples is a major characteristic of ductile deformation mechanism; (b) extensive
amounts of slip bands in 20000 h aged sample is an indication that this material has a
strong tendency for the planar slip and do not favor the cross slip tendency; (c) TEM
image shows the presence of nano-twins as formed in 1000 h aged sample;(d) TEM
images of 20000 h deformed samples clearly show extensive precipitations. These
extensive precipitations and grain deformations explain the enhanced capability of
extended tensile elongation in this material.
To support our proposed mechanism we performed the EDS analysis on the
fractured samples and surprisingly found that precipitate distribution has a strange
characteristic in both the samples as shown in Fig. 5.14. The EDS spectra in Fig. 5.14
(a) shows very less intense peaks of Cr and Mo indicating that the presence of Cr and
Mo-rich phases in 1000 hours tested samples. Exactly opposite is seen in Fig. 5.14 (b)
which show intense peaks of Cr indicating that the presence of Cr-rich phases in 20000
hours tested samples. We stand on the previous reports that the solubility limit of Cr in
the Ni-rich alloy in the temperature range of 600 - 950 °C is ~ 32-43 atomic % [108].
This characteristic of Cr favors and offers its mobility inside the matrix at much95

reduced resistance than Mo and thus succeed in the formation of more new precipitates.
Another advantage that Cr enjoys over me is its long-range diffusion of Cr enabling the
precipitates to be evenly distributed in the matrix. This characteristic of Cr has offered a
substantial rise in the tensile strength as shown in Fig. 5.4 (a).

Fig. 5.14 ― The elemental mapping of the fractured tensile samples. (a) The EDS
spectrum of 1000 h indicates that precipitates are rich in Cr and minimal in Mo-rich; (b)
The elemental mapping of 20000 hours tensile tested sample indicates that there has
been a substantial rise in the Cr and Mo-rich phase in the precipitates. The intense
peaks of Cr and Mo in (b) is an indication that these elements are widely distributed in
the matrix.
We hear also state that few new types of unidentified precipitates are also seen
in Fig. 4.21. These fine precipitates along with these Cr-rich precipitates have doubly
helped in raising the tensile strength, but the fracture mode in the most embattled state
still remains to be intergranular in nature. As Cr mostly precipitated inside and on the
grain boundaries, the crack initiation through these paths is comparatively easier. To
sum up, we see a transition of the fracture mode from ductile to mixed mode and finally
fracture through an intergranular mode.

5.6

Summary

Based on the detailed studies of the effect of thermal aging on the hardness, tensile
behavior, and instantaneous work hardening of Alloy 617 and their correlation with
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microstructure, following conclusions have been made: Thermal aging of Alloy 617 is
accompanied with precipitation of γ′ precipitates, which strongly influences the
hardness and tensile properties of this alloy after different aging durations. The absence
of annealing twins in the aged specimens indicates toward an aging-induced increase of
stacking fault energy. This alloy exhibits anomalous work hardening characteristics for
the different aged conditions There has been a sudden rise in the work hardening from
as-received to 1000, 5000, and then a sudden drop at 10000 hours. The anomalous
decrease in yield stress between 5000 hours and 10000 hours aging duration is
attributed to the ease of dislocation movement in this regime owing to the combined
effect of coarsening of γ′ precipitates and the rise in stacking fault energy. Alloy 617
exhibits three distinct stages of work hardening in the plot of θ vs.  for all the four
heat-treated conditions. The three stages of work hardening are observed for all aged
specimens. An initial transient stage (TS), where θ decreases rapidly, the stage II is
more prominent in as-received and 1000 hours and remains almost constant for other
conditions of aging conditions and a stage III where θ gradually decreases. Based on
the detailed fracture mechanism explained in the aforesaid paragraph, we also arrive at
a conclusion that there have been gradual changes in the fracture mode of various
tensile tested specimens from ductile in the as-received, then a mixed-mode in the next
aged material and finally ended its life with the intergranular fracture in the 20000
hours specimen.
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6
Study of Fracture Resistance of As-Received and Aged
Alloy 617
Fracture resistance of an engineering material as measured in terms of the impact
energy is one of the essential mechanical properties of the designers. This is also
recognized as most microstructure sensitive mechanical properties. As discussed in the
previous chapters that after aging, Alloy 617 undergoes a substantial change in its
microstructure at different length scales. Thus, it is anticipated that the fracture
resistance of this alloy will be strongly influenced due to the aging treatments in
different durations. This chapter brings forth the results of the investigations on the
degradation of fracture energy after different aging durations, as measured by Charpy
impact tests. The results have been analyzed in the light of aging-induced
microstructural changes in this material. Further, the load-displacements plots as
obtained from the instrumented Charpy tests have been used to generate the fracture
resistance curves using an analytical-empirical methodology as proposed in the
literature.

6.1

Introduction

Degradation of fracture resistance of an engineering material during their service period
is a matter of concern for the designers as early initiation and propagation of crack
often lead to premature failure of a component. Especially, when exposed to higher
temperatures for longer durations, this is further aggravated due to unfavorable
microstructural changes due to thermal aging. As the Alloy 617 is mostly used in the
high-temperature domain for longer durations, the study of its degradation of fracture
energy due to aging-induced microstructural variation bears technological importance.
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Charpy impact tests are one of the most common testing methodologies to
evaluate the fracture resistance of materials at different material conditions. The
fracture resistance as measured in terms of the impact energy is often considered to be
one of the most microstructural sensitive parameters. Further, the presence of a notch in
the Charpy specimens and the associated high strain rates originating from impact loads
give rise to the most conservative (lowest) estimation of fracture resistance of the
materials. The use of an instrumented Charpy gives rise to the loading history of the
material in terms of load vs. displacement plots. These can also be used to derive some
of the mechanical properties of the materials at higher strain rates. In this light, the
fracture resistance of the as-received and aged Alloy 617 has been investigated using
the Charpy impact tests.
In chapter 4, it has been observed that the Alloy 617 undergoes significant
microstructural changes due to the aging treatments. Its influence on the tensile
deformation and work-hardening behavior has been analyzed in Chapter 5. This chapter
deals with aging-induced degradation of fracture energy of Alloy 617 concerning the
microstructural changes due to aging treatments.

6.2

Materials and Methodology

The details of the chemical composition and the aging treatments have been given in
chapter 3. After aging treatment, full-size Charpy V-notch specimens (Fig. 6.1) with
dimensions of (55 × 10 × 10 mm3) were fabricated in conformity with the ASTM E-23
[74] from these tubular blocks with two different notch orientations, namely, Type-A
and Type-B. The Type-A notch orientation has ensured crack propagation along the
circumferential direction, and the Type-B notch orientation has ensured crack
propagation in the radial direction. The schematic layout of the specimen fabrication,
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along with the notch axes for both the Type-A and Type-B notches, is also shown in
Fig. 3.1. For more details on the material aging condition refer to chapter 3.

Fig. 6.1 ― Schematic representation of a Charpy impact specimen with given
dimensions in mm.

6.3

Results from Charpy Impact Testing

The variation of Charpy impact energy (J) with aging duration (h) is shown in Fig. 6.2.
Though the Charpy energy values show usual scatter, a systematic trend of degradation
with the aging time can be noticed in Fig. 6.2 (a). This material shows high impact
energy in the as-received condition, but a sharp reduction in impact energy after 20000
hours of aging. A reduction of ~ 80 % w.r. to as-received material has been noticed in
20000 hours aged material.
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Fig. 6.2 ― Effects of thermal aging on the variation of Charpy impact energy for the
Alloy 617. (a) Charpy energy profile of alloy 617 aged at various conditions; (b) %
Charpy energy of the aged conditions.
Aging has a profound influence on the Charpy impact energy of this material as
can be seen from Fig. 6.2. The Charpy tests conducted at room temperature for the asreceived specimen shows the highest value with an average energy of ~ 285.16 J. There
is a rapid drop in the Charpy impact energy during the first 1000 hours of aging and the
average energy of impact reaches ~130 J. The subsequent energy values after 5000 and
10000 hours of aging have shown a marginal decrease with registered average values of
98.16 and 77.6 J, respectively. Alloy 617 aged for 20000 hours shows a huge difference
in the Charpy impact energy as compared to as-received material. The drop is as high
as 83 % w.r.to as-received one. This extensive reduction in Charpy impact energy is a
clear indication of a reduction in the toughness of this material over long duration aging.
Fig. 6.2 (b) reveals that, though there has been a sharp decline in the 1000 hours
aged material further aging has influenced a little as clearly evident from the bar graph.
The strong nature of precipitate evolutions has asked the impact energy value to drop
drastically from as-received to aged one. But, as aging progresses, the evolved
precipitates coarsen slowly. This characteristic helps in imparting greater strength to
this material. Over aging has always been detrimental to alloys operating at high
temperature but this alloy is resistant to such severe attacks. The coarsening of
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precipitates mainly at the grain boundaries provide a site to initiate cracks and
propagate through it, causing a decline in the impact energy of this material.

6.4

Fractography of Charpy Tested Specimens

To better understand the type and cause of fracture in the failed specimen of Charpy
impact tested Alloy 617 material fractographic investigation was carried out. This
section of the chapter will bring out the type of fracture in the various aged conditions
along with as-received sample. Fractographic study under SEM is also essential to
know the nature of transition in fracture mode if any in the material acquired over the
aging duration.
In order to substantiate the impact failure observation of the Alloys 617 on
thermal aging, fractographic investigation has been carried out using SEM for the
regions a) near to notch, b) middle of the specimen and c) far away from notch tip. The
results obtained from the as-received is shown in Fig. 6.3 (a-c).
Morphological features that appeared in the failed specimen of Alloy 617 in its
as-received condition illustrate a signature of the ductile mode of fracture. This ductile
mode of fracture is manifested by the extensive fibrous dimples (cup-cones structures
in fractographs). The mechanism behind the formation of cup and cone structure of a
ductile material is the coalescence of a large number of microvoids.
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a)

b)

c)

20 µm

20 µm

20 µm

Fig. 6.3 ― SEM fractographs of failed as-received Alloys 617 during Charpy impact
test (a) Near to notch tip; (b) Middle of the specimen; (c) Far end of notch tip.
As can be seen from Fig. 6.3 (a), the extent of fibrous dimples gradually
increases from the near notch via the middle of the specimen to far end of the notch tip.
The fractographic features appeared in the failed specimen of Alloy 617 in 1000
hours aging duration, as shown in Fig. 6.4, shows a signature of transition from
predominantly ductile one to predominantly intergranular mode of fracture. This
transition in fracture mode is in tandem with a sudden drop of toughness in 1000 hours
aged Charpy tested sample w.r.to as-received alloy.

a)

b)

c)

20 µm

20 µm

20 µm

Fig. 6.4 ― SEM fractographs of failed specimen unveiling the effect of aging duration
on Charpy impact test for the sample aged at 1023 K for 1000 h; (a) Near to notch tip;
(b) Middle of the specimen; (c) Far end of notch tip.
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A mixed of failure with a greater contribution from the grain boundary cracking
and least contribution from the fibrous dimples remain the salient features of the Fig.
6.4 (b). The main reason for the grain boundary cracking is attributed to the
spontaneous evolution of copious amounts of carbides at the grain boundary regions as
can be seen from chapter 4 in Fig. 4.9. Alloy 617 has a high propensity towards
precipitation on aging treatment. This fact is also backed by the earlier results obtained
by various groups [22, 55, 101].
Fractographs of failed specimen aged for 5000 hours is shown in Fig. 6.5.
Morphological features that appeared in the failed specimen persuade us that there has
been a substantial intergranular failure in all of the three fractographs marked as Fig.
6.5 (a-c). Longer aging duration has embrittled the grain boundary further or if not it
has started to show its presence as can be seen in fractographs. The huge drop between
the Charpy impact energy of 1000 hours (~130 J) and 5000 hours (~98.16) has better
conformity with the fractographs.

a)

b)

c)

20 µm

20 µm

20 µm

Fig. 6.5 ― SEM fractographs of failed specimen unveiling the effect of aging duration
on Charpy impact test for the sample aged at 1023 K for 5000 h; (a) Near to notch tip;
(b) Middle of the specimen; (c) Far end of notch tip.
Morphological features that appeared in the failed specimen of Alloy 617 in
10000 hours aging duration show extensive grain boundary embrittlement as can be
seen in Fig. 6.6. The presence of microcracks and microvoids act as initiation sites and
provide an easy way for the crack to propagate during the Charpy impact test and
ultimately lowering the fracture toughness of this material. The observations from the
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Charpy impact energy which is ~ 77.6 J is very close to 50000 hours aged alloy which
is ~98.16 [96]. This minimal difference in the Charpy energy is also reflected by the
frctographs. The fractographs of the 10000 hours aged alloy show a similar
fractographs as of 5000 hours aged alloy.
20 µm

20 µm

20 µm

a)

b)

c)

20 µm

20 µm

20 µm

Fig. 6.6 ― SEM fractographs of failed specimen unveiling the effect of aging duration
on Charpy impact test for the sample aged at 1023 K for 10000 h; (a) Near to notch tip
(b) Middle of the specimen; (c) Far end of notch tip.
These intergranular cracks are a response of aging-induced degradation of
fracture resistance due to precipitation of carbides at the grain boundaries. Over the
aging, carbides have not only grown in size, but they have populated over the entire
grain boundary as can be seen from chapter 4 in Fig. 4.8 to Fig. 4.12. This condition
had made the crack to initiate from most of the grain boundaries, as can be seen from
Fig. 6.6 (b). The sudden impact in the Charpy test has transferred the load to the weaker
section in the grains. Needless to say that in this Alloy 617 the weaker section of the
grain structure is its grain boundaries, and crack initiated mostly from the embrittled
grain boundaries.
Fig. 6.7 reveals the fractographs of 20000 hours aged Alloy 617. Though the
aging durations from the 10000 to 20000 hours are double, the fractographs have not
demonstrated much variation in their fractographs and this is in tune with Charpy
impact energy too. Impact toughness value of 20000 and 10000 hours is 46 and 77.6 J,
respectively. The decrement in Charpy impact energy for 20000 and 10000 hours is
only 40 pct.
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a)

b)

c)

20 µm

20 µm

20 µm

Fig. 6.7 ― SEM fractographs of failed specimen unveiling the effect of aging duration
on Charpy impact test for the sample aged at 1023 K for 20000 h; (a) Near to notch tip
(b) Middle of the specimen; (c) Far end of notch tip.
Fig. 6.7 (a) shows the embrittled grain after 20000 hours of aging duration. The
mode of failure is still via an intergranular mode of fracture which is most prominently
seen in Fig. 6.7 (b) & (c). The interesting feature of Fig. 6.7 (b) is crack initiating still
along the boundaries with dimples completely absent.
Finer precipitates situated at the grain boundaries can also cause embrittlement.
Other superalloy families (Superalloy: 718 and 230) which closely matches our 617 has
a clear proof that such embrittlement is possible. The precipitates of δ- phase (Ni3Nb)
similar to Ni3(Al, Ti) found on and near the grain boundaries assists two failure
mechanism leading to collapse of the crystal structure of the superalloys. The two
failure mechanism are hydrogen enhanced localized plasticity (HELP) [137, 138], and
the other is hydrogen enhanced decohesion (HEDE) [139, 140]. The δ-phases are the
active sites to absorb hydrogen along the grain boundaries and cause severe strain at the
precipitates-matrix interface. The severely strained interfaces escalate cracks initiations
leading to failure.
We also further analyze fracture surfaces and establish a relationship among the
fracture energy vs. the extent of fibrous features in the various aged samples. To our
surprise, we find that there is a trend in the amount of fibrous area present inside the
fracture surface and Charpy impact energy with little deviations owing to the impact of
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grain boundary precipitates. To this end, we scrutinized the fracture surface area with
the help of ImageJ (version 1.52a) the details of which are tabulated in table 6.1.

Table 6.1 Area considered for the energy from impact tests of as-received and aged
conditions of Alloy 617.
Material
Area considered
Fibrous Area (FA)
~ % FA
condition
(µm2)
As-received
41780.85
35408.99
84
1000 h
40728.22
24377.26
60
5000 h
38547.7
11441.07
30
10000 h
44695
6113.78
14
20000 h
152347.9
14296.53
10

Fig. 6.8 is a replica of the data obtained from the above table 6.1 which pushes
to think that the extent of the fibrous area is in compliance with the amount of energy
obtained from the Charpy impact energy shown in Fig. 6.2. Larger the fibrous area,
high is the fracture energy required to break the material. For instance, 84 % fibrous
area (FA) corresponds to the % fracture energy of 100 with a numerical value of ~ 285
J which being highest ever achieved in this material. The % FA results were quite
consistent with the other aged samples also with slight deviations in the highly
embrittled sample owing to the significant role of the precipitates being dominated by
mere fibrous characteristics. The enticing feature of these data can be appreciated by its
simplicity in revealing really a significant property (the values obtained from the % FA
runs parallel to Charpy energy) and also closely establishing a relationship between
Charpy fracture energy and SEM morphology. We also state that the intergranular area
supplements the % FA in the area fraction table 6.1.
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Fig. 6.8 ― Graphical representation of % fibrous vs. various aging durations in Alloy
617. Area (µm2) shown in the graph is a pictorial representation of the data obtained
from table 6.1.

6.5

Peering Fracture Through the Shear Lip Formations

Shear lip formations on a fracture surface is a quantitative characteristic of fracture
[141]. To understand the extent of shear lip formation and delamination we present a
low magnification camera view as shown in Fig. 6.9. The dotted area marked in figures
represents the formation and extent of the shear lip in various aged Charpy fractured
samples. The varying nature of its formation is an indication that aging has a profound
impact on this alloy. The extent of plasticity or localized plasticity near the crack tip is
an indication of the material toughness which can also be viewed in terms of the shape
of the shear lip formed on the Charpy fractured surfaces. The idea of establishing a
relationship between Charpy samples vs. temperature on the brittle-to-ductile transition
in the upper shelf region of shear lips has been well documented in the published
literature [141, 142]. The area of the shear lip is an indication about the amount of the
absorbed energy and bears a close relationship with the data plotted in Fig. 6.2. The
larger the shear-lip area, the more significant the ductility is. Furthermore, shear-lips
are a characteristic sign of the influence of the meso-level mechanisms of the processes
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of deformation and failure of the material. The extent of shear lip formed in Fig. 6.9 (a)
is comparatively larger than any of the shear lip formed in the other aged samples.
During the extensive investigation of shear-lip areas and fracture surface of Charpy
samples, a change in the appearance of shear-lips (area enclosed) are found, which are
formed on their side surfaces. The development of shear lips in the 1000 hours aged
alloy shown in Fig. 6.9 (b) has changed and more precisely reduced which complies
with the sudden drop in Charpy impact energy as evident from Fig. 6.2. At 5000 hours
aging, shear lips have a weakly developed shape (Fig. 6.9 (c)). Moreover, it was
complemented by the formation of the metal delamination at the zones of shear and
smaller cracks on the surface. The shear lips in Fig. 6.9 (d & e) almost disappeared,
indicating that plastic deformation at the meso-level is well connected with the
rotational dynamics of the conglomerates of grains, and the dissipation of energy occurs
due to friction on their boundaries. One of the revelations of this is the formation of
shear lips. Fig. 6.9 (f) is shown to represent the location of shear lip and crack
propagation and is used for the explanation purpose only.
So, we further conclude that the decreasing Charpy energy trend is in good
agreement with the shear lip formation as evident from Fig. 6.2 (a-e) and well
complemented by the formation of the metal delamination and microcracks on the
surface.
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Fig. 6.9 ― Shear-lip formation observed during various Charpy tested specimens of
Alloy 617: (a) As-received; (b) 1000 h; (c) 5000 h; (d) 10000 h; (e) 20000 h; (f) the
arrow indicates direction of crack propagation and dashed area represents the formation
of shear lip.

6.6

Nature and Compositional Morphology of Precipitates on
Fracture Surface

This section of the chapter deals with a detailed study of the elemental composition and
the nature of precipitates near and around the crack zone. The precipitate responsible
for the strengthening of the matrix and aging-induced degradation of fracture resistance
of the alloy has been identified. The elemental mapping has been aptly done to get
more insights into the fracture behaviour of alloy 617.
SEM elemental mapping analysis was performed to reveal the nature of the
precipitates observed in the microstructure of the as-received alloy, and the results are
presented in Fig. 6.10. When elemental mappings are analyzed, it is brought to notice
that, the precipitates found at the grain boundary are rich in Cr, Mo, Ti, and Al
elements. However, in areas, where precipitates exist, it is found that these regions are
depleted in Ni and Cr elements from the matrix. However, these precipitates not only
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contain these elements completely (Ni, Fe, and Cr), but above all, in the region where
Mo, Ti, and Al elements are clustered, the C element also shows an accumulation.
Because of an increase in the amount of C at the precipitates, it can be said that these
precipitates are carbides. The common carbide types in nickel-based superalloys are
MC, M23C6, M6C, and M7C3 [143, 144].
It has been confirmed from the TEM analysis (Fig. 4.13) that carbides are Morich and is Mo2C precipitates. The origin of Mo2C carbides can be traced back in the
solution treated condition of as-received alloy. In the solution treated condition the
temperature was reasonably good enough 1443 K (1170 ºC), and it is well known that
the higher the temperature is, the greater the atomic activation energy will be. The
higher temperature favors atomic migration, leading to a large diffusion coefficient
[145, 146] These carbides grew initially by taking the solutes from the matrix until its
content in the matrix reached equilibrium. After that, their growth took place gradually
by the mechanism of Ostwald ripening [147]. In this stage, the growth rate of carbides
was governed by atomic diffusion rate.

a) Ni

b) Cr

2 µm

2 µm

e) Ti

d) Mo

Ni
Al

2 µm

2 µm

c)

2 µm

f)

2 µm

Cr K?

Fig. 6.10 ― (a) SEM image of as-received alloy; (b-f) SEM 2D element maps of the
elements extracted from EDX spectra.
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Fig. 6.11 shows the images of SEM and elemental mapping analysis of the 1000
hours aged sample. Additions of alloying elements play different roles in the Ni-based
superalloys with positive effects to increase the alloy strength required while operating
at a very high-temperature. Of these several factors, the one making the major
contribution to increasing the strength at high-temperature is the fact that they form
intermetallic precipitations of different types with major elements being Ti, Al, and Nb
and generally of the form Ni3(Ti, Al, Nb). Alloy 617 used in this study contains Al and
Ti in 1.2% and 0.4 %, respectively and a trace amount of Nb (0.02 %). When the
images of the elemental mapping analysis given in Fig. 6.11 are examined, it is
particularly observed that around the few small clustering at the grain boundaries the
strengthening elements mentioned above show a nearly homogenous distribution. As
examined under TEM in Fig. 4.15, the precipitates are rich in Al and Ti and constitute
Ni3(Ti, Al).

a) Cr

50 µm

c) Ti

Ni

50 µm

b)

50 µm

d)

50 µm

Fig. 6.11 ― (a) SEM image of 1000 hours aged alloy; (b-d) SEM 2D element maps of
the elements extracted from EDX spectra.
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The evolved γ΄ commonly known as Ni3 (Ti, Al) as a result of aging-induced
precipitations in 1000 hours aged sample also shows its presence in 5000 hours of aged
alloy. Fig. 6.12 shows the images of SEM and elemental mapping analysis of the 5000
hours aged sample. In the elemental mapping analysis here too the formation of Ni3Nb
was ruled out because Nb being sufficiently low for the compound formation at this
aging durations. Aging has a profound impact on Alloy 617. Aging for 5000 hours has
given sufficient time to γʹ to coarsen as can be seen in TEM analysis shown in Fig. 4.16.
The size of γʹ has increased to ~70-80 nm from ~50-70 nm in 1000 hours aged alloy.
In addition to γ΄ precipitates, elemental mapping analysis at the region close to
the grain boundary has shown the presence of elements rich in Cr. It is interesting to
note that the Cr mapping in Fig.6.11 (b) and 6.12 (c). The Cr has distributed nearly
uniform in the region close to the grain boundary which is in particular absent in
Fig.6.11 (b). The TEM investigation of the 5000 hours aged alloy shows the presence
of Cr-rich precipitate and is Cr23C6 as confirmed form SAED pattern.

b) Cr

a) Ni

2 µm

2 µm
Al
Ni

e) Ti
Fe

d) Mo
Ti

2 µm

2 µm

c)

2 µm

f)

2 µm

Cr K?

Fig. 6.12 ― (a) SEM image of 5000 hours aged alloy; (b-f) SEM 2D element maps of
the elements extracted from EDX spectra.
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TEM images of γ′ precipitates after the 10000 hours aging treatment are shown
in Fig. 4.17. The morphology of γ′ precipitates even after aging for 10000 hours bears
the same spherical nature. Though, it can be denied that a marginal growth in the size ~
80- 110 nm has been noticed (Fig. 4.17 (a)) w.r.to 5000 hours aged material. It is well
appreciated that the presence of γ′ precipitates in the matrix of an aged alloy of this
material plays a crucial role in imparting strength at higher temperatures [99]. It has
been concluded from the TEM investigations that the morphology of γ′ precipitates
hardly changes during the aging treatments. However, there are indications that it only
grows in size due to thermal aging, but to a limited extent. It could also be appreciated
that even this marginal change in the precipitate size may have a significant influence
on the deformation characteristics of this material. The results have been validated by
the SAED pattern, as shown in Fig. 4.17 (b). The elemental mapping in Fig. 6.13 has
confirmed the elemental composition of γ′ to be Ni-rich Ni3(Al, Ti). From the mapping,
it is also confirmed that the block-shaped precipitate designated as ‘B’ is rich in Ti and
N. The precipitates of this type are primary precipitates and do not grow much over
aging. From the EDS analysis in Fig. 4.8 (c) it is confirmed that precipitates are rich in
Ti and could of the type Ti(C, N).
Not only γ΄ has evolved during the journey of aging, but also the carbides have
sufficiently grown enough due to aging treatment. TEM results of thermally aged
specimens for 10000 hours has also shown the M23C6 precipitates of size 70-80 nm as
shown in Fig. 4.18 (a). SAED pattern along the [011] zone axis as shown in Fig. 4.18
(b), confirms the presence of Cr-rich M23C6. The elemental composition (by wt pct)
around the M23C6 is shown in Table 4.1.
It is also interesting to note the along with γʹ and carbides another precipitate
was also seen under TEM and was confirmed to be Ni3Si shown in Fig. 4.18. Brightfield TEM image shown in Fig. 4.18 (a) of the alloy aged for 10000 hours shows some
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coarser precipitates of the size 110-120 nm. From the SAED analysis, it can be inferred
that the precipitates are rich in Si. Tokunaga et al. [93] have reported a similar
observation of an intermetallic of Ni-Si system in Ni–Si–B ternary alloys. Crack-tip
dislocations and fracture behaviour of Ni3Si and Ni3Al system have been reported by
Yoo and group [100]. Very few reports have been published in this direction stating
Ni3Si presence in superalloys, we though found out Ni3Si and precipitates have been
confirmed from SAED pattern as shown in Fig. 4.18(b), a suitable explanation for its
origin its role in Alloy 617 performances can only be said in due course of time with
the availability of more TEM results.

c)

b)

a)

10 µm

10 µm

e)

d)

10 µm

10 µm

10 µm

f)

10 µm

Fig. 6.13 ― (a) SEM image of 10000 hours aged alloy; (b-f) SEM 2D element maps of
the elements extracted from EDX spectra.
SEM images of 20000 hours aged sample after room-temperature Charpy
impact test are shown in Fig. 6.7. After aging for 20000 hours, the fractographs of the
aged alloy indicate predominantly intergranular cracking and failure occurred via grain
boundary embrittlement. The fractographs were further analyzed in proximity to crack.
This is attributed to the voluminous precipitation of carbide decorating the grain
boundary and its coarsening due to aging makes the condition worse. Fig. 4.12 (b)
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shows extensive carbides precipitation in proximity to the grains and on the grain
boundaries that not only weakens the grain boundaries, but also serves as an initiation
site for crack propagation during the Charpy impact test. In the microstructure of 5000
hours, aged condition microcracks and microvoids which have started to take place now
have matured and are distinctly seen. A glance at the fractograph reveals that point of
initiation of microcracks and microvoids are mostly the triple points in the
microstructures which are now heavily occupied by carbides and have embrittled. The
investigation regarding the crack initiation in the vicinity of the crack has always
brought the presence of Cr-rich carbides. The corresponding EDS spectrum of Cr23C6 is
shown in Fig. 4.12 (b).
Elemental mapping analysis of 20000 hours aged alloy is shown in Fig.6.14. It
can be seen from the element mapping that the elements have distributed themselves
uniformly in the matrix. By this time it is easy to interpret form the element mapping of
this material that 20000 hours aged alloy contains Cr-rich and Mo-rich precipitates. The
presence of uniform Ti in the elemental map confirms that the primary precipitates Ti(C,
N) has not grown much in size over the aging duration.

a)

1 mm

Fe Kα

1 mm

b) Cr K

Co Kα

α

c)
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1 mm

e) Ti K

d) Mo K

α

α

f)

1 mm
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Fig. 6.14 ― (a) SEM image of 20000 hours aged alloy; (b-f) SEM 2D element maps of
the elements extracted from EDX spectra.
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From the above observation of elemental analysis for the as-received and aged
Alloy 617 it can be inferred that different precipitates forms at and the interior of the
grains ultimately giving rise to the hardening of the matrix and the embrittlement of the
materials. The substantial presence of M23C6 as observed in the SEM and TEM
micrographs, preferentially at the grain boundaries has been further vindicated from the
elemental analysis of the aged specimens. Though the presence of carbonitride has been
shown in Fig. 6.13, its presence is minimal as compared to M23C6. Thus the influence
of this to embrittlement could be minor as compared to the influence of M23C6 as seen
from the 20000 hours in Fig. 6.14. This observation corroborates well with the earlier
inference on the strong influence of preferential grain boundary redistribution and
coarsening of M23C6 carbides after prolong aging treatments leading to grain boundary
embrittlement.
Coherency strengthening is anticipated when there exists a difference between
lattice parameters of the matrix and precipitate thus generating a strain field to be set up
surrounding the precipitate [148]. Coherent/incoherent precipitates are expected to alter
the mechanical properties to a greater extent [149, 150]. From the earned wisdom, it is
known that material with high toughness tends to offer less fracture energy. The
material with, initially coherent precipitates increase its hardness owing to an increased
strain field in the matrix. Due to prolong aging the coherency is destroyed and the
material hardness is lost. Increasing the hardness and the yield strength by precipitation
makes the alloy more brittle and decreases the impact toughness since less plastic work
can be done before strain in the plastic zone is sufficient to fracture the test specimen.
The specimen with the lowest impact toughness corresponds to the highest values of
hardness.
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6.7

Estimation of J-R Curve from Charpy V-notch Impact Energy

6.7.1 Introduction
When a material exhibits completely ductile behaviour its resistance to crack extension
is usually represented in the form of an elastic-plastic crack growth resistance curve (R
curve). In essence the R curve is a plot of the variation in crack growth resistance,
generally expressed in terms of crack tip opening displacement (CTOD) or J, during the
process of stable crack extension [151]. Dynamic J-R curves are a design requirement
to guard against fracture under accidental loading conditions. The determination of
these curves from an instrumented impact testing [142] of Charpy V-notch specimens is
very useful due to small specimen size, ease of testing, and sufficiency of the simple
pendulum testing machine.
6.7.2 Experimental Procedure
Charpy V-notch specimens have been fabricated from as-received and all aged
conditions of Alloy 617. The schematic representation of a standard Charpy V-notch
specimen is given in Fig 6.1. Impact testing of these Charpy V-notch specimens has
been carried out at room temperature at an initial impact velocity of 5.12 m/s. The
capacity of the pendulum testing machine is 358 J (shown in Fig. 3.12). A total of three
tests has been carried out for each condition of the material. The Charpy energy (KV)
for each test and the average Charpy energy for each condition are given in Table 6.2.
The graph of which is already drawn in Fig. 6.2 and section 6.3 of this chapter.
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Table 6.2 Charpy energy from impact tests of as-received and aged condition of Alloy
617.
Avg.
Charpy
Sr. No.
Material condition
Charpy
Energy (J)
Energy (J)
265
1.
As-received
274
285
328
123
2.
1000 h
130
130
136
93
3.
5000 h
95
98
107
77
4.
10000 h
78
77
79
45
5.
20000 h
46
46
47

6.7.3 Methodology for Estimation of J-R curve from Charpy V-notch Impact
Energy
The J-R curve is defined for fracture mechanics specimens having a sharp fatigue precrack, In this case, the J-integral determines the crack-tip stress and strain fields. Hence,
the determination of the J-R curve from a blunt V-notch has to be logically deduced
from the equations defined for a sharp fatigue pre-cracked fracture mechanics specimen.
Another point to be mentioned is that standard formulae for J-R curve determination
require load-displacement triplets along with the entire test. While all these are
available in a quasi-static test, the current crack length is not available in a dynamic
impact test. Hence, the J-R curve equation has to be deduced for an impact tested precracked Charpy specimen from available results from the load-displacement trace like
total Charpy energy, peak load Charpy energy, etc. This has been deduced by brilliant
equations given by Schindler, and the curve is well known as Schindler’s curve [152154] and applied successfully to characterize the effect of cold work on various metals
and alloys for instance: P9 steel in [155].
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The J-R curve can be divided into two phases. In Phase I, before the peak load,
the J-resistance curve is J-controlled. Subsequently, crack growth is governed by a
constant crack tip opening angle (CTOA). The latter can be obtained from the energy
consumed in the tearing phase between maximum force and complete fracture. The J-R
curve in phase 1 is given below:
𝐽(∆a) = 𝐶 ∗ (∆a)𝑝 …………………………∆a <∆am

(6.1)

where a crack extension, C and p is are material-dependent constant.
CTOA is mathematically related to the slope of the J-R curve in the first part of the
tearing process. From this condition, C, p, and ∆am can be obtained. ∆am is the crack
extension at maximum load.
2 𝑝

𝐶 = (𝑝) ∗
3

𝑛𝑎0
𝐵(𝑊−𝑎0 )1+𝑝

𝑝 = 4 ∗ (1 +

1−𝑝
∗ 𝑊𝑡𝑝 ∗ 𝑊𝑚𝑝

(6.2)

𝑊𝑚𝑝 −1
𝑊𝑡

)

(6.3)

∆am= (Wmp*p*bo)/(2*Wt)

(6.4)

where C is non dimensional constant, a0 is the initial crack length, B is specimen
thickness, W is specimen width, bo is the ligament length, Wt is total fracture energy,
Wmp is plastic part of Wm
𝑎

𝑎2

𝜂 = 13.81 ∗ 𝑊 − 25.12 ∗ 𝑊 for 0< a/W< 0.275

(6.5)

The condition at maximum load can be given as follows:
𝑑𝐹
𝑑∆𝑎

(∆𝑎 = ∆𝑎𝑚 ) = 0

(6.6)

where F is force, ∆a crack extension and ∆am crack extension at maximum load.
𝐹 1+1/𝑛

𝐽 ∝ (𝐹 )

(6.7)

0

n is hardening exponent according to the material law
σ = A*εn

(6.8)

Fo is plastic limit load, which depends on the actual ligament width b = b0 - ∆a

120

according to
Fo α (b0- ∆a)2

(6.9)

From equations 1, 7 & 9, the following equation for ∆am can be obtained
∆am =

𝑛∗𝑝∗𝑏0

(6.10)

2

Comparing equations 10 & 4, one obtains
Wm ≈ Wmp = n*Wt

(6.11)

The hardening exponent n is approximately equal to the uniform fracture strain in a
tensile test.
n ≈ Ag

(6.12)

Where Ag is uniform fracture strain.
2 𝑝

𝐽(∆a) = (𝑝) ∗

𝜂(𝑎0 )
𝐵(𝑊−𝑎0 )1+𝑝

∗ 𝑊𝑡𝑝 ∗ 𝐴𝑔1−𝑝 ∗ ∆ap

3

𝑝 = 4 ∗ (1 + Ag)−1

(6.13)
(6.14)

Equation. 13 enables determination of J-R curve just the total fracture energy
and the uniform fracture strain. Inputting W = B =10 and bo = 2 mm for the Charpy
specimen gives η = 1.76 thus, equation 13 simplifies to:
𝐽(∆a) = 11.44 ∗ 𝐾𝑉 ∗ (Ag)1/3 ∗ ∆a2/3

(6.15)

where J is J integral, KV is Charpy fracture energy; Ag is uniform fracture strain and ∆a
crack extension.
The blunting line can be given as:
J = s1*∆a = 3.75*Rm*∆a

(6.16)

where J is J integral, Rm is ultimate tensile strength and, ∆a crack extension.
J at crack initiation can be obtained as an engineering evaluation in three
different ways. J0 is obtained by the intersection of the linear extrapolation of the J-R
curve from the range ∆a >∆am to the intersection with the blunting line. J0.2 is the value
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of J at ∆a = 0.2. J0.2t is the J value at a distance of 0.2 mm from the intersection with the
blunting line. From these definitions the three quantities are obtained as follows:
𝐽0 =

7.33∗𝐾𝑉∗𝐴𝑔

(6.17)

𝐾𝑉
𝑅𝑚

1−1.47

𝐽0.2 = 3.92 ∗ 𝐾𝑉 ∗ (Ag)1/3
𝐽0.2𝑡 = 11.44 ∗ 𝐾𝑉 ∗

(Ag)1/3

(6.18)
∗ [(

3.05∗𝐾𝑉 3
𝑅𝑚

) ∗ 𝐴𝑔 + 0.2]

2/3

(6.19)

6.7.4 Interpretation of J-R Curve
J-R curves have been calculated according to equation 6.15 for the as-received and
aged condition of Alloy 617. The average Charpy energy for each condition of the
material was used to estimate the J-R curve. The average Charpy energy, uniform
plastic strain from the tensile test (Ag), and crack extension at peak load (∆am) are given
in Table 6.3. The J-R curve is given in Fig 6.15. There is a drastic reduction in fracture
toughness from the as-received condition to the material aged for 1000 hours owing due
to the voluminous precipitations in this alloy. Further aging time results in a
progressive reduction of fracture toughness, but to a much smaller degree. The reason
for the drastic difference in the as-received and the aged alloy incurred due to the
propensity of this material for precipitations. Though this material is a solid solution
strengthened material, it often gets its strengthening share from precipitates too. These
J-R curves as derived from equation 1 are based on the assumption that the validity
holds only up to crack extension at maximum load. It is to be noted that the curves of
the as-received material is very steep while all the aged conditions show much
shallower J-R curves.
The 3 measures of engineering estimation of crack initiation J calculated
according to equations 6.17, 6.18 & 6.19 are given in Table 6.2. The requirement of
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having an engineering estimation is due to the difficulty in exactly identifying crack
initiation which occurs after prior crack tip blunting.
J0, J0.2, and J0.2t are given in Table 6.2. It can be seen that J0.2 is the conservative
value for as-received material while J0 is conservative for all the aged conditions. Also,
as can be made out from the J-R curve all the 3 measures of crack initiation J are within
maximum allowable crack extension (peak load). Thus the J0.2 and J0 obtained are valid
for as-received and aged conditions respectively.

Table 6.3 KV, Ag, Δam, UTS, and crack initiation J values for as-received and aged
conditions of Alloy 617
Material
condition
Asreceived
1000 h
5000 h
10000 h
20000 h

KV
(J)

Ag

Δam
(mm)

UTS
(MPa)

J0
(kJ/ m2)

J0.2
(kJ/ m2)

J0.2t
(kJ/ m2)

285.17

0.39

0.85

1251.4

1248.86

824.33

1154.4

127.33
98.16
77.6
46.0

0.28
0.26
0.27
0.24

0.66
0.63
0.64
0.58

1543.2
1721.0
1481.7
1496.8

305.19
209.38
169.71
84.84

330.73
248.75
198.76
112.63

334.22
248.71
198.56
112.13

Fig. 6.15 ―J-R curves for as-received and aged conditions of Alloy 617.
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6.7.5 Validation of J-R Curve from Instrumented Charpy Impact Testing
System
To begin with, J-R curve validation assisted by instrumented Charpy test, a small
description regarding the instrumentation will be useful to look upon detailed in section
3.6.4. The instrumented Charpy system is an extension of Charpy impact machine and
more sophisticated technique working on the principle of displaying the change in
kinetic energy from a vertically dropped accelerated mass on the specimen [156]. With
the progress in the instrumentation, the load-time data changed to load-displacement
data from the drop weight instrumentation system. The load-displacement has removed
the complexities of compliance corrections. The standard agreement between
acceptable fracture toughness obtained from the Charpy V-notch specimen through
instrumented drop weight systems is detailed elsewhere [156, 157]. The loaddisplacement curve for the as-received and aged material with an applied velocity of 5
m/s is shown in Fig 6.16 (a-f).

(a)

(d)

(b)

(c)

(e)

(f)

Fig. 6.16 ―Load-displacement curves for as-received and aged condition of Alloy 617
obtained from instrumented Charpy impact testing system.
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Though the mathematical formulation has been achieved with acceptable values
of the fracture toughness earlier via Schindler’s curve, here validation from actual
quasi-static tests achieved from the instrumented Charpy is detailed. The procedure to
obtain actual J-R curves from the instrumented Charpy has been in trend recently, and
hence very few documents have been published in this direction [158]. An effort has
been made to extract precise data from the load-displacement curve and is documented
in Table 6.3. These data have been used to plot the J-R curve identical to the previous
curve as in Fig. 6.15. The as-obtained J-R curve is shown in Fig. 6.17. The graph
shown in Fig. 6.17 indicates that fracture energy follows a clear unusual trend in the
Alloy 617, which is also supported by the yield force (Fgy) and maximum force (Fm)
data shown in Table 6.4.
Table 6.4 Results of instrumented testing system for Alloy 617 in its as-received and
aged conditions.
Material
conditions
As-received
1000 h
5000 h
10000 h
20000 h

KV (J)

Fgy (kN)

Fm (kN)

261.15
112.61
77.6
61.4
38.75

9.58
9.72
10.12
9.63
9.02

14.8
15.01
16.10
14.64
14.18

J0
(kJ/ m2)
1097.1
265.67
162.41
131.99
70.94

J0.2
(kJ/ m2)
754.9
292.5
196.65
157.27
94.88

J0.2t
(kJ/ m2)
990.72
294.22
196.15
156.82
94.43

A wealth of information can be extracted from Table 6.3. The KV (J) and Fgy
(kN) values show an unusual behavior of alloy in the as-received and also in aged
conditions. A precursory look at the table suggests that KV value show a gradually
decreasing trend while Fgy shows an increasing trend till 5000 hours and then a decline
in the value for remaining conditions. Yield strength has shown a rise due to its
dependence over obstacle densities [159]. In as-received conditions the dislocationdislocation interaction is small due to less or fewer precipitates formed after the
annealed condition. Having already discussed that this material shows a higher
propensity towards precipitations and precipitations does occur immediately after aging
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is a strong responsible factor for an increase in the Fgy values. After 5000 hours of
aging a situation arises where precipitates have reached a substantial size and it is time
to get dissolve in the matrix creating a favorable time for the evolution of new
precipitates as evident from the TEM image analysis shown in chapter 4 section 4.5. As
evident from the published data for the other materials associations with precipitation
during artificial aging, that after certain particular size of the precipitates evolved
during the aging, the precipitates tend to emancipate dislocation easily due to their
athermal obstacles for dislocations [159].

Fig. 6.17 ― J-R curves for as-received and aged condition of Alloy 617 obtained from
instrumented Charpy impact testing system.

6.8

Summary

The analysis of our experimental results confirms that the impact energy of the material
Alloy 617 has been severely degraded due to aging. The fractographic observations also
reveal a change of the fracture mode from predominantly ductile nature to
predominantly intergranular cracking as the aging time increases from 1000 to 20000
hours. It is well known that the impact energy at room temperature of any material, as
determined by conventional Charpy test, consists of two components: (a) energy
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required for crack initiation and (b) energy required for crack propagation. Both of
these components to fracture energy are significantly influenced by the inherent
microstructural features. Where the crack initiation energy is generally affected by
nature, size, and shape of the precipitates which are being evolved during the aging at
high-temperature for this material, the crack propagation energy are often controlled by
the grain size distribution and the grain boundary strength. Further, the strength of the
matrix often plays a crucial role, as it is generally argued that a stronger matrix keeps a
propagating crack sharper, thus demanding less energy to propagate. The inverse
behavior of strength and toughness in conventional structural materials corroborates
with this idea. Further, where the γ´ has been precipitated randomly (within the grain
and also in boundaries), the M23C6 has been precipitated mainly in the grain boundaries.
From these observations, this can be argued that the γ´ is basically contributing to
increase the strength of the matrix, which in turn is leading to the lower fracture energy
of the material by making the crack propagation process easier. Contrary to this, the
role of M23C6 is more towards the crack initiation energy. It is well known that the
crystal structure of the M23C6 is different from that of the FCC matrix of Alloy 617. So
these precipitates will act as a barrier to the dislocation motion, which is a precursor for
any crack initiation process. Further, the effect of these carbides on crack initiation
would be enhanced as they became coarser during aging and their preferential
segregation to the grain boundaries. Eventually, this has made the grain boundary an
easy source of crack initiation and, thus, promoting the intergranular fracture in this
material.
Dynamic J-R curves have been obtained from Charpy V-notch impact tests for
as-received and aged condition of Alloy 617. The J-R curve of Alloy 617 shows a
drastic decrease after the aging time of 1000 hours. Further aging durations result in a
progressive decrease of J-R curve but to a much smaller degree. Valid crack initiation J
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values have been obtained for both as-received and all aged conditions of Alloy 617
and they show the same trend as the J-R curve.
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7
Brief Summary of Thesis and Scope for Future Work
This chapter provides salient features and noteworthy conclusions derived from the
results of the study carried out on Alloy 617, the material developed for advanced
ultra-supercritical thermal power plant. The aging-induced microstructural evolution
and its influence on various mechanical properties have been summarized in this
chapter. Apart from this, we have also bridged the existing gap on various opinions
prevailing relating to the microstructural evolutions and coarsening behavior of γ´, and
suggestions are provided for additional work to be continued in the near future.

7.1

Summary

The work carried out in this thesis reports a detailed study on Alloy 617, currently one
of the potential high-temperature candidate material across the country and the globe.
The outcome of the current work can be seen as the torchbearer to designers of the
advanced ultra-supercritical thermal power plant. Having accomplished the task and to
conclude the final chapter of the thesis, this chapter will try to brief the journey taken
along this mission, and few unmet issues are kept in the priority list to be carried out in
the near future.
A brief introduction about the challenges of menacing global warming across
the globe, concern over raising the operating temperatures of the current thermal power
plant, and challenges pertaining to the future high-temperature material is outlined in
chapter 1. The motivation and objective of the study on the deformation and fracture
behavior of Alloy 617 are briefed in this chapter.
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An exhaustive literature review about the materials developed for hightemperature applications and specific attention has been given to Alloy 617 as a
potential candidate material for advanced ultra-supercritical thermal power plants,
properties, and the challenges to improve it further are also outlined in chapter 2.
Chapter 3 features the experimental techniques used in this thesis for material
characterization with their basic principle of operation and the major components of the
instruments. The technical specifications with schematic or real images of the available
facilities at IGCAR are also shown.
A detailed microstructural characterization of Alloy 617 accomplished both in
as-received and the aged condition has been the subject matter of chapter 4. From the
light microscope characterization results, it has been found that the overall grain size
distribution during the entire aging duration remains almost constant. The duplex nature
of grain size distribution has also been less prominent in the aged material. The notable
feature of this alloy is its propensity to release precipitates even for the aging duration
of 1000 hours. The aging-induced precipitates can be categorized into two major types,
namely M23C6 and γ´ i.e. Ni3 (Ti, Al) with traces of Ni3Si. TEM investigation of this
material

has

brought

out

invaluable

information

regarding

aging-induced

microstructural changes in the material. As-received material shows only Mo-rich and
Cr-rich precipitates and no sign of γ´ phase. Aging caused an evolution of γ´
precipitates but with morphology rarely changed over the entire span of aging. Though
a slight coarsening can be seen over periods of aging, but the change is insignificant. A
significant finding of this thesis is Ni3Si precipitates which were never reported in
earlier investigations on this material. Though in the present capacity, we have limited
proof of its origin and its influence on the material property is yet to be evolved during
our further intensive HRTEM investigations.
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The detailed studies of the effect of thermal aging on the hardness, tensile
behaviour, and instantaneous work hardening of Alloy 617 and their correlation with
microstructure are discussed in Chapter 5. The thermal aging of Alloy 617 is
accompanied by precipitation of γ′ precipitates, which strongly influences the hardness
and tensile properties of this alloy after different aging durations. The absence of
annealing twins in the aged specimens indicates toward an aging-induced increase of
stacking fault energy. This alloy exhibits anomalous work hardening characteristics for
the different aged conditions There has been a sudden rise in the work hardening from
as-received to 1000, 5000, and then a sudden drop at 10000 hours. The anomalous
decrease in yield stress between 5000 and 10000 hours aging duration is attributed to
the ease of dislocation movement in this regime owing to the combined effect of
coarsening of γ′ precipitates and the rise in stacking fault energy. Alloy 617 exhibits
three distinct stages of work hardening in the plot of θ vs.  for all the four heat-treated
conditions. The three stages of work hardening are observed for all aged specimens. An
initial transient stage (TS), where θ decreases rapidly, the stage II is more prominent in
as-received and 1000 hours and remains almost constant for other conditions of aging
conditions and a stage III where θ gradually decreases.
The influence of aging on fracture resistance of Alloy 617 and the prediction of
the J-R curve has been the subject matter of Chapter 6. The analysis of our
experimental results confirms that the impact energy of the material Alloy 617 has been
severely degraded due to aging. The fractographic observations also reveal a change of
the fracture mode from predominantly ductile nature to predominantly intergranular
cracking as the aging time increases from 1000 to 20000 hours. Further, where the γ´
has been precipitated randomly (within the grain and also in boundaries) the M23C6 has
been precipitated mainly in the grain boundaries. From these observations this can be
argued that the γ´ is basically contributing to increase the strength of the matrix, which
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in turn is leading to the lower fracture energy of the material by making the crack
propagation process easier. Contrary to this, the role of M23C6 is more towards the
crack initiation energy. It is well known that the crystal structure of the M23C6 is
different from that of the FCC matrix of Alloy 617. So these precipitates will act as a
barrier to the dislocation motion, which is a precursor for any crack initiation process.
Further, the effect of these carbides on crack initiation would be enhanced as they
became coarser during aging and their preferential segregation to the grain boundaries.
This, in turn, has made the grain boundary an easy source of crack initiation and, thus,
promoting the intergranular fracture in this material. Dynamic J-R curves have been
obtained from Charpy V-notch impact tests for as-received and aged conditions of
Alloy 617. The J-R curve of Alloy 617 shows a drastic decrease after aging time of
1000 hours. Further aging durations result in progressive decrease of J-R curve, but to a
much smaller degree. Valid crack initiation J values have been obtained for both asreceived and all aged conditions of Alloy 617. They show the same trend as the J-R
curve. Efforts in the direction to evaluate the fracture strength by Instrumented Charpy
test have also been given ample space in this chapter. These findings well corroborate
the material performance and data obtained from the various instruments.

7.2

Scope for Future Work

For the extension of the thesis in the near future few notable areas has been chosen after
the suggestions of doctoral committee members and reviewers and the key areas are:
Though the formation of Ni3Si has been reported in chapter 4 of the thesis and
has been confirmed with sufficient proofs from the SAED pattern associated with the
EDS spectrum confirming the precipitates to be rich in Ni and Si. A detailed analysis
regarding origin, formation and its impact on fracture resistance is a matter of interest
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to us in the near future. An intensive HRTEM analysis added with J-MatPro analysis
can lead us to better understand the functionality of Ni3Si in our material Alloy 617.
Other aspects that can be kept in the list of future work in the direction of the
thesis is a prolonged duration of aging, longer duration aging can give a better insight
into the material relating the microstructural evolution and its influence on various
mechanical properties viz: hardness, tensile and Charpy impact energy analysis.
Calculation of stacking fault energy is still an important task ahead of us to be
looked upon. Knowing the fact that FCC material for the high-temperature application,
especially superalloys have low stacking fault energy (SFE), its variation with aging
time duration can be an excellent area to be worked upon. A wealth of information can
be obtained by displaying Alloy 617 to varying temperatures, which can be a new
arsenal to designers.
The assistance of the Finite element method in terms of correlating the sizes of
the voids with stress triaxiality can add more information to the material.
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