CHARACTERIZATION OF MICROSTRUCTURE
OF NUCLEAR STRUCTURAL MATERIALS BY
XRD

By
PRASUN SHARMA CHOWDHURY

Variable Energy Cyclotron Centre, Kolkata

A thesis submitted to the
Board of Studies in Physical Sciences

In partial fulfillment of requirements
for the Degree of
DOCTOR OF PHILOSOPHY
of
HOMI BHABHA NATIONAL INSTITUTE

September, 2011



Homi Bhabha National Institute

Recommendations of the Viva Voce Board

As members of the Viva Voce Board, we certify that we have read the dissertation prepared by
Shri Prasun Sharma Chowdhury entitled “Characterization of Microstructure of Nuclear
Structural Materials by XRD” and recommend that it may be accepted as fulfilling the
dissertation requirement for the Degree of Doctor of Philosophy.

K. Siveaeh s L ¥

Chairman- Dr. D. K. Srivastava, VECC

/g @MJ’ Date: 9_5’0‘4/'30)'2—

Guide/Convener- Dr. P. Barat, VECC

/BD}MM@-,L Date: 23. o4« ¥

Member- Dr. Alok Chakrabarti, VECC

Date:

Member- Shri N. Saibaba, NFC

: e
\/(:\9/ Date: 2% e

Member- Dr. D. Srivastava, BARC

A N 0 | N
}‘/] \.J \,} C‘L,Li C’j\_ﬁjf") Iv'l J’?’?:"_: il - 2.3 L'l ]
Examiner- Dr. M. Vijayalakshmi, IGCAR

Final approval and acceptance of this dissertation is contingent upon the candidate’s
submission of the final copies of the dissertation to HBNI.

I hereby certify that I have read this dissertation prepared under my direction and
recommend that it may be accepted as fulfilling the dissertation requirement.

Date: ZBIDU\\I“]L_ i ("75{(0'*“
Place: v €cc, K ot latn.. A



oy

-r

SR

RECOMMENDATION OF THE VIVA VOCE EXAMINER COMMITTEE
23.04.2012

Reports of the examiners, Professor K. Linga Murty, Director of Graduate Programs, Nuclear
ineering, North Carolina State University, USA and Professor M. Vijayalakshmi, Associate
Director, Physical Metallurgy Group, IGCAR, for the thesis entitled “Characterization of
Microstructure of Nuclear Structural Materials by XRD” of the student Sri PRASUN SHARMA
CHOWDHURY (PHYS - 04200604001) are satisfactory. Both the examiners have
recommended for the award of the Ph.D degree to Sri PRASUN SHARMA CHOWDHURY
after examining his thesis. However, some questions were raised by them and it was also
suggested that Sri PRASUN SHARMA CHOWDHURY has to answers those questions in the
open seminar. In this context the Viva Voce examination in the form of an open seminar has
been arranged on 23 of April, 2012 in VECC. A notice in this regard has been circulated in the
VECC and SINP notice boards. In this seminar Sri PRASUN SHARMA CHOWDHURY
answered all the questions raised satisfactorily. It is being felt that the answers to the questions
raised by the examiners need not be incorporated in the thesis. The Viva Voce examiner
committee recommends that Sri PRASUN SHARMA CHOWDHURY (PHYS -
2 1) can now be awarded Ph.D. de in Physical Sciences.
04200604001) gree y .T_(. g;‘\\“{/"[?___j__

1. Professor D.K. Srivastava, Associate Director (Physics), VECC — Charman

2. Sri N. Saibaba, Chief Executive, NFC, Hyderabad- Member

W oo
3. Professor Alok Chakrabarti, Associate Director (Accelerators), VECC — Member

4. Professor Dinesh Srivastava, Head, Physical Metallurgy\M(m‘, BARC — Member
ot -
DA NI N
S. Professor P. Barat, Head Material Science Section, VECC — Convener
;_QQ/LZ_:\; r{{‘:""l 72

VA \\/
6. Professor M. Vij alakshn&f‘(*%ssociate Director, Physical Metallurgy Group,
IGCAR is the Viva- Voce Examiner.



RE: DATE OF THE VIVA-VOICE EXAMINATION OF SRI PRASUN SARMA CHOWDHURY

CE's Saturday, April 21, 2012 11:57AM
From: ';CE'S m,'gw . Saturday, April 21, 2012 11:57AM
To: <pbarat@vecc.gov.in> Hide Details
Cc:

Bec:

Sent by: "CE's Office” <cenfc@nfc.gov.in>

Dear Dr. Barat,

Please refer to your e-mail dated April 16, 2012 on the subject matter. | regret to inform you that, due
to pre-occupation, | will not be able to attend the Viva — Voice examination of Shri Prasun Sharma
Chowdhury on April 23, 2012 at VECC.

Regards,

N. Saibaba
Chief Executive, NFC

From: pbarat@vecc.gov.in [mailto:pbarat@vecc.gov.in]

Sent: 16 April 2012 15:30

To: dinesh@vecc.gov.in; nsai@nfc.gov.in; cenfc@nfc.gov.in; mvi@igcar.gov.in; alok@vecc.gov.in;
dsrivas@barc.gov.in; pbarat@vecc.gov.in

Subject: DATE OF THE VIVA-VOICE EXAMINATION OF SRI PRASUN SARMA CHOWDHURY

Dear All,

The viva — voice examination in the form of an open seminar of Sri PRASUN SHARMA
CHOWDHURY has been arranged on 23rd of April at 11.30 AM in the Room No. 202, the Physics
Conference Room. Sri PRASUN SHARMA CHOWDHURY has to defend his thesis entitled
“Characterization of Microstructure of Nuclear Structural Materials by XRD”. Kindly send your
travel plans so that necessary arrangements can be made.

With regards,
P. Barat
MLM—'A \
,( (Lovret
23(vu( 2"

Dr. E Barat
Mead, Material Science Rection

& Dean~- Academic (VECC) , P Mf incad Suienes.

Government of India  *
VEC Centre
.M AF Bidhan Nagar, Kolkata-700 064



STATEMENT BY AUTHOR

This dissertation has been submitted in partial fulfillment of requirements for an advanced
degree at Homi Bhabha National Institute (HBNI) and is deposited in the Library to be made

available to borrowers under rules of the HBNI.

Brief quotations from this dissertation are allowable without special permission, provided that
accurate acknowledgement of source is made. Requests for permission for extended quotation
from or reproduction of this manuscript in whole or in part may be granted by the Competent
Authority of HBNI when in his or her judgment the proposed use of the material is in the
interests of scholarship. In all other instances, however, permission must be obtained from the
author.

Brasnn Qlasses, Qanstbusny’

Prasun Sharma Chowdhury



DECLARATION

I, hereby declare that the investigation presented in the thesis has been carried out by me. The
work is original and has not been submitted earlier as a whole or in part for a degree / diploma at
this or any other Institution / University.

Frassam Chasma Chorlhasnd

Prasun Sharma Chowdhury



Dedicated to:
The source of

my inspirations...



Acknowledgements

First of all, | gratefully want to acknowledge the constaca@emic and personal support received
from my supervisor Dr. P. Barat. | am very much thankful to hamtfis clear and effective discussions
which helped me in finding the platform of research in the fefl¥aterials Science.

| am very happy to convey my gratitude to my senior collabmsaDr. Paramita Mukherjee
and Dr. N. Gayathri Bannerjee for their constant encouragéarad support starting from the initial
stages of my research career. | am really very very gratefathém for their constant effort for
motivating me to be in Physics, and inspiring me at all the aip$ downs in my research career. |
also would like to convey my thanks to Dr. Mishreyee Bhattagador her helpful collaboration. |
also want to acknowledge Shri Sanjoy Majumdar for his kinlg laeiring the experiments performed
by me in VECC. | also acknowledge Shri Tapas Mallik for his kirdidhduring the preparation of the
flange and the samples in the VECC workshop. Beside these, Itavgnaitefully acknowledge Apu
Da (Dr. Apu Sarkar) for his helpful suggestions and adviag$ng different necessary moments of
my research life. | also acknowledge Prof. P. M. G. NambisS&XP for his helpful collaboration.

| am very happy to take the opportunity to acknowledge Dr.eBmKumar Srivastava (Head,
Physics Group, VECC) for his valuable suggestions which lteipe a lot to continue my research
career in Physics.

Beside all these, | want to acknowledge all of my senior antbjuesearch fellows in VECC
(Victor, Hari, Santosh, Amal, Amlan, Sabyasachi, Mrigaiika Sidharth Da, Saikat Da, Atanu Da
and many others) for their memorable presence at differecgssary times during my research life
in VECC.

| am very grateful for taking this opportunity to acknowledDr. R. K. Bhandari, Director,
VECC for his kind support which helped me a lot to continue ngesech work in VECC.

It is my pleasure to take this opportunity to acknowledge rasepts for believing in me, for
their patience, and for their continuous support which éelme a lot in continuing my research
career.

Last but not the least, | want to take this opportunity to asiedge all of my well wishers
who inspired me in the every aspects of my life, and have beerstipport for me during all the
necessary times.

Prasun Sharma Chowdhury



Synopsis

The zirconium based alloys and stainless steels are vemyrtang core structural materials in nuclear
reactors. These alloys show very good performance in thénamécal properties at elevated temper-
atures and sustain the structural integrity of the nucleactor under the severe operating conditions.
The important zirconium based alloys are the Zircaloy-22 ANDb, Zr-1Nb and Zirlo. Among them,
Zircaloy-2 is used as the cladding material and Zr-2.5Nbsesduas the pressure tube material in the
Pressurized Heavy Water Reactor (PHWR). The binary alloy Zv-ahd the quaternary alloy Zirlo
(Zr-1Nb-1Sn-0.1Fe) are also the candidate materials ®ute as clad materials in PHWR. On the
other hand, the stainless steels like SS316L and D9 alloyharenportant core structural materials
for Fast Breeder Reactor (FBR). The pre-irradiation microsiimecof these materials plays signifi-
cant role in controlling their structural integrity durinige operation of the reactors. Hence it is of
great interest to study the microstructure of these alloykeudeformed and irradiated conditions.

There are various well known techniques to study the miauogire of the polycrystalline
materials like optical microscopy, X-ray diffraction tesfue, electron microscopy etc. Out of all
these techniques, only the X-ray diffraction techniquevales statistically averaged information
about the microstructure of the materials over a large velofithe samplex£10° pm?3), whereas the
other techniques provide localized information about therostructure of the materials.

In the present thesis, the microstructure of differentaniam and stainless steel based reac-
tor core structural materials have been characterizedyusiray Diffraction Line Profile Analysis
(XRDLPA). The studies have been performed under the deformnedirradiated conditions of the
materials. The post-irradiation microstructural changfethe Zr-1Nb alloy have been characterized
using XRDLPA. Positron Annihilation Spectroscopy (PAS) haen used to characterize the nature of
the point defects created during irradiation of Zr-1Nbyabmd their role in controlling the irradiated
microstructure. Anomalous variation was observed in theostructural parameters at some specific
dose of irradiated Zr-1Nb alloy. This observation eluotdahe fact that the irradiated microstructure
is very much sensitive to dose and dose rate in the low dosaeeg

Study of the deformed microstructure reported in this thean be classified into two differ-
ent parts. In the first part, heavily deformed powders ofdéht zirconium based alloys (Zircaloy-2,
Zr-2.5Nb and Zirlo) have been obtained with the help of findlseaded jewelery files. The mi-
crostructures of these heavily deformed alloys have beanacterized using the different model
based techniques of XRDLPA. These different models of XRDLRAexfound to be complementary
to each other in characterizing the microstructure of théema. The studies show that, the pres-



ence of Nb enrichefl-phase inx-Zr matrix in Zr-2.5Nb and Zirlo was responsible in contiad the
domain growth, resulting in a smaller domain size compawdtat of Zircaloy-2.

In the second part, the in-situ microstructural evolutiémeavily deformed D9 alloy pow-
ders has been studied during the early stages of anneabtigwith time and temperature. In this
study, the evolution of the lowest length scale dislocasabstructure at the earliest stages of an-
nealing has been studied for the first time using XRDLPA. Thewn of these lowest length scale
substructures during the early stages of annealing havernedeled successfully from the light of
the rearrangement and annihilation of dislocations.

Microstructural change of different nuclear structuratenals during their irradiation, defor-
mation and annealing, has been successfully studied usendifferent model based techniques of
XRDLPA.

In the present thesis, Chapter 1 consists of a general irdtiotiualong with the scope of the
thesis. The details of the experiments performed and thbadstof analysis have been described in
Chapter 2. Chapter 3 of the thesis is based on the post irrddigitgostructural characterization of
Zr-1Nb alloy. The study of microstructures of differentanium based alloys under their heavily
deformed condition has been discussed in Chapter 4. In CHapter in-situ study of microstructural
evolution of heavily deformed D9 alloy powders has beenudised in detail. The overall conclusion
on the studies performed in the present thesis is given int€hép
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Chapter 1

Introduction

After the revolutionary invention of X-ray by éhtgen (November 8th, 1895), a large number of
experiments were launched by different eminent sciertiistisid out the nature of this radiation and
its interactions with matters. In 1914, M. Laue receivedNlodel Prize for Physics for his discovery
of X-ray diffraction by crystals. After that, besides thesvasefulness of the X-ray diffraction (XRD)
technique to study the structure of crystalline materils,technique also attracted utmost interest
as a unique characterization tool to extract the microsiratfeatures of polycrystalline materials
[1, 2, 3]. These microstructural features play importat¢gan controlling different physical and
mechanical properties of the materials, and hence thaiiestthave gained vital importance in the
field of materials science. Extensive early works about ti@ostructural characterization of these

materials have been reviewed by Greenaugh [1], Warren @and Sengupta [3].

1.1 Microstructure of polycrystalline materials

Unlike the ideal crystal, the real crystal deviates fronpigsfect periodicity in a number of different
ways. This deviation from the regular array of atoms in atatdyis termed as defects or imperfections.

Depending on the sizes and dimensions of the defects presém materials, they are termed as



point, line, surface and volume defects. If the deviatiorhef periodicity is localized within a few
atoms, then it is termed as point defect or point imperfectislowever, for the other three types
of defects, the deviation extends over a wide range of thstakyand these are termed as lattice

imperfections.

The common point defects in the crystal are vacancies, egaauosters, interstitials and the
presence of extra atoms not in regular positions. These peifects can be produced inside the
crystal due to the thermal fluctuation and thus definite ataznncentrations of these point defects
can exist in thermal equilibrium. The atomic concentratbthese thermally activated point defects

can be represented by a simple Boltzmann expression [4, 5]:

c= exp(—%) (1.1)

whereH;s is the formation enthalpy of that specific point defect. $imt case of solidsHs = Ey,

whereE;s is the formation energy of that specific point defect, equrati.1 can be wtitten as:

c= exp(—E—_{_) (1.2)

This thermal vacancy concentration increases rapidly withease in temperature. Thus, by rapid
guenching of the material from a temperature closed to itkimgepoint, these vacancies can be
trapped as excess vacancies in room temperature [6]. Howaeweige amount of excess vacancies

can also be introduced in the material by extensive plasfiorchation [7] or by ion irradiation [8].

The observed low values of critical shear stress of the nadgdezan be explained by the mo-
tion of a line imperfection (dislocation) through the mataf the atoms. This idea was proposed
independently by Taylor [9], Orowan [10], and Polanyi [1IH fact, dislocation is the most important
line defect in crystal which is responsible for the plastfaitmation, through the process of the slip.
There are two main types of dislocations: edge and screwadisbns. In case of edge dislocations the

slip occurs in a direction perpendicular to the dislocatina, whereas in case of screw dislocation,



this direction is parallel. However, the dislocations prasn the real materials are of mixed types,
i.e. they have both the edge and screw components. The §iglespresent around a dislocation
[12] causes them to interact with the existing defects msiee crystals. Dislocations move across
the crystal due to their mutual interactions as well as dubdaanfluence of external conditions (e.g.
mechanical stress, temperature gradient etc.). The meethgmoperties of a material is primarily

governed by the ability of movement of dislocations throtiggperiodically arranged atoms.

Materials used frequently in different industries and otharposes are generally polycrys-
talline in nature, i.e. they are made of small crystallitegm@ins with each of them having specific
crystallographic orientation. The boundary between tlagngrin a polycrystalline aggregate is called
grain boundarywhich is an important example of surface defect present ipcpgstalline materials.
The grain boundaries are the regions of disturbed lattieengavidths equal to a few atomic diameter,
and contains thgrain boundary dislocationsThe order of the grain boundary is determined by the
orientation difference of the grains on each side of the Hdaun In case ofow angle grain bound-
aries this orientation difference can vary from a few minutes af@to a maximum of a few degrees.
On the contrary, fohigh angle grain boundarieghis orientation difference is quite large. These
high angle grain boundaries are the regions of high surfaeegg and hence they act as preferential
sites for different solid state reactions like diffusiohase transformation, precipitation reactions etc
[6]. Beside the grain structure of polycrystalline matesja&ach grain also can contain a definite sub-
structure network. The small crystallites within a graimjeh construct the substructure network, are
calledsubgrainsand are bounded byubgrain boundariesvhich are the low angle boundaries, and

thus contains less surface energy.

Apart from the existence of grain boundaries, the lineagkaniphase boundaries are also
observed as surface defects in polycrystalline materi@is.the other hand, voids may be formed
inside polycrystalline materials due to the clustering a€ancy type defects. These voids are the
examples of volume defects observed in the material. Hormvehepresence of second phase particles

as precipitates in the host atom matrix are also the examphlsume defects.



On the basis of the above discussion, thierostructureof a polycrystalline materials can
be explained as the structure of the material in a micron bmsécron range, consisting of different
microstructural featuredike grains, subgrains, grain boundaries, presence ofngkepbase particles
etc. The length scale of different microstructural feasuran vary from nanometers to millimeters,

depending on their types.

1.2 Effect of microstructure on the properties of polycrystalline materials

The properties of a polycrystalline material can be clasgiinto two parts, one is the intrinsic and
independent of microstructure, and the other is sensitivaitrostructure. The former one mainly
depends on the chemistry, atomic bonding and electronitgroation of atoms for that specific ma-
terials. Some typical intrinsic properties of a materi& tre elastic constants, melting point, specific
heat, density and coefficient of thermal expansion. On therdtand, the later part is significantly
controlled by the size, shape, distribution and orientatid the different microstructural features.
Especially the different mechanical properties of the isedad alloys, e.g. the yield stress, ulti-
mate tensile strength and the creep strength are very mueitige to their microstructural features
[13, 14, 15, 16, 17]. The values of these microstructurahupesters can be affected significantly by
means of extensive deformation or by irradiation, whichuimtcauses the change in the mechanical
properties of those materials. Numerous studies are thieighyproved the significant change in the
mechanical properties of different materials due to imtidn [18, 19, 20] and deformation [21, 22].
The electrical conductivity of metals is also a microstunat sensitive property [23, 24, 25]. Since
the lattice defects act as obstacles for the transport ofreles through a metal lattice, this causes a

significant change in the electrical conductivity of thattemzal.



1.3 Microstructural changes due to plastic deformation

Under the application of external stress, the deformatibpabycrystalline materials takes place
mostly by the process dlip, which involves the movement of dislocation through thestay
[6, 12].The process of slip takes place most easily on cectgistallographic planes and along certain
specific crystallographic directions, depending on the tyfthe crystal structure. In general, &l
planesare the highest atom density planes in the crystal andlipe&lirectionsare the closest packed
directions lying on the slip planes. A slip plane togethahwie corresponding slip direction defines
aslip systenfor a specific type of crystal structure. For example, in cd$eCC structure, the highest
atom density planes are t§&11} planes and the closest packed directions are1té) directions,
which give rise to 12 slip systems for this crystal structuUsence the motion of dislocations is pre-
ferred on the slip planes along the slip directions, thesslgiems play a significant role in controlling

the microstructure of the polycrystalline materials [28].2

Twiningis another important process which takes place during tfeem@ation of most metals
and metallic alloys [6, 28, 29, 30, 31, 32]. In this procespa# of the crystal gets twisted in such
a fashion that the twisted part is oriented as a mirror imagthe parent crystal. The plane of
symmetry between the parent crystal and the twisted regi@alied agwin plane Twins may be
formed during mechanical deformation of metatsechanical twih or during the annealing of a
plastically deformed metab@nealing twif). Similar to the process of slip, twining also occurs on
certain crystallographic planes and along certain criggjedphic directions, depending on the crystal
structure of that material. However, for the metals possgsmany slip systems, twining does not

take place as a dominant deformation process.

During deformation of polycrystalline materials, the mpatt of the supplied energy is dis-
sipated in the form of heat. However, a very small amount efdhipplied energyx 1%) is stored
inside the material in the form of crystal defects, mostlinpdefects and dislocations. Many works

have been performed on the stored energy of deformed methlsave been reviewed by Be\adral.
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[33]. Since the mobility of the point defects is very highgytgive a very less amount of contribution
to the stored energy unless the deformation is performedffatisnt low temperature [7]. Hence itis
the dislocation created during the plastic deformatiorciligilays a significant role behind the forma-
tion of the deformed microstructure at ambient and highmpieratures. The microstructural changes
during the deformation of polycrystalline materials inlthe change in different microstructural
features like grain shape, size and orientation; causing@ease in the total grain boundary area
[34]. This excess amount of grain boundary area is formedaltiee accumulation of newly created
dislocations during deformation. Moreover, the accumaitedf these dislocations also causes the for-
mation of substructure network inside the grains, whichvery important feature of the deformed
microstructure. Studies on the development of substradtupolycrystalline materials deformed
under moderate strains have been started in the years of[38686, 37, 38] using Transmission
Electron Microscopy (TEM). However around 1965, after threrkaby Emburyet al. [39], the studies
on the substructure developed at high strain have gainedj@ interest. The recent studies in this

area include Hughes and Hansen [40], Hansen and Juul Jetideand Hughes [42].

The stacking fault energy (SFE) of a material also plays aifsognt role in controlling its
substructure. In case of the metals with moderate or high Sieklislocations form cell structure [7].
However, presence of alloying elements as solute in thedtost matrix can prevent the formation
of this cell structure. It has been observed that the adddifci3-5% Mg as solute element in the Al
matrix can hinder its dynamic recovery as well as prevergsiiblocations to form the cell structure

[43, 44, 45, 46]. On the other hand, for the low SFE metalsg#fiestructure is not observed generally.

In addition to all these abovementioned microstructurahgjes, the orientations of individual
grains also change with increasing degree of deformationceShe deformation occurs predomi-
nantly on the most favorably oriented slip or twinned syst#ns orientation change is not random,
rather it gives rise to areferred orientatioralong certain crystallographic direction. The preferred
orientation developed due to deformation of polycrystalimaterials is generally termeddeforma-

tion texture[47, 48].



1.4 Microstructural changes due to ion irradiation

When a polycrystalline material is irradiated with energetiarged particles, a huge amount of en-
ergy is transferred into the material. Depending on theggnef the incident projectile, it's mass and
charge state, the projectile first looses its energy intaatget through the process of electronic exci-
tation and then it interacts with the atoms of the target maf{@esulting in the production d?rimary
Knock-on Aton{PKA) [8, 49]. The passage of these PKAs through the targehabatrix causes the
creation of additional knock-on atoms and this process godsl the the energies of the knock on
atoms become less than tAmic displacement energy that target material. By this process, the
PKAs create a distribution of point defects inside the tangaterial, which is termed alisplacement
cascade During irradiation, this entire series of processes td&eewithin a very small duration of

time (= 10711 s) [50].

The defects which are produced during irradiation, intewath themselves and also with the
existing microstructure through the process of long rarnffigsion. During irradiation, due to the high
concentration of the point defects in the target mateta rate of diffusion of these defects also gets
affected significantly. The work performed by R. Sizmann [fEealed that theadiation enhanced
diffusioncauses not only an enhancement of the usual diffusion patlaJ$o opens new channels for
defect reactions which is not observed in the normal thdynaativated diffusion. Clustering of point
defects is a very important process which takes place dumadiation. There is an extensive review
by Eyer [52] which explains the ways of formation of smallmtailefect clusters and their effect on
the properties of the irradiated metals. These clustersagam collapse into the dislocation loops
[53, 54, 55], resulting in an increase in the dislocationsitgrof the irradiated material. In addition to
this, some of the vacancies created during irradiation megyact with the impurity elements present

in the target atom matrix, giving rise to the formation of aacy-impurity complexes.

The extensive microstructural changes caused by the atradiresults in the dimensional

changes of the materials as well as significant changes inrttezhanical, physical and corrosion
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properties [56, 57, 58]. There are a considerable amourtudfes [59, 60] which have been carried
out to understand the effect of ion irradiation on the mitxagural changes in different nuclear
structural materials. It was found that the type of ionspyallg elements and impurity variations
significantly controls the nature of radiation damage irs¢éhmaterials [61]. There are also extensive
works based on the proton, neutron and electron irradiafigure Zr and Zircaloys [62, 63, 64, 65].
More studies on the microstructural changes due to irradidtave been reviewed by Stiegler and

Mansur [66], Kiritani [67] and Vladimirov and Bouffard [68].

1.5 Microstructural changes due to annealing

The deformation or irradiation of solid polycrystalline teaals causes introduction of high concen-
tration of defects which exists in non equilibrium conditidJnder the application of external thermal
energy, these defects become mobile and interact with #lgesand the existing microstructure.
This process results in the removal of some of the defectsoéimets to alternatively arrange to a
lower energy configuration. Consequently, the differentrostructure sensitive properties of the
materials changes during the annealing. In 1829, Savaysfi@ved that the cast ingots of various
metals shows acoustic anisotropy, which changes due ttqtieformation and also due to subse-
guent annealing. This observation was the first evidendeeafticrostructural change of the materials
during annealing. However, in the early times, it was belgethat the plastic deformation causes the
amorphisation of the metals, which can be recovered backlsesjuent annealing treatment. During
that period, this process was knownagstallization[70, 71]. In 1887, Sorby [72] introduced the
metallographic technique and observed the elongated gtaiotures in cold worked iron and de-
fined this structure as tretate of unstable equilibriuwhich came into the stable condition through
the production of new equiaxed grain structure due to sules@deat treatment. Sorby termed this

process of change in microstructure during heat treatrasnecrystallization



The microstructural evolution during annealing of the @gqolycrystalline materials usually
consists three different stages: recovery, recrystéitimaand grain growth [7, 73]. Among these
three processes, recovery is the most initial process caninealing. During recovery, the disloca-
tions get annealed out partially and the rest rearrangesi@iiemselves to attain a lower energy
configuration. Since the dislocation structure is not catgly removed during recovery, this process
involves only a partial restoration of properties [7]. Withither increase of annealing temperature,
therecrystallizationprocess starts where the new dislocation free grains amgefbinside the mate-
rials. The growth of these newly formed grains and the compiom of the old grains then take place
simultaneously, which results in a new arrangement of graiith a low dislocation density, causing
a further restoration of the properties of the materialse écrystallization process is followed by
a third process called thgrain growth The process of grain growth was not clearly distinguished
until the work done by Carpenter and Elam [74] and Altherthis],[which revealed that the stored
energy during cold work is the driving force for recrystadiiion, while the grain growth process is
driven by the energy of the grain boundaries. During graowgh, the larger grains grow in order
to minimize the total grain boundary energy. The smallemgrare generally eliminated during the
grain growth process. Sometimes, the grain growth proessssito the selective growth of some

larger grains, which is termed as thkbnormal grain growth

The initiation and rate of the different annealing processignificantly depend on the an-
nealing temperature, type of the material and the degreefoimation it experiences prior to the
annealing process. In the year of 1900, Ewing and Rosenh@jmpted that the recrystallization
temperature of a solid polycrystalline material has a gfrdependance to its melting point. After
that in 1902, Humfrey [77] showed that the rate of recrystalion increases with the increase of
annealing temperature. The rate of recovery process isstisogly influenced by the melting tem-
perature of the materials. Beside these, the stacking faeltgg of the material also significantly
controls the rate of the recovery mechanism [7]. For the nasewith higher stacking fault energy

(e.g Aluminium), the dislocation climb process is easiefchitauses the significant amount of re-



covery prior to recrystallization [78]. On the contrary; tbe materials with low stacking fault energy
(e.g. Copper), the climb process becomes difficult and hersreadl extent of recovery takes place
prior to recrystallization [7]. Even the presence of allayielements in the host atom matrix may
reduce it's stacking fault energy and thus inhibiting theoreery process. For example, presence of
small amount of Mg in Al matrix, or the presence of a little ambof Mn as alloying element in iron,

may restrict their recovery process by a significant amor@ét $0, 81].

The amount of plastic deformation the material experienqeea to the heat treatment, is also
an important parameter which controls the extent of thewegoand its rate. It has been observed
that the amount of recovery of a plastically deformed mateat a constant temperature generally
increases with strain [81]. However, for the heavily defedrpolycrystalline materials, the simi-
lar observation may show the opposite trend [7]. The work siMg and Raffelsieper [82] and
Michalak and Paxton [83] revealed that for polycrystallmaterials, a complete recovery prior to
the recrystallization process can only take place if theenmltis lightly deformed. However, for
single crystals, there are many reported works where campdeovery has been observed even after

a considerable amount of plastic deformation [83, 84, 85].

1.6 Techniques of microstructural characterization

There are different techniques to study the microstruatfite polycrystalline materials. In general,
the microstructural characterization is performed by gisipecific types of probes which interact with
the material and give necessary signal carrying informagibout the microstructure. These probes
may be the visible light, X-ray or the energetic electronrhe®epending upon the types of probes,
these characterization techniques are known as the opticabscopy, X-ray diffraction technique
and electron microscopy. However, the energetic positcamsalso be used as the probe to get the

microstructural information. This technique is called Basitron Annihilation Spectroscopy (PAS).
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Depending upon the type of the information obtained, theslertiques can be classified as direct and

indirect techniques.

The direct techniques of microstructural characterizatd solid polycrystalline materials
involve the optical and the electron microscopy technigleshese techniques, the direct images of
the microstructurenicrograph$ are captured and then analyzed to acquire the requiredmiatemn.
Since the grain sizes of the polycrystalline materials @megally in the micron range, they can be
clearly visible in a optical micrograph. However, the optimicroscopy can not be used to extract
the information about the dislocation substructure siheeléngth scale of this substructure is very
much less than the wavelength of the visible light. On thetreoy, the wavelength of the electron
used in the electron microscopy technique is comparable @v¢o the atomic spacing of the general
polycrystalline materials, and hence the these technigueshe very much powerful to study the
dislocation substructure in a localized region. The Saamiilectron Microscopy (SEM) and the

Transmission Electron Microscopy (TEM) belongs to thisegaty.

The most important and reliable indirect technique for abtarizing the microstructure is the
X-ray diffraction technique. Since the wavelength of X-rsgomparable with the lattice spacing of
the materials, it can be used as a very reliable probe toatxtra microstructural information. In fact,
the X-ray diffraction technique is very much useful to egtrie statistically averaged information of
the microstructure of the materials in a non destructive, \&ag this statistically average information
is very much relevant with different microstructure depemidproperties of the materials. Specifi-
cally for the materials with very high dislocation densittye X-ray diffraction technique becomes
an unique characterization tool to extract the microstmadtinformation since the regions of high
dislocation density is very much difficult to see by TEM. Hawwe the X-ray diffraction technique is
not useful to get the information about the point defectsteng inside the materials. In this context,
PAS is a very useful technique which can characterize the@@aind concentration of the vacancy or

vacancy clusters inside the materials. However, it is diffito characterize the interstitial type de-
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fects using PAS as the positron is very much insensitive teai¢hose type of defects. The resistivity

method is also a useful indirect method to extract the in&dgrom about the point defects.

1.7 Characterization of microstructure by X-ray diffraction technique

From the last few decades, the study of microstructure ofgpgsétalline materials by X-ray diffrac-
tion technique has become a great subject of interest. Bawdaudies of crystal structure by X-ray
diffraction technique, the studies of microstructure ajsined utmost interest when Scherrer [86]
pointed out that the finite sizes of the small crystalliteside the polycrystalline materials cause
broadening in the X-ray diffraction peak. In 1944, the tlyeof line broadening was formulated by
Stokes and Wilson [87] in a more exact and complex mannemaxthey incorporated the lattice strain
as an important broadening parameter. Later, based onriin@lisms of Wilson [88] and Stokes and
Willson [87], Warren and Averbach [89, 90] developed a maragal theory of X-ray line broaden-
ing of cold worked metals. In his theory, Warren proposedtadislocation arrays in the cold work
material form the substructure inside the grain. Thesetrautigre consists of coherently diffracting
domains which is responsible for the XRD line broadeningegponding to the domain size [91]. In
1959, based on the works of Barret [92] and Paterson [93]thbizry was further extended by Warren
[94] to incorporate the effect of stacking fault on the X-fae shape. However in 1967, after the
development of Rietveld Refinement [95], the microstructatadly using X-ray diffraction line pro-
file analysis (XRDLPA) has took an effective step. The studiethe present thesis is mainly based
on the microstructural analysis using X-ray diffractionhrique. A detailed review of the extensive

works in this field will be discussed in the upcoming chapters
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1.8 Zirconium and Stainless steel based alloys as core structural materiala i

nuclear technology

The works reported in the present thesis has been performéifferent zirconium and stainless steel
based alloys which are very important core structural meteused in the nuclear industry. There
are different types of zirconium based alloys (e.g. Zirge2pZircaly-4, Zr-2.5Nb, Zirlo etc.) which
are extensively used as core structural materials in PrigesuHeavy Water Reactors (PHWR). On
the other hand, in case of the First Breeder Reactors (FBR), éidests steel based alloys (e.g.
SS316L, alloy D9 etc.) are used as the core structural nadgerDuring operation of the reactors,
these materials experience severe operating conditierekkensive irradiation environment, which
causes the degradation of their mechanical propertiescéderachieve high burn up, these materials
should be sustainable enough to that extreme operatingtmmmdExtensive research is going on to
develop different types of new alloys which can be used ssfally as core structural materials in the
nuclear reactors. However, since the mechanical propestithese materials are strongly dependant
on their microstructure, the study of microstructure osthenaterials under deformed and irradiated

condition has become the subject of utmost interest.

Zirconium based alloys are very important materials in thllfof nuclear technology since
they are extensively used as core structural materials WRHThis alloys have low thermal neu-
tron absorption cross section, excellent corrosion rasc& against the high temperature aqueous
environment, better mechanical properties at elevategpeeamtures and better irradiation creep and
growth resistance properties. Hence these alloys areiisalste under the severe operating condition
of PHWR. However, to achieve higher burn up, a continuous rekedways persists their to develop
new kind of alloys which are best suitable for the reactdrisas been observed that, if a small amount
of niobium is added in the zirconium as alloying elements,rittechanical properties of the alloy en-

hances considerably. Beside this, after addition of Nb, tloy also possesses considerably better

13



corrosion resistance and better irradiation and growtistasce properties. Hence the Zr-Nb alloys
are very much sustainable to higher burn up of fuels and theg bot immense interest as candidate

materials of PHWR.

There are several important properties of Zirconium ba#iegsawhich made them unique as
core structural materials of PHWR. The most important progsit’s low thermal neutron absorption
cross section which made this alloys best suitable for be#tatron economy. At room temperature,
these alloys exhibiti-phase which has HCP crystal structure with a c/a ratio leas the ideal
value. This makes the (1_0) plane most predominant for the dislocation movemertiss freferable
movement of dislocations along some specific crystalldgragdirections results in the anisotropy
in different microstructural features of these alloys dgrthe thermo-mechanical treatments. This
also causes the development of strong crystallographtaresx during the fabrication of different
core structural part of PHWR. The zirconium based alloys shimtrapic change from HCPX) to
a BCC @) structure at high temperature [96]. However, addition sfrall amount of Nb causes the
existence of finely dispersdgsiphases in ther-matrix which enhances the mechanical properties of

these alloys.

The zirconium based alloys developed for use in PHWR as canetstal materials, can be
broadly categorized into two series: the Zr-Sn and Zr-Nlesd®7]. Zircaloy-2 (Zr-1.5Sn-0.1Fe-
0.1Cr-0.1Ni) and Zircaloy-4 (Zr-1.5Sn-0.2Fe-0.1Cr) areithportant alloys in the Zr-Sn series. The
important alloys in the Zr-Nb series are Zr-1Nb, Zr-2.5Nb,25Nb-0.5Cu and M5 (Zr-1Nb-0.10).
The Zr-2.5Nb alloys is used as pressure tubes in PHWR whei&ittedoy-2 is used as the fuel clad
materials. There are also developments in the new allogsdike Zr-Sn-Nb-Fe series, in which
Zirlo (Zr-1Nb-1Sn-0.1Fe) and Alloy 635 (Zr-1.2Sn-1Nb-Be) are the important materials. The

composition of different zirconium based alloys used fa pnesent thesis is shown in table 1.1.

Unlike the PHWR, the Fast Breeder Reactors (FBR) operate at extgnkigh temperature
(773-973K at the fuel clad) and the neutron flux also in thiseda sufficiently high (1 n/cn¥/s).
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Table 1.1: Composition of different zirconium based alloys

Alloys Sn Fe Cr Ni Nb @) Zr
(Wt.%) | (wt.%) (wt.%) (wt.%) | (wt.%) | (p.p-m.) | (Wt.%)
Zirlo 0.9-1.1| 0.09-0.11 — — 0.90-1.1| 900-1300| rest
Zr-1Nb — - — — 0.90-1.1| 900-1300| rest
Zr-2.5Nb - - - — 2.5-2.8 | 900-1300| rest
Zircaloy-2 | 1.2-1.7| 0.07-0.2 | 0.05-0.15| 0.03-0.08 - 1000-1400, rest

This high neutron flux in FBR causes the damage of the strdathagerials in two different mech-
anisms [97]. One is the creation of defects due to the rasiatamage which is responsible for the
irradiation hardening and embrittlement, irradiationegr@nd irradiation induced void swelling. The
other mechanism is the (), transmutation reaction which results in the helium entleritent. Due

to the higher operating temperature, the fuel clads expegiextensive loads from the internal fission
gas pressure and fuel clad interaction. The loads on thetgbsss also come from the temperature
gradient and irradiation induced swelling gradient. Hemeé¢his case also, the core structural mate-
rials should be chosen in such a manner that they will be isiadtie under this extensive operating

conditions, allowing a high burn up of the fuels.

Several stainless steel based alloys have been develop#tefose as core structural ma-
terials in FBR. The first generation clad and wrapper tube naddefior FBR was the 304 and 316
grade stainless steels. However, to overcome the voidisggltoblem in the high irradiation envi-
ronment, it became necessary to add different alloying efdsnas stabilizer, as well as to change in
the chemical composition and modify the microstructureh®yduitable series of thermo-mechanical
processes. Inindia, for the Fast Breeder Test Reactor (FBTR),&Salloy have been chosen as the
clad material. However, it is found [97] that the additiortleé small amount of Ti, Si, P, Ni, Band C
significantly increases the void swelling resistance pridgeof the stainless steel. The alloy D9 and
D9l have been developed from this observation and they Hawerssatisfactory performance against
the irradiation induced void swelling. The composition leé D9 alloy which has been used for the

present thesis, is given below (table 1.2).
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Table 1.2: Composition of the D9 alloy (in weight %)

Cr Ni Mo Mn Si C Ti Nb P S B N Co Fe
13.5-14.5| 14.5-15.5| 2.0-2.5| 1.65-2.35| 0.5-0.75| 0.035-0.0| 0.25 | 0.05 | 0.02 | 0.01 | 10-20 p.p.m.| 0.005 | 0.05 | balance

1.9 Scope of the thesis

The zirconium and stainless steel based alloys are veryriantcas core structural materials used in
today’s nuclear technology. These alloys show very gootbpaance in the different mechanical
properties at elevated temperatures and sustain thewtuuttegrity of the reactor under the severe
operating conditions. The important zirconium based alae the Zircaloy-2, Zr-2.5Nb, Zr-1Nb and
Zirlo. Among them, Zircaloy-2 is used as cladding materais Zr-2.5Nb is used as pressure tube
materials is PHWR. The binary alloy Zr-1Nb and the quaterndoy &irlo (Zr-1Nb-1Sn-0.1Fe) are
also the candidate materials for the use as clad materi&sl\WR. On the other hand, the stainless
steel based alloys (SS316L and D9 alloy) are the importarg swuctural materials for FBR. The
pre-irradiation microstructure of these materials plangicant roles in controlling their structural
integrity during the operation of the reactors. It has besported that the initial microstructure,
dislocation density and the domain size significantly aalstthe in reactor deformation and growth
of zirconium alloys [98, 99, 100]. The irradiation induceaidl swelling of the stainless steel based
alloys are also significantly controlled by the amount obpdeformation the materials experience
before irradiation [101]. Hence it is of great interest todst the microstructure of these alloys under

deformed and irradiated condition.

In the present thesis, the microstructure of differentanram and stainless steel based reactor
core structural materials have been characterized usingLRRDThe studies have been performed
under the deformed and irradiated conditions. The poathiation microstructural changes of the Zr-
1Nb alloy have been characterized using XRDLPA. PAS has bsed 10 characterize the nature of
the point defects created during irradiation of Zr-1Nbybmd their role in controlling the irradiated

microstructure. Anomaly was found in the variation of inetdd microstructure at some specific
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irradiation dose, which proves that the irradiated micragtire is very much dose and dose rate

dependent in the low dose regime.

Study of the deformed microstructure reported in this thean be classified into two differ-
ent parts. In the first part, heavily deformed powder of défeé zirconium based alloys (Zircaloy-2,
Zr-2.5Nb and Zirlo) have been obtained with the help of finklseaded jewelery files. The pow-
der materials coming out in this process experience extrgmear deformation and hence a huge
amount of defects can be introduced in the materials by ttusgss. The microstructure of these
different zirconium based alloys then have been charaetnsing the different model based tech-
niques of XRDLPA. The methods were found to be complementagath other in characterizing
the microstructure of the material. Beside this, the pres@fdNb enriched3-phase ina-Zr matrix
in Zr-2.5Nb and Zirlo was found to be responsible in coningllthe domain grown, resulting in a

smaller domain size compared to that of Zircaloy-2.

In the second part, the in-situ microstructural evolutidmeavily deformed D9 alloys have
been studied during the early stages of annealing, bothtimia and temperature. In this study, the
evolution of the lowest length scale dislocation substriecat the earliest stages of annealing has been
studied for the first time using XRDLPA. The growth of theseésiMength scale substructures during
the earliest stages of annealing have been modeled sudbefsfm the light of the rearrangement

and annihilation of dislocations.
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Chapter 2

Experimental and Method of Analysis

2.1 Preparation of samples

2.1.1 Preparation of heavily deformed powder specimen

A large part of the present thesis is based on the study ofostiercture of different reactor core
structural materials under heavily deformed powder comitThe powder specimens were obtained
from the core structural materials by careful hand filinghwite help of finely threaded jwellery
files.The powder particles obtained in this way experiendeeme shear deformation and ensures
high population of dislocations inside them. The detailsudlihe preparation of heavily deformed

powder samples has been described under the experiemectiahan Chapters 4 and 5.

2.1.2 Preparation of irradiated specimen

Irradiation of different Zr1Nb samples have been carrietivath the Variable Energy Cyclotron at
Kolkata, using 116 MeV ©" ions. The target holder assembly used in the irradiatiomdsva in

figure 2.1. Figure 2.2 shows the schematic diagram of thetdgjder assembly. This target holder
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assembly consists of an aluminium flange over which the sammphounted. The aluminium is used

as the flange material because of its low nuclear reactiss@ection for 116 MeV oxygen ion.

Figure 2.1: The target holder assembly used in the irramidieamline: the top view of the flange is
shown in the inset.

To ensure the proper focussing of the beam on the target, anl6rg collimator has been
attached above the sample. This collimator consists of tfferent parts. The lower part of the
collimator was made of conducting materials which ensuregptoper suppression of the secondary
electrons generated from the target during its irradiatiime upper part of the collimator was made
of teflon so that the charge particles falling on the collionatall does not contribute to the projectile

particle count, giving an error to the measurement of iadin dose.

The dose of irradiation on the samples was measured fromothe amount of charge of
the projectiles deposited on the target during its irraolat As the samples used in the study are
electrically conducting, the deposited charge have beleoted directly from the back surface of the

aluminium flange and measured with the help of a current rategwhich was electrically connected
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Figure 2.2: Schematic diagram of the target holder assembly

with the aluminium flange. The whole target holder assemiay kept insulated from the beamline

by a perpex flange.

During irradiation a considerable amount of kinetic enesgyeposited by the projectiles to the
target material per unit time. A large amount of this depab#énergy is liberated in the form of heat,
resulting in a rise in the sample temperature. This increatmperature during the irradiation of the
samples affects the irradiated microstructure. Henceneessary to cool the sample. In our case,
the sample was cooled by a continuous flow of water. The beararduvas also maintained at 150
nA. Under these circumstances, the temperature of the sadigphot rise above 313 K as measured
by a thermocouple attached to the closest proximity of tmepsa. The rise of temperature of the
sample upto 313 K was attained within 160 seconds at eacltacadtien a constant temperature was
maintained. The detailed information about the differergtdiation doses and the dimension of the

samples irradiated are given in Chapter 3. Microstructutbefrradiated samples were characterised

by X-ray Diffraction Technique.
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2.2 Collection of X-ray Diffraction Data

The X-ray Diffraction (XRD) data has been collected using Bmeker AXS D8 Advance Diffrac-
tometer (figure 2.3). The diffractometer worksir- @ Brag-Brentano geometry which is very useful
for dealing with different types of samples (e.g. any bloclsbeet like sample, powdered samples
or liquid samples) as the sample stage does not move in thés ifferent types of X-ray sources
(e.g.Cu, Co and Mo sources) can be attached with the sourcefdmis diffractometer. The detec-
tor arm consists of a Lynx-Ey# detector provided by Bruker AXS which gives a very high count
rate. Two types of sample stages are there for this instrun@me is the conventional spinner stage
(figure 2.4) for performing the room temperature XRD. The pthree is an in-situ high temperature
attachment from Anton Paar (figure 2.5).This high tempeeatittachment consists of a joule heated
platinum strip as sample stage, along with a high vacuum blearnd a high temperature controller
HTK 16 from Anton Paar. The high vacuum chamber for this tlghhliemperature stage helps one
to maintain the sample at high vacuum during the collectiothe the high temperature XRD data.
Details about the collection of the XRD data during the défertypes of studies have been discussed

at the respective chapters.

2.3 Characterization of microstructure by X-ray Diffraction Line Profile

Analysis (XRDLPA)

The deformation or irradiation of materials results in thamge in their microstructure. These mi-
crostructural changes cause changes in the broadeninghearsthape profiles of the XRD peaks.
These shapes and broadenings of the XRD peak profiles takebtmioin fom two main causes,

one is the contribution from the instrumental limitatioasd another is the contribution from the

microstructural imperfections like finite domain size andtnostrain within the domain. Thus by
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Figure 2.3: Bruker AXS D8 Advance Diffractometer.

Figure 2.4: Spinner stage for Bruker AXS D8 Advance Diffraweter
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Figure 2.5: Anton Paar high temperature attachment HTK 16.

analysing the XRD data in some suitable manners, we can ertiastructural information when
the broadening due to the instrumental limitations is elsed. There are different model based

techniques of XRDLPA which can be used to characterise theostiticture of the materials.

The integral breadths of the XRD peaks are the crucial paemsyethich carry the information
about the broadening of the peaks. The integral breadtmf¥iRD peak profile is defined as the area
under the peak divided by its maximum height. Hence for the XRRBks, integral breadth takes the
dimension of the diffraction anglé\26) and can be treated as the broadening of the peak. However,

unlike the FWHM, the integral breadth carries the informaidout the shape of the peak.

The domain size which is estimated as an important microtral paramter during the
XRDLPA, can be defined in two different ways. In one method, dbenain size is estimated by
averaging over the whole volume of the domain. The domaia sstimated in this way is called
thevolume weighted domain sizelowever, there are also different methods where the theadem
are projected on a certain crystallographic plane and thewnlédmain size is estimated by taking the
average over the area of the projection. The domain sizenat&d in this way is called th&urface

weighted domain size
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Since the information about the microstructural impeitew inside the materials is hidden in
the shape of the XRD peak profiles, it is very important to clea@ogroper profile peak function so that
the microstructural parameters can be extracted sucdigssfumatching the experimentally observed
XRD peak profiles with the assumed peak function. The diffenegthematical peak functions used

frequently by different model based techniques of XRDLPAas¢ollow:

a) Gaussian functionA Gaussian function can be expressed as

In2x2

G(x) = 1(0) exp(— W2

) (2.1)

wherelg(0) is the peak intensity and is the HWHM of the peak. Here= (20 — 26y), whereb is
the diffraction angle and@ is the peak position. For this function, the integral breaxdtn be written

_ TT
asP=w,/my-

b) Lorentzian function The Lorentzian function is also known as Cauchy functionis It
expressed as
1

C0 =160}

(2.2)

herelc(0) is the peak intensity. The integral breadth for this funtttan be expressed As= wrt

c¢) Voigt function A Voigt function is the convolution of a Gaussian and a Lazémn function.

itis expressed as

V(x) = Iy (0) P Refer Y™ 4 ik} 2.3)
Be Be
herely (0) is the peak intensity. The integral breadth of a Voigt fumctcan be expressed fs=
-1
Bf_%rf((ﬁ), wherek = % Bc andf¢ being the Cauchy and the Gaussian components of the integral
breadth.
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d) Pseudo-Voigt functianA pseudo-\Voigt function is a linear superposition of a Cauftimc-

tion C(x) and a Gaussian functidd(x) having equal widths. The function is defined as

PV() = Tpv(0)[NC(X) + (1 —n)G(x)] (2.4)

heren is the mixing parameter. The integral breadth for this fiorctan be expressed As= w[tn +
(1-n)y/m2l
e) Pearson VIl functionThe Pearson VIl function is expressed as

2

X
PVII(x) = lpvii(0)[1+4(27" - 1) 5] (2.5)
where m is the Pearson index. The integral breadth for timstion isp = %ﬁ‘%w

2.4 Different model based techniques of XRDLPA

There are different model based techniques of XRDLPA whiehvary useful to extract the informa-
tion about the microstructural imperfections inside theenals. These techniques are mainly based
on the profile fitting method. In this method, a suitable Pedihape Function (PSF) is assumed. The
observed XRD peak profile is then fitted with this PSF. The mlaiae parameters of a PSF are the
peak position (8), the maximum intensity of the pealg) and the FWHM of the peak. The best fit
is attained by using a suitable optimizing algorithm. thaous types of model based techniques of

XRDLPA used in the present thesis is discussed below.

2.4.1 Single peak analysis by Scherrer’'s method

Among the different model based techniques used in XRDLRAstmplest method is the Scherrers

method [102], in this method it is assumed that the micrastinal broadenings associated with the
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XRD peak profiles are solely due to the effect of finite domamesand no strain broadening is
associated with this. The volume weighted domain $izds calculated from the values of total
integral breadth of the XRD peak. This value @ represents the volume weighted domain size
along a specific crystallographic direction correspondmthe XRD peak. According to Scherrer’s

method, the expression f@x, can be represented as:

0.9\
Y™ Bcod

(2.6)

2.4.2 Single peak analysis by simplified breadth method

Unlike the Scherrer’s method, in case of simplified bread#thod [103] both the size and strain
broadening effects are taken care. In this method, the ffieet én the XRD peak shape is assumed
to follow a Cauchy distribution whereas the strain effectssumed to follow as Gaussian. The
analytical form of each diffraction profile is approximateg\Voigt function which is the convolution
of the Cauchy and Gaussian function. The quality of the XRD pealefined by a shape factgr
which is expressed as the FWHM of the XRD peak divided by itsgiatebreadth. To make the
fitting possible, the value ap should be in a suitable range (0.63 to 0.94).The valud3,qiolume
weighted domain size) ardd(upper value of the microstrain) are estimated using tHevahg two

relations [104]:
A

Dy= 5 os (2.7)
- g_ﬁe (2.8)

wherefc andfg are the Cauchy and Gaussian components of the integral beeadt
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2.4.3 Double voigt method

Unlike the Scherrer's method and the simplified breadth oebtithe double Voigt method [105]
assumes that both the size and strain effects in the braagiget the contribution from both Cauchy
and Gaussian distribution. Here the XRD peak profile is fittéith & Voigt function and then the
function is transformed into a Fourier series. The Fouraefiicient F(L) in terms of the column

length L is then obtained and can be represented as follows:
F(L) = —2LBc — TL2B4 (2.9)

wherefc andfg are the cauchy and gaussian part of the total integral di¢addc andc can be
represented as:

Bc = Bsc+Boc (2.10)
B& = B+ Bhc (2.11)

where,3sc and3pc are the Cauchy components of size and strain integral breasipiectively and
Bsc andBpg are the corresponding Gaussian components. The size aodidis coefficients are

then obtained considering at least two reflections from éimeesfamily of the crystallographic planes.

After estimating the different components of integral hitbg, these values are used to extract
the size-strain information. The surface weighted avedigeain sizeDs and the rms microstrain

1
(e.%)2 can be expressed as:

1
BRc . Boc
<8L> SZ ( . )
whereS= 2
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The volume weighted domain sig® can be represented as:

1 A

Dy = Bs = BcoD (2.14)
The volume weighted column length distribution functions given by:
d’As(L)
R(L)OL=5 (2.15)
For a size-broadened profile, the size coefficient can besepied as:
As(L) = exp(—2LBsc— ML*REg) (2.16)
hence we get,
d?Ag(L
TAIE)  ((2nt B3 + 2Bs0)” — 2ndAs(L) 247)

It has been shown by Selivanov and Smislov [106] that thetemuad.17 is a satisfactory approxima-

tion of the size distribution functions.

2.4.4 Williamson-Hall method

The Williamson-Hall method [107] is a very useful method &®BLPA to study the isotropicity in the
microstructural parameters. Though the method is basdtkemsirigle peak analysis, the interpretation
requires a collective information from all the XRD peak predibver a wide range. In this method, it
is assumed that both the size and strain broadened pro#ésezntzian. Based on this assumption,
a mathematical relation can be established between thgrahtereadth [§), the volume weighted

average domain siz®() and the upper limit of the microstraia)(as follows:

1
BC;\’ 9 _ D, 28 (2.18)
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whereS = @. The plot of BC)‘\)SB versusS gives the value ot from the slope and, from the

ordinate intercept. However, for anisotropic size andistdistributions, the values dd, ande
become different along different crystallographic direes. Hence in this case it is not possible to

find any linear trend in the Williamson-Hall plot.

2.4.5 Modified Rietveld method

The different model based techniques discussed above améyrnased on the analysis of each of the
XRD peaks individually. On the other hand, the usefulnest®itodified Rietveld method [108] is
that it is based on the Whole Powder Pattern Fitting methodhighmethod, a wide range of the X-
ray data containing a number of peaks is fitted simultangotitle method is known as the modified
Rietveld method due to its difference from the original Ri&tvaethod [109, 110] which was mainly
based on the crystal structure refinement technique. TherdRietveld technique has been modified
by Lutterotti [108] to refine the structural and the micrastural parameters simultaneously. The
corrections for preferred orientations have also beenrparated by him in the modified Rietveld
technique. The beautiful feature of the Rietveld method & thdoes not show any prior interest
in advance to look at the observed intensity for to detedtiegBragg reflections, or to resolve the

overlappped peaks.

In case of the constant wavelength X-ray diffracttion pattéhe recorded data is the intensity
values with the variation of diffraction angle. A wide rangeXRD data containing a significant
number of XRD peak profiles is required to perform the modifieetW&ld method sucessfully. The
method requires the information about the crystal strecfarg. the lattice parameters and the cell
angles, atom coordinates), atom types (to know the atonaittesing factors) and the instrumental
parameters to calculate the XRD full profile and to match ihwiite experimental one. A non linear

least square fitting method is used to obtain the best fit. Tlaatity which is minimised during the
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fitting process is:

§ =Y WY —Ya)? (2.19)

whereY; andY,; are the observed and calculated intensity at the i-th stdp\as- % The expression

for the calculated intensity; is:

Yei = SZ Lk|Fi|*@(26 — 26,) RA + Yo (2.20)

HereSis the scale factor, the miller indicésk, | for a particular Bragg reflection is represented as k.
The termLy contains Lorentz, polarization and multiplicity factofie reflection profile function is
represented by. P andA are the preferred orientation function and the absorptotof respectively.

F« is the structure factor of tHeth bragg reflection and,; is the background intensity at the ith step.
The background is generally refined by assuming some poligidanction of higher order. The

order of the polynomial is normally taken as four or some olager value.

The reflection profile functiop controls the shape of the XRD peak profile which is a very
important factor carrying the microstructural informattiof the materials. Beside thigpalso contains
the effects due to instrumental limitation and limitatiahse to the specimen features. The observed

XRD profile h(20) can be expressed as:
h(20) =W(20))«f(20) = [W(20)xG(20)]xf (28) + background (2.21)

WhereW(26) is the contribution due to the spectral distribution [114§1&(20) is the instrumental

contribution. The intrinsic functiofi(20) takes the contribution from the inherent Darwin width [112]
(which comes during diffraction due to the uncertainitynpiple) as well as from the microstructural
imperfections (like finite domain size and the microstraithim the domain) inside the sample. The
convolution of all these three factors results in the obseédiffraction pattern.The convolution oper-

ator in between the functions is indicated by the sign
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The functionG(26) contains five non spectral instrumental contribution atedthelow:

i) X-ray source imageFor a closed tube system, the contribution for the X-raye®image
can be approximated with a symmetric Gaussian curve hawviig¥ of 0.02° using a take off angle
of 3°. The effects of the monochromators to this contributioreiasen described by Cet al. [113]

and do not introduce any asymmetry to the Gaussian shape.

i) Specimen flatnesdJnder the Bragg-Brentano focussing condition, the specisugface
should be flat so that it lies on the perimeter of the focussinge. However, with change in the
diffraction angle, the focussing circle continuously ches its radius. Due to this ‘out of focus’
condition, acotd dependent term is introduced which produces a small asymindhe profile. This
error becomes noticable particularly at low angle sincéis ¢ase the effect due to the ‘out of focus’

condition becomes large.

iii) Beam divergenceThe axial divergence of the incident beam also contribasesn error to
the observed XRD profile. This error followscatd dependence to the observed profile at low angle

and introduces significant amount of asymmetry, especallize lowest angle.

iv) Specimen transparencipue to the finite absorption coefficient of the specimen, ra gia
the incident X-ray beam looks deeper inside the sample. Dti@g reason, an ‘out of focus’ condi-
tion comes into play which afects the observed XRD profile. thermaterials with low absorption
coefficient and for the loosely bound powder samples, theceproduces a substancial amount of

asymmetry in the observed profile.

v) Receiving slit widthDue to the presence of the receiving slit before the deteateym-

metric term is contributed to the observed profile.

In the present thesis, all the microstrutural analysis bylifrexl Rietveld method have been
performed using the program LS1 [108]. In this program, gfeection profile is modelled using the
pseudo-Voigt function. For the successful extraction efrthicrostructural parameters using modified

Rietveld method, it is very important to incorporate the rastental corrections during the fitting
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process. According to Cagliagt al. [114], if no microstructural effects are involved in the ebged
profile, then the variation of the FWHM() of the reflection profiles with the diffraction angle can be

written as:

H = /Utar?0+Vtand+W (2.22)

hereU, V andW are called the Caglioti parameters. The variation of the gg@tigt mixing param-
eter §)) is expressed as:

n =a+b(20) (2.23)

The termdJ, V, W, a andb are constants and they are known as the instrumental brivadesram-
eters. To estimate the values of these instrumental brazgiparameters, a full range X-ray data for
the standard La@powdered sample has been collected. Every peak of that datheen fitted indi-
vidually with the pseudo-Voigt function and the values of #WHM andn has been noted. Hence
with the help of the obtained values Hf andn, the instrumental broadening parameters have been
estimated using equations 2.22 and 2.23. Figure 2.6 shawgattiation ofH? with tan. The data
have been fitted using the equation 2.22 and the valu€s @f W have been estimated from the fit.
The variation of the pseudo-Voigt mixing parametewrith 26 has been shown in figure 2.7. Equation

2.23 have been used to fit this data and the parameters a, béavestimated.

After the successful determination of the instrumentalademing parameters, the sample
XRD data has been used for analysing to extract the sizexstifarmation. According to the Fourier
analysis developed by Nangtial. [115] using single peak method, The normalised Fourierfuoerft

(Tpv) of the pseudo-Voigt function can be written as:

dli—o  Day

(2.24)

WhereD,y is the average domain size. In this case, it is assumed thaloimain is isotropic in size

along all the crystallographic directions. L is the colurandth. The expression fdky for L = DTaV
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can be written as:

T8 (eZ) D4 1
Tovyope = (1 "Ll exp( ) (2.25

1
2

Where(sE> is the microstrain and is the interplanar spacing. If the Gaussian distributiomadros-

train is assumed, then equation 2.25 can be represented as:
TC(ef)D5, 1
Tov oy = exp(—T - 5) (2.26)
On ther other side, the expression My, in terms of the pseudo-Voigt fitting parameters can be

represented as [116]:

Z —TP0?L? 1
Tov(L) = 1+Zexp( in )+1+Zexp(—2Tr0L) (2.27)
where,
7= (2.28)
(1-n) ()2
and
o= ;[sin(eoJr HWHM) — sinBg| (2.29)
Using equations 2.24, 2.26 and 2.27 we get:
z (Z+1)2 1 (Z+1), @(e?)D3, 1
172 g ) Tz ) m e o) (2.30)
1 ANMZ+1) .
_ 1 _
HWHM = sin [4T[Dav +sinBp| — 6 (2.31)
Z
N=c-c—-+ (2.32)
Z+ (1z)?

Some known values @,y and(eﬁﬁ are used to perform the refinement process using the noarline
least square fitting method. After the best fit is obtainee vilues oD,y and (e?) 2 are recorded as

results.
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The preferred orientation is also a very important parametech can affect the observed
XRD peak significantly. For the metals and alloys having lasslper of slip systems, this preferred
orientation of the domains comes into picture during theattietfabrication, directional melting or
solidification etc, and causes significant changes in thregrated intensity of the observed profile.
The distortion in the observed XRD profile caused by the preteorientation can be mathematically
modelled using the preferred orientation functi&n Numorous studies are there to find the nature
of this preferred orientation functioR, [110, 117, 118, 119, 120, 121, 122, 123]. Among them,
the March-Dollase preferred orientation function [1178lis the most popular. This function is

expressed as:

NIlw

P(a) = (r’coga +

)

Si':z“ (2.33)

wherea is the angle between the hkl plane and the preferred orientptane and r is an adjustable

parameter.

During the Rietveld refinement process, the refinable paenrnate adjusted until the residual
in the equation 2.19 is minimised. The quality of this ‘bestepends on the suitability of the model
and also on type of the minimum condition (e.g. is it local lmbgl minima) it reaches. Hence, it is
very necessary to introduce some criteria of fit during thieeenent process. In case of the modified

Rietveld refinement, the criteria of the fit is defined as:

WE(Y; — Yei)?
G

Rup= {2 }2 (2.34)

The goodness of the fiGof) can be represented as:

Gof = M (2.35)
where,
_(N=P)s
Re= 5 wiv?! (2.36)
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here N is the number of observatios and P is the number of gdeasmadjusted. For a best acceptable

fit, Gof should be near to 1.

2.5 Microstructural Characterization by XRDLPA: a brief review

There are various types of model based techniques of XRDLRAlolgped by different eminent sci-
entists which have been reviewed by Langford [124], Tord2b] and Langford and Louer [126].
Among them, the modified Rietveld method is the most reliabke leecause it is based on the whole
powder pattern fitting technique. The method was develogeRibtveld in 1969 [110] where the
X-ray diffraction lines and their intensities are constead by a structural model comprising of the
different crystallographic parameters as well as the atanformation. In the early times (before
1980) the studies of X-ray diffraction pattern from the rostructural point of view was restricted
only to the materials of higher symmetry. However after thieoduction of the Rietveld method
and method of pattern decomposition [127], scientistdesfashowing their interest to apply these
methods to study the materials of the lower symmetry. At tist §tages, just after the introduction
of the Rietveld method, it was used mainly for structural ifikent of different materials. In 1978,
Langford [104] and Nandi and SenGupta [115] introduced thigtfunction modelling of combined
size-strain broadened profiles. After that, modelling bigt/goseudo-Voigt and Pearson VIl function
has attracted a great interest for determining the sizgrsprarameters using either multiple order
integral breadth method [128], or single line integral lbittamethod [103]. Extensive number of
studies on the microstructural characterisation by diffiemodel based techniques have been per-
formed by Enzcet al. [129], Benedettet al. [130], Scardiet al. [131, 132], Langford [133], Balzar
[134], Balzar and Ledbetter [135, 136] and Ske¢al [137].

Beside the studies on the size broadening effects on the XRideptbere is also an extensive
amount of reported works to study the effect of strain distiion on the observed XRD profile.

There are numorous amount of studies reported by Wilson][Mkens [139, 140] and Ungar
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et al [141] where the line profile based modelling was perfornedtudy the strain fields of the

dislocations and their distribution. In a restrictedlyadam dislocation model proposed by Wilkens
[139], he showed a discrepancy between the theoreticaltpleded strain Fourier coefficients and
that obtained from Warren Averbach analysis [89, 90]. Heuhiced an extra factor in the expression
of Fourier coefficients which was called the contrast (da&an) factor and produces anisotropic
line broadening corresponding to dislocation contraste above theory was applied by Kuzel and
Klimanek [142] to plastically deformed zirconium to deténenthe dislocation content and type from
the anisotropic strain broadening in the deformed matdBi@side this, a general type of theory about

the line broadening due to dislocations was developed byn@sat al. [143].

2.6 Positron annihilation spectroscopy

Beside the studies of different microstructural parametish are mainly controlled by dislocations,

it is also very interesting to study the nature of the poirfedes inside the materials and there role
in controlling their microstruture. The positron annitide spectroscopy (PAS) is a very useful tool
for performing these types of studies because the posisrbighly sensitive to the vacancy type of
defects [144, 145]. Especially for the materials undediaton, the irradiation induced point defects
play significant roles in controlling their resultant mistaucture. In the present thesis, a successful
attempt has been made to use PAS to know how the point defeti®tthe microstructure of Zr1Nb

alloy under heavy ion irradiation.

The positron ¢") being an antiparticle of electron, it has the rest mass sasnat of an
electron (511 KeV) and the charge-ise. This particle interacts with electron via electromagmneti
interaction and annihlates in a very short time. When a pwsiénters in a material, it first looses
it's kinetic energy through different processes. Afterrthalization, the positron propagates throgh
the material as a Bloch wave and then annihilates throughtkesiction with the electrons present

in the material, resulting in the emission of photons [148gnce the lifetime of a positron inside
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a material depends on the electron density distributioildénthat material, and is a very important
signature carrying the information about the materialsciigire closely related to the elctron density

distribution.

There are two different modes in which the positron anniédavith the electron. One is the
two gamma annihilation mode, another is the three gamméhiatimon modes. However, the two
gamma annihilation mode is much more favourable and here®d¢hurence of the three gamma
annihilation mode is neglected in PAS. For the non-relstivicase, the cross section of the two

gamma annihilation mode for a free positron and a free @lraéy

2
_ Twge

; (2.37)

O2y
whererg is the classical radius of the elctron or positron anid the positron velocity. hence the

annihilation rate of the positron (probability of anniltitan per unit time) can be written as:
A2y = OpVNe = TT3CNe (2.38)

wherene is the localised electron density at the position of thetpasi From equation 2.38 it is clear
that the lifetime of the positrort) in a material, which is just the inverse of the postron aitatiion
rate, is independent of the positron velocity and only deperpon the electron density it faces during

the annihilation.

However, the situation is somewhat different when the paisienters in a system with a large
number of electrons. In this case, the interaction betwkercoulomb field of the positron and the
coulomb field due to the electron cloud results in an incréasiee localised electron density faced

by the positron. In these circumstances, equation 2.38 eandulified as:

Aoy = ETT3CNe (2.39)
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here the parameterrefers to the increase in the localised electron densitytaltiee presence of the

positron.

2.6.1 The two-state trapping model

From equation 2.39 it is clear that, for a defect free solits positrons will get annihilated after

having the same lifetime, as they will face a uniform disttibn of the electron. However, the picture
will be somewhat different if the defects are present in tregemal. In this case, at the positions
of the defects, there will be a lack in the concenration otetens and they will act as the trapping
centers for the positrons. Hence the positron which willgetihilated at the defect sites, will have
a different lifetime depending on the nature of the defect.eAtensive review on this topic has been

given by Siegel [147, 148].

Thus the trapping model of positrons is a very useful toolnovk about the nature and con-
centration of the defects inside a material [149, 150]. Adw to this model, there are two different
states of positrons inside a material. One is the Bloch saaié another is the defect trapped state.

the lifetime of the positrons in a completely defect freeenials can be represented as:

1
Tracne

=N\ = (2.40)

However, if defects are present in the materials, threemitfprocesses take place:

i) The annihilation of the positrons in the defect free regidumsng their propagation as Bloch

wave, with an annihilation rats,.

i) The trapping of the positrons from the Bloch state to the défapped state, with a trapping

ratek.

iii) The annihilation of the trapped positrons with an annifolatateA;.
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If ny is the concentration of the positrons in the bulk ands that for the trapped positrons,

then the corresponding rate equations can be written as:

d—no = —)\bnb — KtNp (2.41)
dt
and
dn
—— = — At +Kehp (2.42)
dt
Solving these two equations we get,

Ny = Noe_)\lt (2.43)
whereA; = Ap +Kt. The corresponding lifetime of the positrontis= A—ll = A.Tlm The solution of
the equation 2.42 is give by:

N
= O ekt ghaty (2.44)
A1 — At

The total number of positrons present in the system at tinra@ be represented as:

NoKt

(e M e =l M e (2.45)
1=/t

N(t) = np(t) + ne(t) = Noe ™' +

The lifetime of the trapped postrons can be writteras )Tlt I1 andl, are the corresponding inten-

sities. After normalization witlNp, 11 andl, can be represented as:

=1 (2.46)

and

(2.47)

Herets is a vary important parameter which carries the informatibout the nature of the defects
present in the material. Since the electron density at thextieis less than the bulk electron density,

it is obvious thatro > 1. The more is the value ab, more is the size of the defect.
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The trapping rate; is also a significant paramter which depends upon the coratemt of

the defects present in the material. It is represented as:

ki =Y WG (2.48)

wherep; andC; is the trapping coefficient and the concentration for thetype of defects.

2.6.2 Positron annihilation spectroscopy: the experiemental deils

In the present thesis, the PAS experiment have been camuigd &now about the role of defects in
controlling the irradiated microstructure of Zr-1Nb allegmples. The positron source used in this
case is the salt 3?Na. 22Na is a radioactive isotope of sodium which emits one pasi#ied simul-
taneously one gamma photon with energy 1.274 MeV (figure 2 8)eak positron source (having a
strength arround 1QCi) was prepared by depositing tA&\aCl solution on a thin nickel foil (thick-
ness arround gm). Then the foil was sandwitched between the two identicaéts of same sample
and placed in between two Ba#etectors. Thus when the positron enters into the matérisderacts
with the electron density present in the material and getéhédated by producing two gamma pho-
tons each having energy 511 KeV energy. The lifetime of the positron is estimated gasuring
the small time difference between the birth gamma phot@v@MeV) and the annihilation gamma
photon (511KeV). This time difference is referred as thetiihe of that specific positron. The time
resolution of the prompt gamma-gamma coincidence of tloaiitiwas 200ps as measured b§°&o

gamma source.

The data obtained from the PAS experiement contains thrgelsotions: the background, the
instrumental part and the part containing the informatiooud the materials (the residual spectrum).
The programs RESOLUTION and POSITRONFIT [Kirkegaard (1988s used to analyse the data.

After the background correction, the instrumental part b@sn deconvoluted from the data. The
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Figure 2.8: Energy level diagram for the decay2Na.

residual spectrum have been used for fitting. The fitting wasedvith a multi exponential decay

function and the best fit is obtained.
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Chapter 3

Study of Microstructure of Oxygen Irradiated Zr-1Nb Alloy uisg

XRD and PAS

3.1 Introduction

Zirconium based alloys are very important structural makein nuclear industries, because of their
low neutron absorption cross section, good corrosionteesig, better mechanical properties at ele-
vated temperatures and better resistance to irradiatoucad dimensional changes [151]. Itis very
popular structural materials in PHWR. To meet the demandsybf imiirn up , higher coolant temper-
ature and partial boiling of coolant, there is always a de@oycnew zirconium alloys which can with-
stand the severe operating conditions inside a nucleatore#t this respect, several zirconium based
alloys such as Zirlo (Zr-1Nb-1Sn-0.1Fe), Zr-1Nb, Zr-0.2NBSn-0.2Fe-0.1Cr have been developed
as candidate materials for fuel cladding tube and have slvowsiderable promises [151, 152, 153].
The performance of these cladding materials is mainly inite€e by their microstructures, alloying
elements, precipitate characteristics, nature of defdctsThe irradiation induced point defects also
play a significant role in controlling the microstructuregchanical and creep properties of these al-
loys [153]. However, the nature of production of these disfesvery complex and depends on the

initial microstructure, alloying elements, dose and dage.r Even the presence of impurity atoms
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at the substitutional or interstitial position of the hogira matrix play significant role in affecting
the interaction of these defects with the existing micragture. Especially at the low dose and low
dose rate, a transient variation of microstructure is olekbefore attaining a steady state, where
the microstructure becomes dose dependent [154]. So itagesting to study the evolution of mi-

crostructure in the low dose.

3.2 Obijective of the present study

In this work, the Zr-1Nb alloy samples have been irradiatétt w16 MeV &+ with low dose and
low dose rate. XRDLPA has been used to characterize the nrigotigral parameters of these irra-
diated samples. The nature of vacancy clusters createe inridiated samples has been studied by
PAS. During the XRD experiment X-ray probes an average volafd®® pm? of the sample. Thus
the global information about the microstructure of thediaded samples can be extracted success-
fully in a statistical manner using XRDLPA. On the other haRAS helps us to study the intrinsic
characteristics of the lattice defects in much shortertlesgale. Though these two experiments are
independent, the results obtained from them are complemetd each other, and corroboration of

these results can give a detail account of the irradiatedosticicture in a non destructive way.

3.3 Experimental details

The Zr-1Nb alloy was prepared by hot extrusion and beta-cjuag followed by a second hot extru-
sion and cold rolling. This cold rolled sheet of Zr1Nb wererttannealed at 853K for one hour. The

thickness of the sheet was 0.6 mm. Samples of dimension 1Qrimm were cut from that sheet.

The irradiation experiment was performed on the samplegube 116 MeV O beam from

Variable Energy Cyclotron (VEC), Kolkata. The irradiatiorseés were 510/, 1x 108, 2x10'® and
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8x10'® O°/m2. The beam current was kept constant at 150 nA. The sample eyrpkess-tight
with an aluminium flange which was directly cooled by contins flow of water. During irradiation,
the average temperature of the sample did not rise above s easured by the thermocouple
connected to the closest proximity of the sample. The risemperature upto 313 K was attained

within 160 seconds in each case and then became stable trtipdrature.

The X-ray diffraction profiles of all the samples were re@atdvith the help of Bruker D8
Advance diffractometer with Cu-€radiation. The range of@2was 30 to 10X with a step scan of
0.02. The time per step was 20 seconds. PAS experiment was p&dorymthe unirradiated sample
as well as on the samples irradiated at different doses.ilDéthe experimental method for PAS has
been discussed already in Chapter’2Na with strength~ 10 pCi was used as the positron source
for this experiment. The time resolution of the prompt gargaenma coincidence of the circuit was

200ps as measured by%Co gamma source.

Isochronal annealing experiment was also performed ondhegke irradiated at a dose of
1x10'8 O°F/m? in a temperature range of 373K to 1073K at an interval of 10DKdur annealing at
each temperature stage). PAS measurements were carried this sample at different temperature

stages of the isochronal annealing experiment.

3.4 Method of analysis

The broadenings associated in the XRD peaks obtained froomin@diated and irradiated samples,
carry the information about the microstructural featureside the samples. This microstructural
information can be extracted from the X-ray diffractiontpats by analyzing them using suitable
model based approaches. The Williamson-Hall techniquetlaadodified Rietveld Method have
been adopted here to study the microstructural variatiom fasiction of dose from XRDLPA. The
data obtained from PAS have been analyzed using the coomahtivo-state trapping model. Detailed

discussion on the abovementioned methods have been gichajmer 2.
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3.5 Results and discussion

SRIM 2003 [155] was used to calculate the range of 116 M@V ©ns in Zr-1Nb. The total target
displacements of the collision events in Zr1Nb alloy hasnbg®own in Figure 3.1. The range was
found to be 66um. The maximum dpa at the peak region was found to be 0.15 éohitihest dose
of irradiation. The average dose rate was estimated andsitfevand to be 2.410° dpa/s for the

highest dose of irradiation.

COLLISION EVENTS

Target Displacements

10

.08

.06

.02

Number/lon/Angstrom

L i G L

! L L L 0
0A - Target Depth - 100 um

Figure 3.1: Target displacements by 116 Me®%Qons on ZriNb alloy.

The X-ray diffraction patterns obtained from the unirradéhsample as well as from the high-
est irradiated samples has been shown in Figure 3.2. Thegedlaiew of the (101) peaks for both
of the diffraction patterns has been shown in the inset. is figure, broadenings can be clearly
observed for the XRD patterns for irradiated samples. Thiadkening has been arisen due to the

microstructural changes in the samples due to the heavyradiation. Again, it is clear from Figure
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Figure 3.2: XRD profiles for (a) unirradiated sample and (sl irradiated at the highest dose
(8x10'® O°*/m2.) The broadening of the (101) peak for the irradiated samyjile respect to the
unirradiated one has been shown clearly in the inset.

3.2 that, the relative intensities of the XRD peaks did nohgeamuch even up to the highest dose of
irradiation. This observation ensures that, the initigtuee of the sample did not change significantly
due to the effect of heavy ion irradiation. Thus the broadgsiassociated in the XRD profiles for

irradiated samples have been arisen solely due to the chargemain size and microstrain inside

the samples.

The Williamson Hall (W-H) plots for the unirradiated andadiated samples have been shown
in Figure 3.3. If the domain size and strain distributionshie sample become isotropic, i.e. if their
values along different crystallographic directions remanchanged, then the plots obtained from
the W-H equation (equation 2.18) will show a linear trend.wdwer, for our case, the points in the
W-H plots were found to be scattered for all the samples whigblies a strong anisotropy in the
domain size and microstrain along different crystallogiagmlirections. Moreover, starting from the
unirradiated sample, the scattered nature of the pointseiW\-H plots becomes less with increasing
dose of irradiation, tending to get a nearly linear trendhatdose of 2 10'® O%*/m?. However, after

this dose of irradiation, the points in the W-H plot again getre scattered. Since the initial texture
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Figure 3.3: Williamson-Hall plots for the unirradiated an@diated Zr-Nb samples.
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of the sample did not change much due to irradiation, so thagés in the nature of the W-H plots is
mainly due to the changes in the domain size and strain laisiton inside the samples caused by the

heavy ion irradiation.

The estimated values of the integral breg@itlong each crystallographic direction have been
plotted against the dose of irradiation, which is shown iguFé 3.4. In general, during heavy ion
irradiation, since the microstructural imperfections lie frradiated samples increase with the dose
of irradiation and then saturates at the higher doses, sslomgld also get an increase ffnwith
increasing dose of irradiation. However in the presentystaddden decrease in the valuefofvas
observed at a dose o&2A080°+/m?, along the most crystallographic directions. Since thegrl
breadth( for a certain XRD peak profile carries the microstructurabiniation of the sample along
the corresponding crystallographic plane, so it is exgkttat the change in microstructure of the
samples during the heavy ion irradiation is responsiblargkethis type of anomalous observation.

However, a detailed discussion on this observation will laelenin the later part of this section.

A typical Rietveld fit for the XRD pattern of Zr-1Nb sample witlighest dose of irradia-
tion (2x10'® O°>*/m?) has been shown in Figure 3.5. The microstructural parasiéite surface
weighted domain sizel)s), average microstrair(z(f)% and average dislocation densify) has been
estimated by Modified Rietveld method. The variations of ¢hescrostructural parameters against
the dose of irradiation have been plotted in Figure 3.6. Astitadecrease in domain size (Figure
3.6(a) and subsequent increase in microstrain (FiguréBi$bserved at the initial stages of irra-
diation, which tend to saturate at the higher irradiatiosedoexcept at the dose ok 208 O+ /m?
(marked by arrow). The variation of the estimated dislaratiensity has been shown in Figure 3.6(c).
The dislocation density also increases initially with E&sing dose of irradiation and then shows an
anomaly at that specific dose 0k20'® O>*/m?. All of these observations are in correspondence

with the result shown in Figure 3.4, and can be explained l&sifs:

The radiation damage by heavy ions>(Q) produces displacement cascade in the irradiated

sample consisting of highly localized interstitials andtamacies. During irradiation, these mobile
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Figure 3.5: Rietveld fit for the XRD porfiles of oxygen irradidt&r1Nb sample at a dose ok80'®

0>+ /m2,

point defects interact with the existing microstructurelted sample by long range diffusion [156].
The mechanism behind the migration of these mobile poirgatefis mainly governed by three dif-
ferent reaction paths: i) the annihilation of point defeattthe extended sinks such as surfaces, grain
boundaries and the existing dislocation network, ii) thel@eation of the point defects to make defect
clusters; this process take place by the homogeneousardetween the point defects of the same
type, iii) the growth of the defect clusters like the disltiea loops and voids by agglomeration of the

point defects.

The enhancement of the radiation induced diffusion duniragliation results in the migration
of the vacancies, their agglomeration and then collapsirige shape of dislocation loops. However,
the formation of the dislocation loops by collapsing of tlaeancy clusters is only possible when the
concentration of the vacancies in the irradiated mateisatsexcess to their equilibrium values. It is
observed that, at the initial stages of irradiation, thesitgrof dislocation increased up to an order of
magnitude. This increased dislocation density in turn a& aink for the vacancies. Hence, annihi-

lation of the vacancies also takes place during irradiad®a competing process to the generation of
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vacancies. With further increase in irradiation dose, th@falation of vacancies increases because
of the increase in sink density (dislocation density) duiaéocollapse of new vacancy clusters. When
the rate of annihilation of vacancies is comparable withrtte of its generation, a saturation of the
dislocation density is observed. This effect has been wbden the earlier work with N& and
O°* irradiated Zr-1Nb-1Sn-0.1Fe samples [157, 158, 159]. Hewen case of proton (light ion)
irradiation studies [160], no clustering beyond trivacamwas observed even up to the highest dose of
irradiation characterized by PAS. Moreover, the dislaratiensity also did not show any significant

change in case of the proton irradiated Zr-1Nb-1Sn-0.1FRekss [161].

In our present work, a sudden decrease in the dislocatiositgielmas been observed at a
specific irradiation dose of 2108 O°+/m? (Figure 3.6(c)). This anomaly can be well explained
by taking recourse to the PAS results obtained in our samfles value of the positron lifetime in
case of the unirradiated sample was found to be 231ps (FRjdjewhich corresponds to that of a

monovacancy in pure Zr (228 ps) [162].
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Figure 3.7: Variation of2 with irradiation doses for the Zr1Nb samples.
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Table 3.1: Values of4, 12 and b, for the unirradiated and irradiated Zr1Nb samples.

Irradiation doses (&/m?) | t1 (ps) | 12 (ps) P
Unirradiated 128+3 | 231+5 | 43.4+3.4
5x 107 13242 | 250+4 | 47.7+2.4
1x10!8 13743 | 253+4 | 50.7+2.8
2x10!8 119+4 | 215+4 | 56.1+3.8
8x 1018 125+4 | 230+4 | 52.3+3.7

Table 3.2: Effective domain size, microstrain and dislmeatiensity along different crystallographic
planes for the unirradiated and irradiated Zr1Nb samples.

Domain size Microstrain Dislocation density
(nm) (10°3) (10m~2)
Error=t2 Error=+10° Error=+5x10'3

Dose Unir | 5x 1x 2% 8x Unir | 5x 1x 2x 8x Unir | 5x 1x 2x 8x
(©°*/m?) | radi | 107 | 10'8 | 10'8 | 10'8 | radi | 107 | 10'8 | 10'® | 10'8 | radi | 10Y7 | 10'® | 10'® | 10'®

— ated ated ated

002 107 30 30 51 34 0.6 191 | 194 | 152 | 194 | 0.1 452 | 460 | 2.10 | 4.05

101 106 30 26 46 34 06 | 1.86 | 1.95| 1.55| 1.70 | 0.2 | 437 | 524 | 2.39 | 3.52

102 109 30 29 49 34 0.7 189 | 194 | 153 | 1.85 0.1 446 | 483 | 2.20 | 3.84

103 111 30 29 50 34 0.7 190 | 194 | 1.53 | 1.89 0.2 449 | 471 | 2.15 | 3.95

112 107 29 26 47 32 0.7 188 | 1.92 | 1.54 | 1.89 0.2 466 | 516 | 2.32 | 4.24

The estimated values 0% for the irradiated samples indicates the presence of th@rand divacan-
cies inside the samples except at a dosexdf@® O°>"/m?, where the values is 215 ps. This low value
of T at this specific dose of irradiation helps us to concludettiate are no dominant vacancies in
the material at this dose. Hence this low valuagtan be attributed solely to the presence of the
dislocation loops [163]. The absence of vacancies and therlgalue of dislocation density at this
dose (Figure 3.6(c)) can be explained as follows. At thei@ddr dose of irradiation, if the rate of
annihilation of vacancies into the sink (dislocation lopgeminates over the rate of their creation,
a situation may arise where all the vacancies that are demis annihilated in the sinks lowering
the sink density (dislocation density) itself. In our earlstudies of irradiation on Zr-1Sn-1Nb-0.1Fe

[157, 158] by N&+ and O energetic ions we did not observed this anomaly. The deibilse PAS

results have been shown in table 3.1.

The estimated values of effective domain si2g)( microstrain and dislocation densities along
different crystallographic planes have been shown in Tale In this case also, anomaly was ob-

served in the values of effective domain size, microstrathdislocation density at the dose of 208
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O°F/m?. Moreover, for the cases of the unirradiated sample andah®les irradiated at doses of
1x10'8 and 2<10' O°*/m?, significant changes were observed in the values of efiectamain
size along different crystallographic direction. But whemsidering the samples irradiated at the
doses of % 10'® and 8«10 O°*/m?, these values remained almost unchanged along differgsit cr
tallographic directions. In order to get a clear picturewlibe shapes of the domains at different
doses of irradiation, the projections Bt on two mutually perpendicular crystallographic direcion
((200) and(002)) were estimated and plotted on a third plane containing thegfdirections (Figure

3.8). From Figure 3.8, itis clear that the shapes of the dosnaie almost isotropic for the samples
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Figure 3.8: Projections of effective domain size on the @laontaining the direction®02 and
(100 (first quadrant) for Zr1Nb samples.

irradiated at doses of-&610Y" and 8<10'® O°*/m?. However, for the samples irradiated at doses of
1x 10 and 2<10'® O°>*/m?, the domains are slightly anisotropic in shape, with lasgdues along
(002 directions.
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Figure 3.9: Variation oft and b with isochronal annealing temperature for the Zr-1Nb sampl
irradiated at a dose of410* O5/m?.

The isochronal annealing experiments following the PA8lission the ¥ 10'® O°*/m? sam-
ple reveals a drastic fall ab (Figure 3.9(a)) up to a temperature of 573K due to the aratibih of the
vacancies. As observed in Figure 3.9(b), the initial insesi@l, can be attributed to the increase in
the concentration of mono-vacancies resulting from theadimtion of vacancy-impurity complexes.
Upadhyaya et al. [164] have observed the dissociation adin@cimpurity complexes in Zr-0.5Nb
system around a temperature 523K. According to Cottrell | 168 following relation approximately
describes the binding energy of a vacancy with a foreign atdmch has a size misfiy with the

matrix lattice:

Ep = 8murgn? (3.1)

wherep is the shear modulus of the matrieg is the matrix atom radius angl= i<%> where,
ri is the impurity atom radius. Using Eq. 3.Ep for vacancy-niobium complexes in zirconium
matrix is found to be around 0.08 eV which corresponds to gé&rature around 619 K. This value

approximately matches with the peak temperature obsernvEdjure 3.9(b).
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3.6 Conclusion

XRDLPA have been used successfully to extract the microstracparameters like the average
domain size, microstrain and average dislocation densithe oxygen irradiated Zr-1Nb samples.
Anomaly in the change of these microstructural parametre heen observed at some specific dose
of irradiation, which proves that the irradiation inducentrastructure in this alloy is very much dose
dependent in the low dose regime. PAS results also reveaktine anomaly at that specific dose of
irradiation. Isochronal annealing studies followed by A experiments reveal the signature about
the presence of vacancy solute atom complexes at the stitigés of annealing, which get dissociated

at the higher annealing temperatures.
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Chapter 4

Studies of Microstructural Imperfections of Powdered Zwaium

Based alloys

4.1 Introduction

The dimensional changes of different zirconium based alioyder severe operating condition inside
nuclear reactors are mainly governed by their initial mstmacture of thex-phase. Even the me-
chanical properties of these materials are highly cortdaly thea-phase texture and its dislocation
structure. However, the presence of the second phaselgsiiticthea-phase microstructure is also
responsible in controlling the different important medlahproperties of these materials. These mi-
crostructural changes cause the significant change in tygesdnd breadth of the XRD peak during
the X-ray Diffraction experiment. Hence, by applying shleamodel based techniques, the XRD line
profiles can successfully be analysed to extract the micrctsiral features inside the materials. There
is a number of different theories developed to relate varidiglocation distributions to the shape or
breadth of an X-ray diffraction line [166, 167, 168, 169, 1701, 172]. In most of the cases, the
broadening of XRD peaks due to microstructural changes isdngples comes from (1) the hetero-
geneous elastic strain distribution inside the sample lwhrises due to the presence of dislocations

(microstrain); and (2) the finite size of the region boundgdlislocations from which the diffraction
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is coherent (domain size). For heavily deformed Zr alloythwairandom distribution of dislocations,
i.e. no dislocation polygonization or pileup, it has beesuased in some treatments that the coherent

diffracting domain size corresponds to the average distaetween dislocations [173].

Among the different techniques to analyse the XRD line prsfiteextract the microstructural
features, the most commai-initio tecnique is the Warren and Averbach [166] technique whigh ha
allready been successfully applied to determine the disloie densities in deformed Zr and Zr-alloys
[174, 175, 176]. In the case where all dislocations have éimeesBurgers vector, the conversion to
dislocation density is achieved by the use of approprialdéredion factors, determined by direct
measurements of the dislocation densities using transmigdectron microscopy. However, this
method posses a large degree of experimental error due toothplex nature of the dislocation
structure (mixed screw and edge character), which are asamnmiformly distributed throughout a
given material. Moreover for heavily deformed samplespotrerlapping of the highly strained regions
impose a limitation in viewing the microstructure by TEM. @e contrary, the X-ray diffraction Line
Profile Analysis (XRDLPA) evaluates the microstructuralgraeters in a statistical manner, averaged

over a large volume (Bpm?) [177], and the analysis is much easier, reliable and quick.

4.2 Objective of the present study

In the earlier observation [178], the detailed microstnmaitstudies on lattice imperfections in heavily
deformed Zircaloy-2, Zr-2.5Nb and Zr-1Nb-1Sn-0.1 Fe (&radme Zirlo) have been performed using
Warren-Averbach Technique. The values of the average dosiaés estimated for all the alloys
appeared to be smaller compared to that in pure Zr due to #sepce of second phaggghase)
and intermetallic particles. In our present study, the ostuctural characterization on these heavily
deformed powder samples of zirconium-based alloys has bagred out using Integral Breadth
method by single peak analysis, Modified Rietveld Method thase whole powder pattern fitting

technique and Double Voigt analysis.
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4.3 Experimental

The alloy ingots of Zircaloy-2, Zr-2.5Nb and Zirlo were pegpd by double vacuum arc melting fol-
lowed by pB-quenching. The ingots were hot extruded at 1073K and theooaled. The powders
were obtained by careful hand filing of the homogenised afigpts. The flat diffractometer samples
from these powders have been prepared by making briquatstandard sample holders using solu-
tion of canada balsam in xylene as binder [179]. X-ray diffi@an profiles have been recorded using
a Bruker AXS D8 Advance Diffractometer using Cgladiation. All the diffraction profiles were
obtained by varying @ from 25’ to 100" with a step scan of 0.02and a scan time of 0.5 sec/step.
The diffraction profiles were corrected for the instruméhbtaadening using a silicon sample, which

had large crystallites and was free from defects.

4.4 Method of analysis

The heavy deformation of the samples using the finely thiiepdellery files cause the introduction
of a large number of dislocations inside the samples. Thangement of dislocation inside the
materials is significantly responsible for microstructusiaange of these materials. Generally, the
line width of a XRD peak arises due to the instrumental widtkthefdiffractometer, broadening due
to the small cell or domain and microstrain within the domadence, using the suitable model based
techniques of XRDLPA, these microstructural features caexteacted successfully. The analysis
of line shapes allows one to characterise the microstrechore thoroughly in terms of microstrain
and average domain size. The Simplified Breadth Method u$ie@g/bigt function modelling for
single peak analysis, the Modified Rietveld Method using whmbwder pattern fitting technique
and the double Voigt method have been adopted here in ordemalyse the diffraction peaks of
Zircaloy-2, Zirlo and Zr-2.5Nb. All these three techniquee based on the analysis of the shapes

of the broadened diffraction profiles. In case of the SingdifBreadth Method, the individual peak
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have been fitted by a Voigt function to extract the volume \wig average domain sizB\) and the
microstrain €) along the corresponding crystallographic direction. Madified Rietveld Method
has been used to fit all the diffraction peaks simultaneowdly suitable weightage by a pseudo-
Voigt (pV) function. The surface weighted average domaie 9Ds), effective domain sizel)
along different crystallographic directions and the ageraicrostrain values within the domain were
then evaluated. The double Voigt technique has been adtpteeberate the Cauchy and Gaussian

part of both the size and strain component of the microsiratbroadening, and the results have

NI

been used to estimate the value®gf Dy and(e?(L)) 2.

Here it should be noted that, The maximum solubility of Nloi#Zr is about 1.5 wt percentage
[180] and the rest of the Nb occurs as phase. So, in case of Zr-2.5Nb and Zirlo the volume
fraction of the beta phase is very low. Moreover flaphase is finely dispersed [181] throughout the
matix in the alloys after annealing, and hence it can not leatied by Xray diffraction technique

[180, 181]. Due to this reason, the analysis in each case aseglon single phase(h.c.p) only.

4.5 Results and discussion

The values oD, ande¢ for heavily deformed powdered samples of Zircaloy-2, Zatwd Zr-2.5Nb
obtained by single peak analysis have been shown in Tabldt4an be observed that the values of
Dy is lowest in case of all the XRD peaks for Zr-2.5Nb as compaoeditcaloy-2 and Zirlo. This
observation can be explained as due the presence of Nb wésticts the grain growth, resulting in
a finer average domain size for the presence of higher voluactidn of 3-phase. The microstrain

values did not vary significantly with the variation of consfiins as observed in Table 4.1.

Figure 4.1 shows a typical Rietveld fit for the deformed Zidonple. The results obtained from the
Modified Rietveld technique and the double Voigt technique lbeen given in Table 4.2 Table 4.3

respectively. Here the values Df obtained from the Modified Rietveld technique has been foand t
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Table 4.1: Values oDy and ¢ for heavily deformed powdered samples of Zirlo, Zr-2.5Nk an
Zircaloy-2 obtained by single peak analysis. The maximurorerin D, ande are +£25 angstrom
and=+0.5x10°, respectively.

Peak Zirlo Zr-2.5Nb Zircaloy-2
Dy(angstrom)| £(103) | Dy(angstrom)| £(10 ) | Dy(angstrom)| £(10 )
(1,0,0) 151 4.98 210 3.53 265 3.42
(0,0,2) 431 5.99 249 3.56 257 2.7
(1,0,1) 225 5.33 183 4.36 312 4.25
(1,0,2) - - 151 4.31 160 6.11
(1,1,0) 384 4.98 08 1.34 169 2.47
(1,0,3) 184 3.62 102 1.61 120 6.06
(0,0,4) 288 3.79 87 1.98 147 1.43

be comparable with the results obtained by double Voigtrtegre. In case of Zirlo and Zr-2.5Nb,
smaller values of the domain size have been observed foréiseipce of two phase structurea.e- 3

in both of the alloys.
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Figure 4.1: Typical Rietveld fit for deformed powdered Zirbmsple.

The similar observation has also been obtained in the eartiek [178]. However, since Zircaloy-2

is a single phase alloy, the domain sizes estimated for Hoig laas shown larger values. During the
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Table 4.2: Values ob, and(sZ(L)ﬁ for heavily deformed powdered samples of Zirlo, Zr-2.5Nd an
Zircaloy-2 obtained by Modified Rietveld method

Sample Ds(angstrom) (€2(L))2(1073) p(10°m—2)
maximum error=t12 | maximum error=£5x10"° | maximum error=+5x 1013
Zirlo 103 1.17 8.09
Zr-2.5Nb 100 1.31 9.30
Zircaloy-2 168 1.51 6.38

Table 4.3: Values oDs, Dy and(sz(L))% for heavily deformed powdered samples of Zirlo, Zr-2.5Nb
and Zircaloy-2 obtained by Double Voigt method

Sample Bsc Bsc Boc Boe Ds(angstrom) (€2(L))2(10°9) Dy(angstrom)
(103 | (10®) | (10®) | (1072 | maximum error=15 | maximum error=£5x10~> | maximum error=t17
Zirlo 0.43 0.31 0.02 0.18 116 2.46 156
Zr-2.5Nb 0.42 - - 0.32 117 3.38 233
Zircaloy-2 0.29 0.20 0.10 0.04 172 2.77 236

deformation of this alloy, the predominant slip occurs anpghimary glide plane ((100) plane) and the
dislocation form coplanar arrays. As the deformation peosgfurthur, the process of cross slip takes
place and the multiplication process operates. By this psydhe cold worked structure is formed
which is made of high dislocation density regions in the fafrtangled network or cells. Hence
the characteristic microstructure of Zircaloy-2 in theVigadeformed state is a cellular substructure
which results in due to the entanglement of dislocationsghisianalysis also, the average microstrain

((sZ(L)ﬁ) values did not change significantly in these three alloys.

On the other hand, the microstructure of both Zr-2.5Nb anth Ziontains fine distribution
of the 3-phase. Since the Nb enrich@ephase is softer than tleephase, the dislocations generated
during deformation of this soft phase form loops around tleephase. This process leads to the cre-
ation of cell structures or domains. This phenomenon taleesince the generation of dislocations
retains the continuity between the two phases, which isssaeg to avoid any void and micro-cracks

during deformation.

In the Double-Voigt method, at least two reflections fromshene family of crystallographic
planes were considered for analysis. Here both the sizeteasid broadened profiles were approxi-

mated by a Voigt function and the Cauchy and Gaussian comp®oéthe size and strain broadened
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profiles Bsc,BsaPoc andPBpc) were separated alori@01) and listed in Table 4.3. From table 4.3, it
can be observed that the size broadened profile containghmtbauchy and Gaussian components
of the integral breadth except for Zr-2.5Nb. The size braagprofile in case of Zr-2.5Nb is found to
be Cauchy in nature whereas the strain broadened profile iss@aLThdDs values obtained from the
Modified Rietveld method are found to be less in case of botlo Aind Zr-2.5Nb. The variation of
microstrain (sZ(L)ﬁ) with the Fourier lengtit for the deformed powdered samples has been shown

in Figure 4.2. Thee values for all the samples have been found similar. Figuerépresents the
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Figure 4.2: Variation of(sZ(L)ﬁ with Fpurier lengthL for heavily deformed powdered samples of
Zirlo, Zr-2.5Nb and Zircaloy-2 obtained by Double Voigt rhet.

volume weghted column length distribution functiBiL) with L. It has been observed from Figure

4.3 that the size distribution has been significantly naedwaown in case of zirlo.

The different model based techniques of XRDLPA used in thegrestudy, are very popular
and widely applied to many studies in the field of materiaiersme. For extracting the different
microstructural parameters, these techniques are complary to each other. However the single

peak and the paraller peak analysis as done in the Simplifiealdin Method and in the Double Voigt
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Figure 4.3: Volume weighted column length distribution dtion for heavily deformed powdered
samples of Zirlo, Zr-2.5Nb and Zircaloy-2 obtained by Daulbigt method.
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Technique, does not require any structural model and hdwcartalysis are much simpler in these

cases.

This study helped us to understand the microstructure tdréifit zirconium-based alloys un-
der their heavily deformed condition, with the help of difiat model based techniques of XRDLPA.
Among these techniques, the Simplified Breadth Method anDthuble Voigt analysis gave informa-
tion of the microstructure based on only the individual paaklysis. On the contrary, the Modified
Rietveld Method gave quantitative information of the mit¢rostural parameters considering all the

diffraction peaks.

4.6 Conclusion

Different model based approaches of X-ray Diffraction LRrefile Analysis have been used to char-
acterize the microstructure of the heavily deformed Ziraortbased alloys. These techniques are

suitable as the analysis is much easier, reliable and quidican be easily adopted in the shop floor
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practice where characterisation of the average micrastralqgparameters are mandatory. These tech-
nigues help one to achieve the information of the microstma¢ parameters like cell size or domain

size, dislocation density, microstrain within the domasngeraged over a volume of 1m3.
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Chapter 5

In-situ Studies of Evolution of the Microstructure with Temgrature
in Heavily Deformed Ti-modified Austenitic Stainless Stegl K-ray

Diffraction Technique

5.1 Introduction

The deformation of solid polycrystalline materials caugeseration of a large amount of dislocations
inside the materials. Mutual interactions of these didioca significantly controls the resulting

microstructure of the deformed materials. However, besttle different microstructural alteration

resulting from the dislocation dislocation interactiohe tdeformed microstructure also contains a
complex feature like texture (grain orientation and graiation). Again the microstructural changes
of these deformed materials during annealing involve nbtthe changes in the configurations of the
dislocations, but at the same time the process also invalwgmnge in the texture. Around the year
of 1950, extensive works on the recovery of deformed mdsediaring annealing has been reviewed
by Beck [182], Bever [183] and Titchener and Bever [184]. Aftett in spite of the growing interest

on the search of quantitative physically-based modelsherannealing process [185], the study of

the evolution of the microstructural features during diaeglement of the dislocation network at the
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earliest stage of annealing has not been addressed. Thisftgpudy can be performed only by XRD
technique, after eliminating the effect of texture. This ¢@ done using an aggregate of powder
samples in heavily deformed state which contains a hugelatpu of dislocations in the form of
tangles, but completely looses the information of prefitiwaentation due to the randomization of

the crystallographic orientation.

5.2 Review of the earlier studies

The process of annealing of the deformed materials can bdateinto three different stages like re-
covery, recrystallization and grain growth. During theaesry of deformed materials, the microstruc-
tural changes occur in a smaller length scale, and henceatderobserved by optical micrography.
However, recovery of deformed materials causes the paesébration of their physical and mechan-
ical properties. Hence the recovery process can be studdcectly by measuring the changes in
the different physical and mechanical properties of a seéat materials. Another important method
to study the recovery is to measure the release of the stord)\eof the deformed microstructure

during its recovery.

There is a series of experiments performed by Clareboroudltalleagues [186, 187, 188]
in which they have studied the stored energy release in copjp&el and aluminium during recov-
ery. However, during the recent years after the developmfengh sensitivity Differential Scanning
Calorimetries (DSC), the study of recovery from measuringéhease of the stored energy became
very much popular in the field of materials science. Durin§@,%chmidt and Haessner [189] stud-
ied the recovery of deformed high purity aluminium at low fErature with the help of DSC. In this
experiment, the material was deformed at 77K and maintaahéuht temperature until the DSC has
been done. They have observed a small and a wide peak in thel@@€around 203K along-with a
large and a narrow peak around 253K. The wide peak was thatsignof the recovery of the material

where the narrow peak was observed due to the recrystailizat
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The indirect ways to study the recovery of a deformed mdtenalve the measurement of
different mechanical and physical parameters like hasingsld stress, resistivity etc. The kinetics
of the recovery process is explained based on the rate ofeksarbserved in these parameters during
recovery [7]. Besides a large number of studies based onnile¢i¢s of the recovery of single crystals
deformed in single slip [190, 191, 192, 193, 194, 195, 19&jr¢ is also a good number of reported
works on the studies of recovery kinetics of the deformegggktalline materials [197, 198, 199].
However, the interpretation of the different types of remgkinetics require the understanding of the
different physical processes which are taking place dumegvery. According to Humphrey et al.,
there are three different mechanisms acting during thegsoof recovery: dislocation rearrangement,
dislocation annihilation and subgrain growth [7]. Hence $tudy of recovery and it’s interpretation
from the view of dislocation interactions became a field ofdinterest. In 1966, Li [200] studied
the recovery in deformed copper and explained the recovegegs as originating from the kinetics
of dislocation dipole annihilation and showed that the cdtehange of the dislocation density)(is
proportional top™, where m=2. The similar type of variation in dislocation sign (with m=3) was

also observed later on by Prinz. et al. [201] when the studers performed on the deformed nickel.

However, in case of deformed polycrystals, the dislocasimacture is much more complex
and the recovery process is not controlled fully by the meigma of dislocation dipole annihilation.
In this case, the mechanism of dislocations movement beadsnean important factor in controlling
the rate of recovery. Although under the application of sidfit thermal energy, the dislocation
movement is significantly controlled by the climb processuteng in a faster rate of recovery, at
moderate temperatures, the movement of dislocations isatlea simultaneously by the climb and

glide mechanism which become a significant factor in colwtigpthe rate of recovery [191, 202, 203].

The Stacking Fault Energy (SFE) of the material is an esslgrdrameter which significantly
controls the arrangement of the dislocation network un@éordhed condition. For materials with
medium or high stacking fault energy, dislocations arereyea during deformation to form a three

dimensional cell structure, with the cell walls made of tbenplex dislocation tangles. The sizes of
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the cells depend upon the material’s property and the anafuhe deformation experienced by the
material. During the initial process of recovery, the Idggangled dislocations along the cell walls
rearranges them to form low angle grain boundaries (subdraundaries). In case of the metals
and alloys with low melting points, dynamic recovery takémcp where the dislocations form the
well defined subgrain structure during or after the deforomatin these cases, the recovery process
involves mainly a coarsening of the subgrain structure. él@wthe deformation of the materials with
low stacking fault energies does not result in a well defindzbsain structure, rather the dislocations
form loosely bound tangles inside the material. Recoverpi@$¢ materials also does not result in the
well defined subgrain formation because in these caseystatlization starts before the significant

recovery can take place.

Hence, the most important microstructural evolution dgin@covery is the formation of sub-
grains from the cell structure, or from the loosely tangléslatation networks which are formed
during deformation. A number of TEM studies were performedrdy the years of 1960-1980 by
Bailey and Hirsch [204], Carringtoet al. [205], Hu [206], Lyttonet al. [207] and Hasegawa and
Kocks [208]. Besides the microstructural changes obseruedglthis stage of recovery, significant
changes in the mechanical properties of the materials weoer@ported by Lyttoret al. [207] and

Hasegawa and Kocks [208].

Besides the evidences of subgrain formation, there are alderees of subgrain rotation
during the last stages of recovery process where thin foifewe alloy systems were studied in-situ
at High Voltage Transmission Electron Microscope [209Ud&ts of subgrain growth in polycrystals

have also been performed using the Molecular Dynamics sitoul [210, 211].

There are a large number of reported theoretical and expatahstudies which involve the
kinetics of the subgrain growth during the recovery peribthe annealing process. For most of the

cases, the kinetics of the subgrain growth was found toviolle following equation:

D" = D]+ Kt (5.1)
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whereD is the subgrain size after a time t from the starting of reppyeocess.Dg is the subgrain
size at t=0 and K is a temperature dependent rate constaiferddit recovery studies performed by
Smith and Dillamore [212], Sandsin et al. [213], Varma and Willits [214], Varma and Wesstrom
[215] and Varma [216] revealed that the value of exponentatoise to 2. However, the larger values
of n has also been reported in the the later investigatioh,[218, 219]. Studies on the kinetics of
the subgrain growth during the recovery of single crystdbieed in plane strain condition, have

been performed by Ferry and Humphreys [220] and Huang andoHteys [221].

5.3 Obijective of the present study

Though a large number of studies have been performed to stedsinetics of the subgrain growth
during recovery of the deformed materials, the sizes of thigsains in all these studies [212, 213,
214, 215, 216, 217, 218, 219] were found to vary within thegeaof 0.1 m to few microns. However,
in the very early stages of microstructural evolution dgramnealing of heavily deformed materials,
the length scales of the substructures are much less thea shgrains~10nm). Humphrey et al.
[7] emphasized that, it is difficult or rather impossible twderstand the mechanism of the formation
of the subgrains from the lowest length scale substrucasré)e microstructural evolution during this
stage cannot be observed in-situ. Moreover, in heavilyrdedd sample, the dislocation strain fields
overlap due to the presence of high density dislocationl¢snd his overlapped strain fields imposes
a limitation to view the region by TEM during the earliestggaof annealing. On the contrary, since
the X-Ray probes an average volume of 1@ within the sample and the wavelength of the X-ray
is comparable with the length scale of these substructtires{RD can be a unique characterization
tool to acquire the statistically averaged informatiomirthe spatially heterogeneous substructure of
the deformed polycrystalline materials in situ during aadimg). In this work, for the first time, XRD
technique has been used to study the evolution of this lolwegth scale substructure at the earliest

stage of annealing. However, in case of pure metals or dillibgs, the dynamical process rate of
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the evolution of these substructures at the earliest sthgenealing is very fast and hence imposes
a restriction to capture the data in short interval of timEsus the evolution of the microstructure at
this stage can be studied only if the kinetics can be sloweadiy the addition of alloying elements.
There are substantial evidences that the fine particle diggemay exert strong pinning forces on the
growth of subgrains [222, 223]. Because of this reason theepiestudy has been performed on Ti-
modifed austenitic stainless steel (D9), rich in alloyifeneents, which is an important core structural
material for Prototype Fast Breeder Reactor [224], being latiiindira Gandhi Centre for Atomic
Research (IGCAR), India. The material exhibits high resistaagainst the irradiation induced void
swelling and creep phenomena, as well as an appreciableiatioln of high temperature tensile
and creep strength properties [225, 226]. The powder saniaee been obtained from the bulk
annealed material by introducing severe deformation withhelp of finely threaded jewelry file.
The evolution of the lowest length scale substructure of fmwdered sample has been studied in-
situ using high temperature XRD technique, both with time samdperature. In the following text,

these substructures will be referred to, as domain.

5.4 Experimental details

The alloy D9 was obtained in the form of rods of 30 mm diametéhé hot rolled condition. Rods of
26 mm diameter were machined from these hot rolled rods amh@ solution annealing treatment

at 1373K for% h followed by water quenching.

The heavily deformed D9 powder was obtained from these aedieads by careful hand
filing using the finely threaded jewelry file. The powder paes come out by this method experience
extreme shear deformation [227] possible in case of bulkpgesnand thus ensures the presence
of high population of dislocations inside them. Fine pdescin the size range of 74-8§8n were

extracted from this D9 powder with the help of 170 and 200 nsésves.
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The High Temperature X-ray Diffraction experiments weref@ened on these samples us-
ing the Bruker AXS D8 Advance Diffractometer with the AntonalPadigh temperature attach-
ment HTK 16. The attachment consisted of an electricallytdeedlatinum strip of dimension
100mmx 10mmx 1mm which acted as the sample stage as well as the heatemwdlentls of the Pt
strip were water cooled and maintained at the temperatu283K (temperature of the water chiller).
A Pt-Rh thermocouple was attached at the bottom middle ofttiyfe @nd the temperature was con-

trolled at the required level with the help of an Anton PaakH® temperature controller.

A required amount of the severely deformed D9 sample wasdaell on a slide and then it
was mixed with a few drops of isopropyl alcohol and a drop gi@a ™ which acted as a binder. The
mixture was then pasted uniformly on the Pt stage with thp béh spatula. An external metallic
groove was used to maintain the uniformity in dimension aadkmg of the sample on the stage
during mounting, which was taken out after mounting the damfhe whole stage was then isolated
from the surroundings by a vacuum chamber which was conthéota turbo molecular pump to
maintain a high vacuum inside the chamber. During the exparis, the vacuum inside the chamber

was better than $10° mbar.

Two different types of high temperature XRD experiment wesdgrmed on these samples
using the Co-Ki radiation. The first experiment deals with study of the kiteebf the microstruc-
tural evolution of heavily deformed D9 samples at differeletvated temperatures 673K, 773K, 823K,
838K, 845K, 853K and 873K. As the kinetics of the microstuuat evolution is a thermally assisted
phenomenon and becomes fast at high temperature, thusetct tieis evolution using XRD with a
good precision, the study has been limited up to a temperatu873K. In each case, the desired
temperature was attained to the samples at a rate of 1.66 Kigkthen the X-ray scan was started.
As the process of microstructural evolution is very fass iequired to collect the information of the
evolution in-situ at a close interval of time. However, tihed required for a full profile scan was
much larger (almost around 30 minutes with the scan step0&f @aken at 0.5 sec/step) and that’s

why the study was limited to the highest intensity peak (1ddly which is also the slip plane of the
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Ti-modified austenitic stainless steel. The scan was peddrbetween 48and 53.8 which required
a minimum scan time of 222 seconds including the instrumejuisiment time after optimizing dif-
ferent instrumental parameters for obtaining an acceptpbbk to background ratio for the (111)
peak. One hundred and forty five number of X-ray scans for)(pgak were collected successively

within a time of 9 hours to understand the kinetics.

In the second experiment, the X-ray data was collecteduresitoom temperature and subse-
quently at different elevated temperatures ranging fro8+3® 873K. At each temperature, the scan
range of ® was 26 to 122 with a step of 0.02taken at 0.5 sec/step. Each sample was heated to the
different pre-defined set temperatures followed by a s@pir® hours to stabilize its microstructural
evolution before acquisition of the data. The experimerg parformed several times to check the

reliability and repeatability of the observed data.

TEM studies were carried out on the deformed and annealeckéded at 873K for 9 hours)
powder samples. In each case, a small quantity of the powdsrswspended in acetone solution
and the solution was sonicated for 7 hours. A drop of thistemuvas put onto the TEM grids and
was allowed to dry and stored in a vacuum dessicator. Theogriaphs were obtained using a JEOL

200kV TEM at the unit of Nanoscience and Technology, IACS Kidtd, India.

5.5 Method of analysis

The X-ray data obtained from different experiments havenlaaelyzed using suitable model based
techniques. The single peak analysis of the diffractiotepatof the (111) plane has been performed
to characterize the in-situ time dependent evolution ohtieostructure at different elevated temper-
atures. The true integral breadf) ©f each XRD (111) peak profile was evaluated after correcting
for the Debye Waller factor at that particular temperaturd also for the instrumental broadening
contribution. This3 was used to calculate the volume weighted average domar(®jz using the

Scherrer’s method. The microstructural variation with pemature has been studied by full powder
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pattern fitting technique using the Modified Rietveld methodtie diffraction profiles. Consider-
ing the isotropic model, the lattice parametay, Surface weighted average domain sig)@nd the
average microstrai(£L2>% were used simultaneously as the fitting parameters to otitaibest fit.
Having obtained the values @fs and(stﬁ, the average domain size and microstrain were further
refined using anisotropic model to estimate the effectiveaia size D¢) for each crystallographic

plane.

5.6 Results and discussion

Figure 5.1 represents the variation of normalized integraadth & Bo being the initial values of

the integral breadth at each temperature) with time atraiffeelevated temperatures. From figure 5.1
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Figure 5.1: Variation of normalized integral breadth withe at different elevated temperatures.

it is observed that the normalized integral breadths witltetbecome almost stationary at different
temperatures after 9 hours. This happens due to the saturatthe microstructural evolution after
that specified interval of time, and helps us to choose a deBoiaking time of 9 hours for the second

part of our experiment.
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Figure 5.2 represents the XRD profiles of the samples at rooméeature and at different

elevated temperatures after soaking of 9 hours. The chamgjes intensity patterns in this figure are
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Figure 5.2: XRD profiles of the heavily deformed D9 powder skesi@t room temperature and at
different elevated temperatures.

observed due to the microstructural changes in the sampkesodchange in the temperature. The

inset of Figure 5.2 shows changes in the intensity of the)(p&ak in an expanded scale.

The Rietveld fit of a typical XRD profile at a temperature of 823&Heen shown in Figure
5.3. The variations dbg and(eLz)% of these samples are shown as a function of temperatureumnd=ig
5.4 and Figure 5.5 respectively. Figure 5.4 reveals sigmfichanges in the values D with tem-
peratures. The average domain size for the sample at roopetatare was found to be around 14nm.
A small increase iDs is observed up to 673K followed by a steep rise, reaching tavanage value
of 29 nm at 873K. The formation of domains at room tempera&me at high temperature mainly
depends on two factors: i) the initial arrangement of digtmmns in the deformed materials which was
established during the process of deformation and ii) thbility of dislocations by the climb and

glide processes during annealing. Since the climb proseteithermally activated phenomenon,
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Figure 5.3: Rietveld fit of a typical XRD profile at a temperataf&23K.

this provides additional degrees of freedoms for the mowveroé dislocations at higher tempera-
tures. Thus the probability of dislocation movements bgnblincreases with increase in temperature
which in turn increases the probabilities of their rearemngnts and annihilations. Hence, the steep
increase irDg after 673K can be attributed to the higher probability ofatiation rearrangement and

annihilation at high temperature by the process of climb.
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Figure 5.4: Variation of surface weighted domain sixefor D9 powder samples as a function of
temperature.
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Figure 5.5: Variation of average microstre(mz)% for D9 powder samples as a function of tempera-
ture.

The variation of effective domain sid@. with temperature along different crystallographic
planes is represented in Figure 5.6. The valuBoat different crystallographic planes shows strong
anisotropy at all temperatures. The increasBdrup to 673K may be attributed to the glide process
only. Since the movement of dislocations by glide is mordgveble in the crystallographic planes
(111) and (220), a monotonic increaséigwith temperature has been observed for those two crystal-
lographic planes. On the other hand, the movement of distotaby glide is restricted for the other
two crystallographic planes, which gives rise to a non momiat variation inDe with temperature
along (200) and (311). However at higher temperatures &#8K, the climb process gets activated
which results in a smooth and steep increas®dnwith temperature, for all the crystallographic

planes.

Figure 5.5 represents the variation of microstréﬁi[?ﬁ with temperature. From the figure
it is clear that the microstrain values did not change sigaifily even after the soaking of 9 hours
at the highest temperature (873K). This observation isegexipected in case of D9 alloy which is
rich in alloying elements. The high solute content of thisyalestricts the movement of dislocation

[73], and thus prevents the microstrain to be relaxed eveto tipe temperature of 873K. Thus the
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Figure 5.6: Variation of effective domain siz® for D9 powder samples along different crystallo-
graphic planes.

variation in the XRD peak shape with temperature and timenduhe earliest stage of annealing can
be considered as solely due to the variation in the domaaa@ity. Hence in the next part of our
discussion, it is considered that the variation in the XRDkg@aadening with time and temperature

has arisen solely due to the change in the finite domain size.

The variation of the normalised volume weighted domain Bigéwith respect tdg at each
data set, wherBy is the initial domain size) with time at different elevatetnperatures is presented
in Figure 5.7. From the figure it can be clearly observed thagrowth rate of domains at the initial
stage is significantly high as compared to the later stage htige amount of dislocations introduced
inside the samples during deformation, are randomly agdrmg loosely bound tangles all over the
sample as shown in Figure 5.8(a). When a thermal energy idisdpp the sample, the dislocation
mobility increases and the dislocations start rearrangtimgure5.8(b)) due to the mutual interactions
among themselves. This rearrangement of the dislocatemdts in a decrease of the configurational
entropy of the system. Consequently the internal energysis lawered, which in effect reduces

the total free energy (Helmholtz free energy) of the systéhis overall dynamical process leads to
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Figure 5.7: Evolution of normalized volume weighted domsigeD,, with time at different tempera-
tures for the D9 powder sample.The solid and the dotted te@®sent the final fit of the experimental
data using Egs. 5.3 and 5.5 respectively.

the formation of domains as shown in Figure 5.8(c,d). Dutimgformation of the domains through
the mechanism of rearrangement of dislocations, the ledllislocation density becomes very high
along the domain boundaries as compared with the interiottseodomains. Hence the probability
of the annihilation of these dislocations becomes highglte domain boundaries, resulting in the
growth of the domains as shown in Figure 5.8(e). Hence thieigoo of the domain growth at the very
early stages of recovery may be explained as to be governeddgistinct mechanisms. During the
initial stage (stage 1), the rearrangement of dislocatlmrsomes the predominant mechanism which
leads to the formation of the domains. At the later stageéstB, the annihilation of dislocations at
the domain boundaries become predominant, leading to tivetlgiof the domains. The dynamics of
domain rotation has not been considered here as it is welVinioat this mechanism plays significant

role only at high temperature [7].

In the initial stage, the randomly arranged loosely bourgllodations present in the heav-

ily deformed sample participate in the formation of domdigighe process of rearrangement among
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Figure 5.8: Schematic representation of the (a) randonslyiduted dislocations in heavily deformed
sample, (b) initial stage of dislocation rearrangemenftajenation of domains with rearrangement of
dislocation, (d) annihilation of dislocation and (e) grovaf domains due to dislocation annihilation.
themselves. This process of rearrangement continuesait angle tilt boundary with a high disloca-
tion density is achieved and the formation of domain is alrnomplete. Hence we get a significantly
high rate in the increase of domain size at stage | comparstdde Il. After the formation of domain,
the domain attains almost a fixed size surrounded by theyhaitangled dislocations, which act as
domain boundary. Due to the presence of these highly ergdmtiglocations, annihilation among the
dislocations predominates at the domain boundaries anddhmin boundary thickness decreases

leading to the growth of the domain with a rate which is muduwslr than stage I.

During the initial stage (stage |), the dislocations stagtsranging themselves to attain the
equilibrium condition (minimum energy configuration), atidls process leads to the formation of
domains. If we consider the rearrangement of dislocatigni@ sole mechanism to be responsible
behind the growth of the domains, then after the equilibricondition reached, the domain size
certainly will reach at some maximum valug{). Now as the rearrangement process goes forward

towards its equilibrium condition, the process rate getsvel. Hence, if we considdDd, as the
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instantaneous domain size, then the rate of increaBg will be proportional to the differencé, —

Dy), i.e.

9 ky(Dm-Dy) 52)

wherek; is the rate constant. This leads to:

Dy(t) = Drn— (D Dyl-o) exp(—) (5.3)

wheret = k—ll which is the characteristic time of the dynamical process.

When a domain is formed, the dynamical process involved igestabecomes predominant
as the localised dislocation density takes a high valueeattimain boundaries. Since, the average
dislocation density per unit volume will be larger for snealllomains, the localisation of dislocations
at the domain boundaries will be more in this case and hercarthihilation probability will also be

higher, leading to a higher rate of domain growth. Hence e of domain growth in stage Il can be

mathematically modelled as:

dDy ky
vV _ ¢ 54
dt DY (5.4)
wherek; is the rate constant. This leads to the equation:
DZ = D5+ Bt (5.5)

with n= 1. Here,Dg is the initial average domain size of this process Bngla constant.
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The variation oD, as seen in Figure 5.7, has been modelled using the equat®as®5.5.
The final fit of the experimental data using these two equati@ve been represented in the Figure
5.7 by the solid and dotted line respectively. Since theodegion climb is a thermally activated pro-
cess, it makes the movement of dislocations much easiegla¢hiemperatures, thus facilitating the

rearrangement and annihilation of the dislocations to p&ee much faster. This observation can be

(@) (b)

Figure 5.9: Selected Area Diffraction (SAD) patterns for lfaavily deformed D9 powder sample,
(b) sample after 9 h annealing at a temperature of 873 K.

seen clearly from Figure 5.7 where the first mechanism @egement of dislocations) switches over
to the second mechanism (annihilation of dislocation) aweel time with the increase in tempera-
ture. However, it is interesting to note that, below 823K daga (at temperatures 673K and 773K)
could be fitted with equation 5.3 only. This signifies thatiarrangement of dislocations is the sole
mechanism behind this small increase of domain size. Thegrmhtion helps us to conclude that
below 823K, even if the annealing is done for a sufficientlygdime, complete recovery would never

be achieved in Ti- modified austenitic stainless steel.

TEM studies were carried out at room temperature on heaeilgrched powder sample and

on annealed sample at 873K for 9 hours. Figure 5.9(a) and)sB6ws the Selected Area Diffraction
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(SAD) pattern for the deformed and annealed samples regplgctThe corresponding micrographs
has been shown in Figure 5.10(a) and 5.10(b). The preseimighty strained regions are observed in
Figure 5.10(a) which are formed due to the presence of hgJbahtion tangles throughout the matrix
as expected in a heavily deformed structure. These highiynsd regions could not be romoved

significantly even after the annealing at 873K for 9 hrs, andlearly seen in Figure 5.10(b). The

(a) (b)

Figure 5.10: Transmission Electron Micrographs for (a)vilgadleformed D9 powder sample, (b)
sample after 9 h annealing at a temperature of 873 K.

spacing between the consecutive distorted regions waslftaube of the order of 10nm for heavily
deformed sample and 20nm for the annealed sample. Thess\auespond to the coherent region

(domain) as detected by the XRD.

5.7 Conclusion

The high temperature XRD technique has been used succgdsfstiudy the microstructural evolu-
tion of the heavily deformed D9 powder samples during théiesstrstages of annealing, both with

time and temperature. The domain size was found to increeternsatically with increase in tem-
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perature. Two distinct mechanisms were found to be resplensi controlling the kinetics of the
microstructural evolution at the earliest stage of recgvene is the rearrangement of dislocations
and another is their annihilation. The climb process becomeéive at high temperature which finally

governs the kinetics of both rearrangement and annihilatfdhe dislocations.
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Chapter 6

Conclusions

In the present thesis, the microstructures of differenfearcstructural materials have been studied
using the XRD technique. The studies have been performedfianedit types of PHWR and FBR
core structural materials under their deformed or irralatonditions. In case of the Zr based al-
loys, the studies have been performed under heavily defbamd irradiated conditions. The heavily
deformed powders of D9 alloy have been used to study thetunasicrostructural evolution during
the early stages of annealing. Different model based tgciesi of XRDLPA have been used to an-
alyze the XRD data obtained from the different samples. Theasiructural information inside the
different nuclear core structural materials could be eté@d successfully using these model based

techniques of XRDLPA.

The irradiation of Zr-1Nb alloy samples with 116 Me\PDions caused significant changes
in their microstructure. The XRD data obtained from these@ashave been analysed successfully
to extract the different microstructural parameters likendin size, microstrain and dislocation den-
sity. These microstructural parameters have been foundriosignificantly with the variation of the
irradiation doses. Anomaly was found in the values of thegmeastructural parameters at a specific
dose of irradiation (2 1018 O°*/m?) which proved that the post irradiated microstructure ofLKib

alloys are very much dose dependent in the low dose regime.
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The microstructural information of different Zr-basedogh under their heavily deformed
powdered condition have been extracted successfully udiffigrent model based techniques of
XRDLPA. The methods were found to be complementary to eadr.ottowever among the different
model based techniques of XRDLPA, the Modified Rietveld Teghaiis the most reliable technique
as it is based on the whole pattern fitting method. The domags svere found to be smaller in case
of the Zr-2.5Nb and Zirlo compared to that of Zircaloy-2. Tpresence of Nb enrichggiphase in
o-Zr matrix of Zr-2.5Nb and Zirlo was found to be responsibiecontrolling the domain growth,

resulting in a smaller domain size compared to that of Zogdl.

Beside the successful application of the different modektaschniques of XRDLPA to
study the deformed and irradiated microstructure of ceifémreactor core structural materials, the
techniques also have been used successfully to study thesmicctural evolution of the heavily
deformed D9 powder samples during the early stages of angeabth with time and temperature.
In this study, high temperature XRDLPA has been used suadbsEir the first time to know about
the evolution of the lowest length scale dislocation sulzstres at the early stages of annealing.
Systematic increase in the domain size have been obsertednerease in the temperature. The
kinetics of the microstructural evolution at the early gimgf annealing was found to be controlled by
two distinct mechanisms, one is the rearrangement of ditilmes and another is their annihilation.
The growth of these lowest length scale substructures glting early stages of annealing have been
modeled successfully from the light of these two mechanisifise climb process was found to
become active at higher temperature which finally goverhedkinetics of both rearrangement and

annihilation of dislocations.
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Different model based approaches of X-ray diffraction line profile analysis have been
applied on the heavily deformed zirconium-based alloys in the powdered form to
characterize the microstructural parameters like domain size, microstrain and dislocation
density. In characterizing the microstructure of the material, these methods are
complimentary to each other. Though the parameters obtained by different techniques

are differently defined and thus not necessarily comparable, the values of domain size and
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microstrain obtained from the different techniques show similar trends.

© 2010 Elsevier Inc. All rights reserved.

1. Introduction

Zirconium alloys are used in Pressurized Heavy Water
Reactors and undergo dimensional changes during service
which are largely dependent on the initial microstructure of
the alpha phase, which constitutes over 90% of the material
volume. The mechanical properties of Zr-based alloys com-
ponents in reactor are largely controlled by the alpha phase
texture and its dislocation structure. The determination of
bulk dislocation densities in metals is typically undertaken by
analysis of X-ray diffraction lines for various diffracting
planes. A number of different theories have been developed
to relate various dislocation distributions to the shape or
breadth of an X-ray diffraction line [1-7]. In most cases, the
two main contributions of dislocation to line broadening are
(1) the non-uniform elastic strain distribution arising from the
presence of dislocations, usually referred to as microstrain;
and (2) the finite size of the region bounded by dislocations
from which the diffraction is coherent, usually referred to as
domain size. The size contribution comes from the mean
separation of dislocations and the contribution is inversely

* Corresponding author. Tel.: +91 33 2318 4460; fax: +91 33 2334 6871.

E-mail address: paramita@vecc.gov.in (P. Mukherjee).

proportional to the dislocation density. On the other hand
microstrain arises from the internal stress fields due to the
presence of dislocations [8]. For heavily deformed Zr alloys
with a random distribution of dislocations, i.e., no dislocation
polygonization or pileup, it has been assumed in some
treatments that the coherent diffracting domain size corre-
sponds to the average distance between dislocations [9].

One method commonly used to separate the strain and
domain size components of the broadening is that given by
Warren and Averbach [1]. This method has been adopted for the
determination of dislocation densities in deformed Zr and Zr
alloys [10-12]. In the case where all dislocations have the same
Burgers vector, the conversion to dislocation density is achieved
by the use of appropriate calibration factors, determined by
direct measurements of dislocation densities using transmis-
sion electron microscopy. This method in itself is subject to a
large degree of experimental error, primarily because disloca-
tion structures are complex (mixed screw and edge character)
and are also not uniformly distributed throughout a given
material. Moreover, the sample preparation for Transmission
Electron Microscope (TEM) is highly time consuming and may

1044-5803/$ - see front matter © 2010 Elsevier Inc. All rights reserved.
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cause some changes in the defect structure during sectioning
and polishing. The technique is also not suitable for character-
izing the heavily deformed materials as the strain fields
generated due to the presence of the dislocations overlap. On
the contrary, the X-ray diffraction Line Profile Analysis
(XRDLPA) evaluates the microstructural parameters in a statis-
tical manner, averaged over a volume of 10° pm? [13]. Moreover,
the analysis is much easier, reliable and quick and the specimen
preparation requires very little time.

In our earlier observation [14], we have carried out detailed
microstructural studies on lattice imperfections in heavily
deformed Zircaloy-2, Zr-2.5 wt.% Nb and Zr-1Nb-1Sn-0.1 Fe
(trade name Zirlo) using Warren-Averbach Technique. In all
these alloys, the average domain size appeared to be smaller
compared to that in pure Zr due to the presence of second
phase (8-phase) and intermetallic particles. Microstrain values
were found to be more in case of Zircaloy-2 and Zr-1Nb-1Sn-
0.1 Fe as compared to pure Zr.

In the present study, we have carried out microstructural
characterization using Integral Breadth method from single
peak analysis, Modified Rietveld Method based on whole
powder pattern fitting technique and double Voigt analysis on
these heavily deformed powder samples of zirconium-based
alloys. Although the Warren-Averbach technique is model
independent and it is possible to obtain much more informa-
tion such as column length distribution function, the behav-
iour of strain as a function of the averaging distance in
domains etc., the method has serious drawbacks. Zr-based
alloys with high symmetry and almost no overlapping peaks
could provide information on microstructual parameters quite
accurately using the Warren-Averbach technique as observed
in our earlier studies [14]. In this work, we have tried to see the
feasibility of the model based approaches on line profile
analysis of these alloys.

2. Experimental Procedure

The alloy ingots were prepared by double vacuum arc melting
followed by p-quenching. The ingots were hot extruded at
1073 K and then air-cooled. A small piece of sample was cut
from the alloy ingots and annealed at 1023K for 5h. The
powders were obtained by careful hand filing of this annealed
sample. The flat diffractometer samples from these powders
have been prepared by making briquettes in standard sample
holders using solution of Canada balsam in xylene as binder
[15]. X-ray diffraction profiles have been recorded using a
Bruker AXS D8 advance diffractometer using CuK, radiation.
All the diffraction profiles were obtained by varying 20 from
25° to 100° with a step scan of 0.02° and a scan time of 0.5 s/
step. The diffraction profiles were corrected for the instru-
mental broadening using a silicon sample, which had large
crystallites and was free from defects.

3. Method of Analysis

Diffraction of radiation on matter corresponds to a Fourier
transform from real space to momentum space; hence the X-ray

diffraction pattern of a sample represents a complete mapping
of its structure and microstructure in the momentum space
which is often called reciprocal lattice in periodic structure. In
most investigations, the structural information is extracted
from the diffraction pattern namely the angular positions and
intensities of the Bragg peaks. Here, however, we are interested
in the microstructure. Generally, theline width of a Bragg peakis
due to the instrumental width of the diffractometer, broadening
due to the small cell or domain and microstrain within the
domain. The analysis of line shapes allows one to characterize
the microstructure more thoroughly in terms of microstrain and
average domain size. The Simplified Breadth Method using the
Voigt function modelling for single peak analysis, the Modified
Rietveld Method using whole powder pattern fitting technique
and the double Voigt method have been adopted here in order to
analyze the diffraction peaks of Zircaloy-2 and Zr-2.5 wt.% Nb.
All these three techniques are based on the analysis of the
shapes of the broadened diffraction profiles. For the Simplified
Breadth Method, we have fitted the individual peak by a Voigt
function to find out the volume weighted average domain size
(Dy) and the microstrain (¢). In the Modified Rietveld Method, all
the diffraction peaks were fitted simultaneously with suitable
weightage by a pseudo-Voigt (pV) function. The surface
weighted average domain size (Ds), effective domain size (D)
along different crystallog{aphic directions and the average

microstrain values <gf>2 within the domain were then

evaluated.

In this connection, it is worth mentioning that the p-phase
(b.c.c) which is present in Zr-2.5 wt.% Nb alloys could not be
detected by X-ray diffraction. It is well known that the
maximum solubility of Nb in a-Zr is about 1.5 wt.% [16] and
the rest of the Nb occurs remains in the B-phase. As the
annealing was carried out at 1023 K for 5 h, decomposition of p
phase occurs as fine discrete particles at the o grain
boundaries [17]. This # phase is homogeneously distributed
as fine particles throughout the matrix and the size of the p
particle is much lower than the detectable limit of the X-ray
diffractometer [16,17]. So, the analysis in each case was based
on single phase « (h.c.p) only.

3.1. Simplified Breadth Method

In this method [18], each diffraction peak is fitted by a Voigt
function if the shape factor ¢ (defined by FWHM/Integral
breadth) of the peak is in between 0.63 and 0.94, where FWHM
is Full Width at Half Maximum. Here, the Cauchy component of
the Voigt function is entirely attributed to the domain size while
the Gaussian component is attributed to the microstrain. The
relation between D, (volume weighted domain size), ¢ (upper
value of the microstrain), . and f5; is given by Langford [19].

N
V= B, coso @)
and
_ Ps
©= tane (2)

where f. and j3; represent the Cauchy and the Gauss component
of the integral breadth respectively.
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3.2.  Modified Rietveld Method

In this method, the diffraction profiles have been modelled by
a pseudo-Voigt (pV) function which is a linear combination of a
Cauchy and a Gaussian function. The program LS1 [20] used
for this purpose includes the simultaneous refinement of the
crystal structure and the microstructural parameters like the
domain size and the microstrain within the domain. The
method involves the Fourier analysis of the broadened peaks.
An isotropic model was assumed and the lattice parameters,
surface weighted average domain size (D) and the average

microstrain <sf>5 were used simultaneously as the fitting
parameters to obtain the best fit. The dislocation densities p
have been measured from the relation [21] p = VPpPs» where
pp=3/D3 (dislocation density due to domain size) and
ps = k<s§> / Ez(dislocation density due to strain), k is a material

constant and b is the modulus of Burger’s vector, 1[1120].
3.3. Double Voigt Technique

Cauchy or Gaussian function exclusively cannot model the peak
broadening. Therefore, the size and strain effects are approxi-
mated by a Voigt function [22], which is a convolution of a Cauchy
and a Gaussian function. The equivalent analytical expressions
for Warren-Averbach size-strain separation [1] are then
obtained. The Fourier coefficients F(L) in terms of a distance, L,
perpendicular to the diffracting planes is obtained by Fourier
transform of the Voigt function [22] and can be written as

F(L) = (-2Lpc-nL?B2) 3)

where, fc and f; are respectively the Cauchy and Gauss
components of total integral breadth . fc and f; can be written
as:

Bc = Bsc + Poc (4)
ﬁcz; = ﬁszc + ﬁg(; (5)

where, ffsc and fipc are the Cauchy components of size and strain
integral breadth respectively and fBsgc and fpc are the
corresponding Gaussian components.

The size and distortion coefficients are obtained consider-
ing at least two reflections from the same family of crystal-
lographic planes. The surface weighted average domain size
Ds and strain <82(L)>5 are given by the equations:

Ds =1/ 2Bsc (6)

2sinf
i 7)

<82(L)> = {ﬁgc/(zﬂ + Boc/ (EZL)} /S? where S =

The volume weighted domain size [18] is given by:Dy = é
where g = @, integral breadth in the units of S, (A)~".
The volume weighted column length distribution functions

are given by:

d2As(L)
dr2 ®

P, (L)L

Table 1-Values of Dy and & for heavily deformed
powdered samples of Zirlo, Zr-2.5 wt.% Nb and Zircaloy-2

obtained by single peak analysis. The maximum errors in
Dyand ¢ are +25 A and +0.5x 1073, respectively.

Peak Zirlo Zr-2.5 wt.% Nb Zircaloy 2
D, () ¢(@103 D,A) ¢(@103 D,@A) &(1073

(1,0,0) 151 4.98 210 3.53 265 3.42
0,02 431 5.99 249 3.56 257 27

(1,0,1) 225 5.33 183 4.36 312 4.25
(1,0,2) = = 151 431 160 6.11
(1,1,0) 384 4.98 98 1.34 169 247
(1,03) 184 3.62 102 1.61 120 6.06
(0,0,4) 288 3.79 87 1.98 147 1.43

For a size-broadened profile, the size coefficient is given as:
As(L) = exp(=2Lpsc-nL? ;) )
From Eq. (8), we get,

d?As(L)
dL?

= | (27LB,; + 265c)” 278 | As(L) (10)

Selivanov and Smislov [23] showed that Eq. (10) is a
satisfactory approximation of size distribution functions.

4, Results and Discussions

Table 1 shows the values of D, and ¢ for heavily deformed
powdered samples of Zircaloy-2, Zirlo and Zr-2.5wt.% Nb
obtained by single peak analysis. The domain size (D,)
obtained from individual peak is found to be lowest in case
of Zr-2.5 wt.% Nb as compared to both Zircaloy-2 and Zirlo in
majority of the peaks. This is due to the fact that the Nb
restricts the grain growth and as a result the average domain
size becomes finer for the presence of higher volume fraction
of p-phase. The microstrain values did not vary significantly
with the variation of compositions as observed in Table 1.
Fig. 1 shows a typical Rietveld fit for the deformed Zirlo
sample. Table 2 gives the results obtained from the Modified
Rietveld technique. It is seen that the values of Ds are
comparable with the results obtained by double Voigt
technique (Table 3). The domain size is smaller for the
presence of two phase structure i.e., o+ in both Zirlo and
Zr-2.5wt.% Nb. The similar observation has also been

Zirlo
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Fig. 1 - Typical Rietveld fit for deformed powdered Zirlo
sample.
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Table 2 - Values of Dg <ef>% and p for heavily deformed

powdered samples of Zirlo, Zr-2.5 wt.% Nb and Zircaloy-2
obtained by Modified Rietveld analysis.

Sample D, (A) (2):(107%)  p(10%) (m™?)
maximum maximum maximum
error=+12 error=+5x10"> error=+5x10*3

Zirlo 103 1.17 8.09
Zr-2.5 wt.% Nb 100 1.31 9.30
Zircaloy-2 168 1.51 6.38

obtained in our earlier work [14]. Zircaloy-2 being the single
phase alloy has a larger domain size. In the early stage of
deformation, the predominant slip occurs on (100) plane
which is the primary glide plane and the dislocations form
coplanar arrays. As deformation proceeds, cross slip takes
place and multiplication process operates. The cold worked
structure forms high dislocation density regions or tangles,
which soon develop into tangled networks or cells. Thus the
characteristic microstructure of this alloy in the cold worked
state is a cellular substructure resulting from the entangle-
ment of network of dislocations. In this analysis, the average

microstrain <<52(L)>2) values did not change significantly in

these three alloys.

On the other hand, both Zr-2.5 wt.% Nb and Zirlo have fine
distribution of B phase. The dislocations generated during
deformation of the soft phase p formed loops around «, which
is the hard phase, and created dislocation cell structures or
domains. This occurs as the generation of dislocations retains
the continuity between the two phases, which is necessary to
avoid any void and micro-cracks during deformation.

In the double Voigt analysis, both the size and strain
broadened profiles were approximated by a Voigt function and
the Cauchy and the Gaussian components of the size and
strain broadened profiles (Bsc, Bsc, Boc and fpg) were separated
along <001> and listed in Table 3. From Table 3, it is observed
that, in general the size-broadened profiles had both Cauchy
and Gaussian components of the integral breadths, except for
Zr-2.5wt.% Nb. In that case, the size-broadened profile is
generally Cauchy in nature and strain broadening profile is
Gaussian. The Dg values are found to be less in case of both
Zirlo and Zr-2.5wt.% Nb as observed by Modified Rietveld
Techniqlue. Fig. 2 shows the variation of microstrain

<a2(L)>7 with the Fourier length L for the deformed
powdered samples. It seen that the ¢ values are almost similar
for all three samples. Fig. 3 shows the volume weighted
column length distribution function P,(L) of the deformed
powdered samples with L. We did not find any systematic

s Zirlo
0.020 P o Zr-2.5% Nb
A Zircaloy?
0.015
o e}
A
=
~
3, 0.010
v
0.005 4
0.000 T ¥ T : T T T 4 T ) T
0 200 400 600 800 1000
L(A)

Fig. 2 - Variation of microstrain <€2(L)>22 with Fourier length
(L) for deformed powdered samples of Zitlo, Zr-2.5 wt.% Nb
and Zircaloy-2 obtained by double Voigt method.

variation in the values of D, with the change in composition.
The size distribution has been significantly narrowed down
for Zirlo as seen in Fig. 3.

The model based approaches like the individual profile
fitting using Simplified Breadth Method, Modified Rietveld
technique and double Voigt analysis have been applied to
many studies in the field of materials science. In character-
izing the microstructure of the material, these methods are
complimentary to each other. The individual peak profile
fitting as done in Simplified Breadth Method and double Voigt
analysis does not require any structural model which makes
the analysis much simpler. In the initial stage of data analysis,
these techniques play an important role as we have limited
knowledge about the material. The Modified Rietveld tech-
nique requires the assumption of the shape profile of the
diffraction peaks.

This study helped us to understand the suitability of
these techniques for the analysis of the microstructure of
the heavily deformed samples of Zirconium-based alloys.
Among these techniques, the Simplified Breadth Method
and the double Voigt analysis gave information of the
microstructure based on only the individual peak analysis.
On the contrary, the Modified Rietveld Method gave
quantitative information of the microstructural parameters
considering all the diffraction peaks. Hence, we find that
Modified Rietveld technique is the most suitable technique
for the analysis of the microstructure of the deformed solid
samples.

Table 3 - Values of Ds, Dy and <t-:2(L)>2 for heavily deformed powdered samples of Zirlo, Zr-2.5 wt.% Nb and Zircaloy-2

obtained by double Voigt method.

Sample Bsc (1072 Bsc (1002 Boc (10  fpg (107) Ds (A) maximum (2(L))* (10~3) maximum Dy (A) maximum
error=+15 error=+5x10"° error=+17
Zirlo 0.43 0.31 0.02 0.18 116 2.46 156
Zr-2.5 wt.% Nb 0.42 = = 0.32 117 3.38 233
Zircaloy-2 0.29 0.20 0.10 0.04 172 2.77 236
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Fig. 3 - Volume weighted column length distribution function
for deformed powdered samples of Zirlo, Zr-2.5 wt.% Nb and
Zircaloy-2 obtained by double Voigt method.

5. Conclusion

Different model based approaches of X-ray Diffraction Line
Profile Analysis have been used to characterize the micro-
structure of the heavily deformed Zirconium-based alloys.
These techniques are suitable as the analysis is much easier,
reliable and quick and can be easily adopted in the shop floor
practice where characterization of the average microstruc-
tural parameters is mandatory. These techniques help to
achieve the information of the microstructural parameters
like cell size or domain size, dislocation density, microstrain
within the domains, averaged over a volume of 10° pm?>,
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The mechanism of the evolution of the deformed microstructure at the earliest stage of annealing where
the existence of the lowest length scale substructure paves the way to the formation of the so-called sub-
grains, has been studied for the first time by X-ray diffraction technique. The study has been performed
at high temperature on heavily deformed Ti-modified austenitic stainless steel. Significant changes were
observed in the values of the domain size, both with time and temperature. Two different types of mech-

anism have been proposed to be involved during the microstructural evolution at the earliest stages of
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annealing. The nature of the growth of domains with time at different temperatures has been modelled
using these mechanisms. High-resolution transmission electron microscopy has been used to view the
microstructure of the deformed and annealed sample and the results have been corroborated successfully
with those found from the X-ray diffraction techniques.

© 2010 Elsevier B.V. All rights reserved.

1. Introduction

Microstructures arising out due to deformation in solid poly-
crystalline materials are quite complex and rich in detail,
encompassing many more features like texture, grain orientation
and rotation than just the microstructure formed due to the genera-
tionand entanglement of dislocations. Annealing of these deformed
materials results in a change of the microstructure owing to the
change in the configurations of dislocation but at the same time
the process involves a change in the texture and other microstruc-
tural parameters. Extensive early work on the recovery of deformed
materials has been reviewed by Beck [1], Bever [2], Titchener and
Bever [3]. However, during the later years, the search for quantita-
tive physically based models for the annealing process has shown
renewed interest [4]. Various stages in the recovery during anneal-
ing are the formation of dislocation tangles and cells, annihilations
of dislocation within cells, subgrain formation and subgrain growth
[5]. The study of the evolution of the microstructural features dur-
ing disentanglement of the dislocation network in the very early
stages of annealing has not been addressed so far. This study can be
carried out during annealing of an aggregate of powder sample in
heavily deformed state which has high density of dislocations in the
form of tangles. Moreover, the information of the preferred orien-
tation in the powder sample is eliminated due to the randomization
of the crystallographic orientation.

* Corresponding author. Tel.: +91 33 2318 4460; fax: +91 33 2334 6871.
E-mail address: paramita@vecc.gov.in (P. Mukherjee).

0921-5093/$ - see front matter © 2010 Elsevier B.V. All rights reserved.
doi:10.1016/j.msea.2010.09.102

There are some evidences of subgrain formation and rotation
during the last stages of recovery process where thin foils of few
alloy systems were studied in situ at high temperature using High
Voltage Electron Microscope [6]. Studies of subgrain growth in
polycrystals have also been carried out using Molecular Dynamics
simulation [7,8]. The sizes of the subgrains in these studies were
found to vary within a range of 0.1 wm to few microns. But in
the very early stages of microstructural evolution during anneal-
ing, the length scales of the substructures are much less than these
subgrains. Humphreys and Hatherly [9] have emphasised that the
understanding of the mechanism of the formation of the subgrains
from the lower length scale substructures is difficult or rather
impossible as the microstructural evolution during this stage can-
not be observed in situ. The overlap of the strain field due to the
presence of high density dislocation tangles in deformed sample
imposes a limitation to view the region by Transmission Electron
Microscope in the very early stages of annealing. On the contrary,
X-ray diffraction (XRD) technique can be a unique characterisation
tool to obtain the statistically averaged information of the evolution
of the spatially heterogeneous substructure of the deformed poly-
crystalline materials in situ during annealing as the wavelength of
X-ray is comparable with the length scale of these dislocation sub-
structures. For the first time we have used XRD technique to study
the microstructural changes during the very early stage of anneal-
ing. In the following text these substructures will be referred to, as
domain.

There are many theoretical and experimental studies involving
the kinetics of the subgrain growth during the recovery period of
the annealing process [10-18]. Sandstrom [19] have proposed a
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Table 1
Chemical composition in wt% of Alloy D9.

C Mn Ni Cr Mo N Ti S P Fe

005 150 15.04 1509 226 0.006 021 0.003 0.01 Balance

model describing the subgrain growth to occur in different ways:
by migration of sub-boundaries or dissolution of sub-boundaries.
The dynamical process involved during the earliest stage of anneal-
ing leading to the formation of domains of size around 10 nm from
loose dislocation tangles has not been addressed so far due to the
experimental limitation to view the domains of such length scale.
Moreover the process of rearrangement of dislocations being very
fast, it was not feasible to capture the evolution of the domain in the
earliest stage of annealing under TEM for pure metals or very dilute
alloys. The process of rearrangement of dislocations can be studied
at this stage only if the kinetics can be slowed down by addition
of alloying elements. There are substantial evidences that fine par-
ticle dispersion may exert strong pinning effect on the growth of
subgrains [20,21].

We have carried out our studies on Ti-modified austenitic stain-
less steel (D9), rich in alloying elements, which is an important
structural material for Prototype Fast Breeder Reactors [22]. This
material shows a very good combination of high temperature ten-
sile and creep strength properties, irradiation creep resistance and
resistance to irradiation induced void swelling [23,24]. We have
extracted the powder sample from the bulk annealed material by
introducing severe deformation using fine jewellery file. The evo-
lution of the microstructural changes as a function of temperature
and time of the powdered sample has been studied in situ with the
help of high temperature X-ray diffractometer. We have studied the
variation of the domain size and microstrain using X-ray diffraction
Line Profile Analysis (XRDLPA) systematically as a function of tem-
perature and time to understand the evolution of microstructure
in the very early stages of annealing.

2. Experimental

The chemical composition of alloy D9 is given in Table 1. The
steel was obtained in the form of rods of 30 mm diameter in the
hot rolled condition. Rods of 26 mm diameter were machined from
these hot rolled rods and given a solution annealing treatment at
1373 K for 1/2 h followed by water quenching.

The highly deformed D9 powder was prepared from these
annealed D9 rods with the help of finely threaded jewellery files.
Fine particles in the size range 74-88 pwm were extracted from this
D9 powder using 170 and 200 mesh sieves.

The High Temperature X-ray Diffraction experiments were car-
ried out on these samples using the Bruker AXS D8 Advance
Diffractometer with the Anton Paar high temperature attachment
HTK 16. The attachment consisted of a Platinum (Pt) strip heater
on which the sample is mounted. The whole stage was isolated
from the surroundings by a vacuum chamber which was connected
to a turbo molecular pump to maintain a high vacuum. During
the experiments, the vacuum inside the chamber was better than
5 x 10> mbar.

A required amount of the D9 powder sample was collected on
a slide and then mixed with a few drops of isopropyl alcohol and
a drop of Zapon™ which acted as a binder. This mixture was then
pasted uniformly on the Pt strip heater in a rectangular shape. Spe-
cial care was taken during the mounting of the sample to maintain
the uniformity in the dimension and packing, for all the experi-
ments.

Two different experiments using high temperature X-ray
Diffractometer were carried out on the samples using Co-K,, radi-
ation. In one of the experiments, an attempt was made to study

the kinetics of the evolution of the microstructure of the sam-
ples at different elevated temperatures 673K, 773K, 823K, 838K,
845K, 853 K and 873 K. Since, the rearrangement of dislocations is
a thermally assisted phenomenon, we had to restrict the annealing
studies up to 873K so that the related kinetics of the microstruc-
tural evolution at a very early stage could be detected by XRD. In
each case the sample was brought to the desired temperature at
a rate of 1.66K/s and then the X-ray scan was started. To under-
stand the kinetics of the microstructural evolution, it is required to
collect the information of the evolution in situ at a close interval
of time. Since the time required for a full profile scan was much
larger (almost around 30 min with the scan step of 0.02° taken at
0.5 s/step) the study was limited to the highestintensity peak(111)
only which is also the slip plane of the Ti-modified austenitic stain-
less steel. The scan was performed between 48° and 53.5° which
required a minimum scan time of 222 s including the instrument
adjustment time after optimizing different instrumental parame-
ters for obtaining an acceptable peak to background ratio for the
(111) peak. One hundred and forty five number of X-ray scans
for (11 1) peak were collected successively within a time of 9h to
understand the kinetics.

In the other experiment, the X-ray data was collected in situ
at room temperature and subsequently at different elevated tem-
peratures ranging from 323K to 873 K. At each temperature, the
scan range of 20 was 26° to 122° with a step of 0.02° taken at
0.5 s/step. Each sample was heated to the required set temperature
and a soaking time of 9 h was allowed for the sample to stabilise
its microstructural evolution before acquisition of the data. The
experiment was performed several times to check the reliability
and repeatability of the observed data.

TEM studies were carried out on the deformed and annealed
(annealed at 873K for 9h) powder samples. In each case, a small
quantity of the powder was suspended in acetone solution and the
solution was sonicated for 7 h. A drop of this solution was dropped
onto TEM grids and was allowed to dry and stored in a vacuum
dessicator. The micrographs were obtained using a JEOL 200 kVTEM
at the unit of Nanoscience and Technology, IACS, Kolkata, India.

3. Method of analysis
3.1. Single peak analysis

The single peak analysis of the diffraction pattern of the (111)
plane has been performed to characterise the in situ time dependent
evolution of the microstructure at different elevated tempera-
tures. The true integral breadth (8) of each XRD (11 1) peak profile
was evaluated after correcting for the Debye Waller factor at that
particular temperature and also for the instrumental broadening
contribution. This 8 was used to calculate the volume weighted
average domain size (D,) from the Scherrer’s equation [25]:

091
V'~ B cosé

(1)

3.2. Modified Rietveld method

The microstructural variation with temperature has been stud-
ied by full powder pattern fitting technique using the Modified
Rietveld method on the diffraction profiles. In this method, the
diffraction profiles have been modelled by the pseudo-Voigt
function using the program LS1 [26]. This program includes
the simultaneous refinement of the crystal structure and the
microstructural parameters like the domain size and the micros-
train within the domain. The method involves the Fourier analysis
of the broadened peaks. Considering an isotropic model, the lattice
parameter (a), surface weighted average domain size (Ds) and the
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Fig. 1. XRD profiles of heavily deformed D9 powder sample at different tempera-
tures.

average microstrain <8f)1/ % were used simultaneously as the fitting
parameters to obtain the best fit. Having obtained the values of D;

and (8%)1/ 2, the average domain size and microstrain were further
refined using anisotropic model to estimate the effective domain
size (D, ) for each crystallographic plane.

4. Results and discussion

The variation of 8 with time is obtained from the single peak
analysis at different temperatures. The value of 8 becomes almost
stationary at different temperatures after 9h. Hence it can be
assumed that there is saturation in the evolution of the microstruc-
ture which helped us to choose a definite soaking time at each
temperature for the second experiment.

Fig. 1 represents the XRD profile of the samples at room tem-
perature and at higher temperatures after soaking of 9 h. The figure
clearly reveals the changes in the intensity patterns due to the
change in the temperature. The inset of Fig. 1 shows changes in
the intensity of the (111) peak in an expanded scale.

Fig. 2 represents the Rietveld fit of a typical XRD profile at a

temperature of 823 K. The variations of Ds (Table 2) and (ef)l/2 of
these samples are shown as a function of temperature in Fig. 3 and
Fig. 4 respectively.

Significant changes were observed in the values of Dg with tem-
perature. The average size of the domain was found to be around
14 nm at room temperature. It is seen that initially the increase in
Dy is quite small up to the temperature around 673 Kbut a steep rise
is observed after this temperature, reaching a value of ~29 nm at
873 K. The formation of domains at room temperature and at high
temperature depends on the arrangement of dislocations during
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Fig. 2. Rietveld fit of a typical XRD profile at a temperature of 823 K.

Table 2
Variation of surface weighted average domain size D for the D9 powder sample as
a function of temperature.

Temperature (K) Surface weighted average domain size D; (nm)

303 14.19 £ 0.10
323 14.59 + 0.30
373 14.99 + 0.10
423 15.42 £ 0.26
473 15.74 £ 0.41
523 15.98 + 0.31
573 16.56 + 0.12
583 16.32 £ 0.11
593 16.68 + 0.30
603 16.89 + 0.49
613 16.82 + 0.31
623 16.92 + 0.43
633 17.00 + 0.32
643 17.18 £ 0.32
653 16.92 + 0.47
663 17.41 £ 0.18
673 18.11 £ 0.37
683 18.21 £ 0.37
693 18.21 £ 0.24
703 18.21 £ 0.24
713 19.00 + 0.30
723 19.65 + 0.21
733 20.07 + 0.42
743 20.23 +£ 043
753 20.63 + 0.48
763 21.15 £+ 0.50
773 21.61 £+ 0.51
823 24.29 £+ 0.82
873 28.86 + 0.64

the process of deformation and their mobility by glide and climb
during annealing [27]. The steep increase in Ds after 673 K can be
attributed to the higher probability of dislocation rearrangement
and annihilation at high temperature by the process of climb which
provides an additional degree of freedom for the movement of dis-
locations.

The variation of the values of the effective domain size D, at
different crystallographic planes shows strong anisotropy at all
temperatures (Fig. 5 and Table 3). The increase in D, with tem-
perature up to 673 K may be attributed to the glide process. The
movements of dislocations in the crystallographic planes (111)
and (22 0) occur by easy glide and hence the variation in D, with
temperature is monotonic. On the contrary, the movement of dislo-
cations by glide is restricted for the crystallographic planes (200)
and (311) and an anomalous behaviour of D, with temperature
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Fig. 3. Variation of surface weighted average domain size D for the D9 powder
sample as a function of temperature.
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Fig.4. Variation of average microstrain (8f> inthe D9 powder sample as a function

of temperature.

up to 673K is observed. However at high temperature, the climb
process becomes active which minimises this anomaly.

On the other hand, the microstrain values (5%)1/2 (Fig. 4) did not
change significantly up to the temperature of 873 K. This observa-
tion is quite expected in case of the alloy D9 which is rich in alloying
elements. The high solute content in the alloy restricts the move-
ment of dislocations [28], preventing the microstrain to be relaxed
even up to 873 K. Hence it can be conjectured that the change in
peak profiles is primarily governed by the variation in the domain
size. In our next part of the discussion, the variation in the peak
broadening with temperature and time has been considered to arise
solely from the domain size.

In order to study the kinetics of the growth of the domains, the
pofthe(111)peakestimated from our first experiment were used
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Table 3
Variation of effective domain size D, with temperature along different crystallo-
graphic planes.

Temperature (K) Effective domain size D, with temperature along different

crystallographic planes (nm), maximum error = +0.65 nm

De(111) D. (200) De (220) D.(311)
303 15.66 14.93 18.31 15.13
323 15.93 1418 18.68 14.68
373 16.07 14.90 18.84 15.23
423 16.11 13.73 18.73 14.41
473 16.42 16.05 19.17 16.15
523 16.87 10.62 19.73 12.68
573 17.62 15.28 20.61 15.95
623 18.11 18.23 21.33 18.20
673 18.64 17.50 21.73 17.82
723 20.17 14.00 23.52 15.93
773 21.17 17.83 2454 18.80
823 23.95 21.38 27.72 22.11
873 2831 28.03 32.74 28.11

to obtain the evolution of normalised D, (with respect to Dy at each
data set, where Dy is the initial domain size) with time at different
temperatures, as shown in Fig. 6. It is clearly evident from the figure
that the growth rate of domains at the initial stage is significantly
high as compared to that of the later stage. In a heavily deformed
sample, the high population of loosely bound dislocations intro-
duced into the sample form tangles as shown schematically in
Fig. 7(a). When thermal energy is supplied to the sample, these
dislocations rearrange themselves as shown in Fig. 7(b) resulting
in a decrease in the configurational entropy of the system. Conse-
quently the internal energy is also lowered, which in effect, reduces
the total free energy (Helmholtz free energy) of the system. Thus
the overall dynamical process leads to the formation of domains as
shown in Fig. 7(c, d). Due to this rearrangement of dislocations, the
localized density of dislocations at the domain boundary becomes
very high as compared to the interior of the domain. As a result, the
probability of annihilation of these dislocations increases leading
to the growth of the domains as shown in Fig. 7(e). Thus it can be
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Fig. 6. Evolution of normalized volume weighted domain size D, with time at differ-
ent temperatures for the D9 powder sample. The solid and the dotted lines represent
the final fit of the experimental data using Eqs. (2) and (3) respectively.

conjectured that the evolution of domain growth in the very early
stages of annealing as seen in Fig. 6, is governed by two simulta-
neous mechanisms, one is rearrangement of dislocations which is
predominant in the initial stage (stageI), and the other is their anni-
hilation which is dominant in the later stage (stage II). We have not
considered the dynamics of domain rotations in our discussion as it

is well known that this plays a significant role at high temperature
[9].

In the initial stage, the loosely bound dislocations participate
in the formation of domains and this process continues till a low
angle tilt boundary with high dislocation density is achieved and
the formation of domains is almost complete. Consequently, the
rate of increase in domain size is significantly higher in stage I as
compared to stage II (Fig. 6). In stage II, this rate decreases drasti-
cally as the domains almost attain a fixed size and the entangled
dislocations at the domain boundary annihilate each other.

These two distinctly different dynamical processes responsible
for the evolution of the domains in the very early stage of annealing
can be mathematically modelled as follows:

Had the process of rearrangement of dislocations been the sole
mechanism for the increase in the size of the domains, these would
certainly lead to a saturated average domain size (D). Hence, at
any instance of time for a fixed temperature, the rate of increase of
domain size (D,) will be proportional to the difference (D, — D),
i.e.

dD,

ar - k1(Dm — Dy)

where k; is the rate constant. This leads to
—t
Di(t) = Dy — (O — Do|,_y) exp () 2)

where 7=1/kq, which is the characteristic time of the dynamical
process.

o

2 Y
\

N

\

Fig. 7. Schematic representation of the (a) randomly distributed dislocations in heavily deformed sample, (b) initial stage of dislocation rearrangement, (c) formation of
domains with rearrangement of dislocation, (d) annihilation of dislocation and (e) growth of domains due to dislocation annihilation.

Fig. 8. Transmission Electron Micrographs for (a) heavily deformed D9 powder sample, (b) sample after 9 h annealing at a temperature of 873 K.
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In the dynamical process involving annihilation of dislocations
in stage II, the annihilation rate will be high for small sized domains
as the average density of dislocations per unit volume is more
for small domains, resulting in higher probability of annihilation.
Hence the rate of increase of the domain size can be mathematically
modelled as:

dDy _ ky
dt ~ DI

where kj is the rate constant. This leads to the equation
D2 = D3 + Bt (3)

with n=1. Here, Dy is the initial average domain size of this process
and B is a constant.

Egs. (2) and (3) have been used to model the increase in the
domain size as seen in Fig. 6. The solid and the dotted lines rep-
resent the final fit of the experimental data using Egs. (2) and (3)
respectively. It is seen clearly from Fig. 6 that the first mechanism
(rearrangement of dislocations) switches over to the second mech-
anism (annihilation of dislocation) at a lower time with the increase
in temperature. This can be explained by the thermally activated
climb process which becomes easier at high temperature; thus
facilitating the rearrangement and annihilation of the dislocations
to take place much faster. However, below 823K it is interesting
to note that the data at temperatures 673 K and 773 K could be fit-
ted with Eq. (2) only. This signifies that the small increase in the
domain size results due to the rearrangement of the dislocations
only. Hence it can be conclusively stated that below 823 K, even if
the annealing is done for a sufficiently long time, complete recovery
would never be achieved in Ti-modified austenitic stainless steel.

TEM studies were carried out at room temperature on heav-
ily deformed powder sample and on annealed sample at 873K for
9h and the micrographs are shown in Fig. 8(a) and (b) respec-
tively. Fig. 8(a) shows the presence of highly strained regions due to
the formation of high dislocation tangles throughout the matrix as
expected in a heavily deformed structure. Annealing at 873 Kfor 9 h
still did not result in significant removal of these structures which
is clearly seen by the presence of strained region even at 873K in
Fig. 8(b). It is also seen that the spacing between the consecutive
distorted regions is of the order of 10 nm for heavily deformed sam-
ple and 20 nm for the annealed sample. These values correspond to
the coherent region (domain) as detected by the XRD.

5. Conclusion
The microstructural evolution of heavily deformed D9 powder

samples during the very early stage of annealing has been stud-
ied in situ with time and temperature by high temperature X-ray

diffraction techniques. A systematic increase in the domain size
was observed with the increase in temperature. The Kinetics of the
microstructural evolution has been found to follow mainly two dif-
ferent mechanisms, one is the rearrangement of dislocations and
another is their annihilation. The climb process becomes active at
high temperature which finally governs the kinetics of both rear-
rangement and annihilation of dislocations.
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Abstract.

Zr—1Nb samples were irradiated with 116 MeV O°t ions at different doses ranging from 5 x 1017 to 8 x

10'8 O5*/m?. X-ray diffraction line profile analysis was performed to characterize the microstructural parameters
of these samples. Average domain size, microstrain and dislocation density were estimated as a function of dose.
An anomaly was observed in the values of these parameters at a dose of 2 x 10'8 O5t/m2. Positron annihilation
spectroscopy was used to determine the existence and nature of vacancy clusters in the samples. Isochronal annealing
was carried out for a sample to study the evolution of defect clusters.

Keywords.

1. Introduction

Zirconium based alloys are used extensively as the nuclear
structural materials in the pressurized heavy water reactors.
These alloys have a combination of good corrosion resis-
tance, mechanical properties at elevated temperatures and
resistance to irradiation induced dimensional changes (Sabol
et al 1989). Still there is a search for new zirconium alloys for
meeting the demands of high burn up fuels, higher coolant
temperature and partial boiling of coolant. In this respect,
binary Zr—Nb alloys containing about 0-5-2% Nb and quater-
nary Zr-Nb—Sn-Fe alloys have shown considerable promise
(Sabol et al 1989, 1991; Nikulina et al 1996).

The mechanical properties of zirconium based alloys at
high temperature are mainly affected by alloying elements,
precipitates and microchemistry. Several advanced zirco-
nium based alloys, such as Zirlo (Zr—1Nb—1Sn-0-1Fe), Zr-
INDb, Zr—0-1Nb—1-0Sn—0-2Fe—0-1Cr have been developed as
candidate materials for fuel cladding tube which can sup-
port higher fuel burn up and a higher operating tempera-
ture. The irradiation induced point defects play a signifi-
cant role on the microstructure, mechanical and creep prop-
erties of these alloys (Nikulina ef al 1996). Several irradia-
tion studies have been performed on zirconium based alloys
over the past forty years. It is found that the nature of pro-
duction of defects is very complex and depends on initial
microstructure, alloying elements, type of ions, dose and
dose rate. Particularly at low dose and dose rate, a transient
regime is observed before attaining a steady state regime

*Author for correspondence (paramita@veccal.ernet.in)

Microstructure; defects; X-ray diffraction technique; positron annihilation spectroscopy.

where the microstructure is dose dependent. In our earlier
study (Mukherjee et al 1999) of the microstructure of pro-
ton irradiated Zr—1Nb—1Sn-0-1Fe at different doses, we have
observed that Nb and Sn played a significant role in suppress-
ing the vacancy agglomeration by forming the solute atom
vacancy complexes.

In order to understand the mechanism of evolution of
defects in the transient regime, Zr—1Nb samples were irra-
diated at room temperature with 116 MeV O>* at low doses
and at low dose rate. The microstructural parameters of the
irradiated samples have been characterized by X-ray diffrac-
tion line profile analysis (XRDLPA) and positron annihi-
lation spectroscopy (PAS). During the XRD experiment,
X-ray probes an average volume of 10° um?>. Thus the global
microstructural information on the irradiated samples could
be extracted in a statistical manner using XRDLPA. On the
contrary, PAS provides the intrinsic characteristics of the lat-
tice defects in a much shorter length scale. Hence, infor-
mation obtained from these two techniques are complemen-
tary and possibly gives a detailed account of the irradiated
microstructure in a non-destructive way.

2. Experimental

Zr-1Nb alloy was prepared by hot extrusion and beta-
quenching followed by a second hot extrusion and cold
rolling. These deformed samples were then annealed at
580°C for 1 h. The thickness of the sample was 0-6 mm.
Samples of dimension 10 x 10 mm were cut and then irra-
diated with 116 MeV O°* from variable energy cyclotron
(VEC), Kolkata. The irradiation doses were 5 x 10'7,
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1 x 10'%, 2 x 10" and 8 x 10'® O°*/m2. The beam current
was kept constant at 150 nA. The flange used in the irradi-
ation was cooled by continuous flow of water. During irra-
diation, the average temperature of the sample did not rise
above 313 K as measured by the thermocouple connected to
the closest proximity of the sample. The rise of temperature
up to 313 K was attained within 160 s in each case and then
became stable at that temperature.
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Figure 1. Target displacements by 116 MeV O°* ions on Zr—1Nb
alloy.
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X-ray diffraction profiles for each irradiated sample have
been recorded with the help of Bruker D-8 Advance diffrac-
tometer using Cu-Ko radiation. The range of 26 was
30°-101° with a step scan of 0-02°. The time per step was
20s.

PAS was performed on the unirradiated and irradiated
samples. The positron source used was >’Na with a strength
~10 pCi. The source was covered with a very thin nickel foil
(~2 pum thickness) and was sandwiched between two sam-
ples having same irradiation doses, such that the irradiated
surfaces of the samples face each other. This source-sample
assembly was then placed between two BaF, detectors. The
time resolution of the prompt gamma—gamma coincidence of
the circuit was 200 ps as measured by a ®°Co gamma source.
PAS measurements were also carried out on the specimen
irradiated at a dose of 1 x 10'® O>*/m? after different stages
of isochronal annealing in a temperature range 373-1073K
at an interval of 100K.

3. Method of analysis

Apart from the instrumental broadening, the broadenings
associated with different Bragg peaks in the X-ray diffraction
pattern arise due to the microstructural imperfections inside
the polycrystalline sample, like domain size and microstrain.
This microstructural information can be extracted success-
fully by analysing the X-ray diffraction pattern using differ-
ent model based approaches. The Williamson—Hall technique
and the modified Rietveld method have been adopted to
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Figure 2. XRD profiles for (a) unirradiated sample and (b) sample irradiated
with 8 x 10'8O%/m?. The broadening of the (101) peak for the irradiated
sample with respect to the unirradiated one has been shown clearly in the inset.
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study the microstructural variation as a function of dose from
XRDLPA. The data obtained from PAS have been analysed
using the conventional two-state trapping model.

3.1 Williamson—Hall technique

According to the Williamson—Hall technique (Williamson
and Hall 1953), it is assumed that, both the size and strain
broadened profiles are Lorentzian. Based on this assump-
tion, a mathematical relation was established (Williamson
and Hall 1953) between the integral breadth (), the volume
weighted average domain size (D,) and the upper limit of the
microstrain (¢) as follows:

Beoso 1

2e8, 1
s D, "¢ (M

where S = (2sin6/A).
The plot of (8 cos8/A) versus S gives the value of ¢ from
the slope and D, from the ordinate intercept.

3.2 Modified Rietveld method

In this method, the diffraction profiles have been modeled by
the pseudo-Voigt function using the program LS1 (Lutterotti
and Scardi 1990). This program simultaneously refines the
crystal structures, microstructural parameters like surface
weighted average domain size (Djg), average microstrain
(¢2)!/? and the preferred orientation parameter, assuming the
isotropicity in the domain size and microstrain. Preferred ori-
entation correction parameter P («) (Dollase 1986; Will et al
1988) has the form
_3
sina\
) ; @)

r

P(x) = (r2 cos’ o +

where « is the angle between hkl and the preferred oriented
plane and r is an adjustable parameter. XRD peak profile
of Zr—1Sn—1Nb-0-1Fe shows strong crystallographic texture
along certain crystallographic directions, particularly (002)
and (101). The h, k, [ values of these planes were incorpo-
rated in the programme as preferred oriented planes and the
best fit was sought in each case. Having obtained the values
of average Dy and (£7) 12 from isotropic model, the average
domain size and strain were further refined to calculate effec-
tive domain size and microstrain for each crystallographic
plane. Considering the X-ray line profiles to be symmetric
in shape, the distributions of dislocations were assumed to
be random. The average dislocation density (p) has been
estimated from the relation (Williamson and Smallman 1956)

1
o = (ppps)?,

where pp = 3/ Dg (density of dislocation due to domain)
and pg = k(ei) /b? (density of dislocation due to strain), k
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is the material constant and b the modulus of the Burger’s
vector 1[1120].
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Figure 4. Rietveld fit for the diffraction profile of the oxygen-irradiated Zr—1Nb sam-
ple at a dose of 8 x 10!8 O3/m?. Residuals of the fit are also shown in the lower

box.

3.3 Analysis of PAS data

The data obtained from PAS has been analysed using the con-
ventional two-state trapping model (Hautojarvi and Corbel
1995). It is assumed in this model that the positrons can
either annihilate in the free state in the bulk with a rate A,
or annihilate after being trapped into a vacancy type defect
with a reduced rate A,. At a given instant of time ¢, if n, and
n, are the number of positrons in the bulk and the defects
respectively, the two rate equations governing the annihila-
tion processes can be written as (Hautojarvi and Corbel 1995)

d

% = —npAp — Npk, 3)
and

dn

d_tt = —nA; + Npky, 4)

where «; is the rate of trapping of positrons by the defects.
Assuming that the positrons are initially released into the
bulk and the number of trapped positrons n, =0 at t =0,
these equations can be solved to represent the measured
positron lifetime spectrum as

N(@) = I exp(—t/71) + L exp(—t/12), (5)

where 71 = (A + ;) ! and 7, = A;"! are the two measured
positron lifetimes and I, + I, = 100%.

4. Results

The range of 116 MeV O>* in Zr—INb is estimated to be
around 66 pm by SRIM 2003 (Biersack and Haggman 1980).
The radiation damage was assayed by the damage energy
deposited causing displacement of atoms. Figure 1 shows the
total target displacement of the collision events in Zr—1Nb
alloy estimated using SRIM 2003. The maximum dpa at the
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Figure 5. Variation of (a) average domain size, (b) average
microstrain and (c¢) average dislocation density with different irra-
diation doses.

peak region for the sample at a dose of 8 x 10'® O°*/m? was
found to be 0-15.

4.1 X-ray diffraction line profile analysis (XRDLPA)

Figure 2 represents the typical X-ray diffraction profiles of the
unirradiated sample and the sample irradiated to a dose of
8 x 10'® O>*/m2. The broadening seen clearly in the XRD
profile (inset of figure 2) of the irradiated sample has resulted



Effective domain size, microstrain and dislocation density along different crystallographic planes for the Zr—1Nb sample irradiated to different doses (0°*+/m?).

Table 1.

Dislocation density (10'%) (m=2)
Error = +(5.4x1013)

Microstrain (1073)

Domain size (nm)

+10°5
1x10'8

Error=

Unirradiated 5 x 1017

Error =42

(05F/m?)  Unirradiated 5 x 10!7

Dose

2x 1018 8x10!8

1x10!8

Unirradiated 5 x 1017

8 x 10!8

2x 108

2x 1018 8x10!8

1x10'8
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4-05
3.52
3.84
3.95
4.24

2-10
2-39
220
2-15
2-32

4-60
5-24
4.83
4.71
5-16

4.52
4-37
4-46
4-49
4-66

0-1

1-94
1-70
1-85
1-89
1-89

1.52
1-55
1-53
1-53
1-54

1.94
1.95
1.94
194
1.92

191
1-86
1-89
1-90
1-88

0-6

34
34
34
34
32

51

30
26
29
29
26

30
30
30
30
29

107

002

101

02

0-6

46

106

0-1

0-7

49

109
111

107

102
103

0-2

0-7

50
47

02

0-7

112

due to the microstructural changes (particularly in the domain
size and microstrain) caused by heavy ion irradiation.

Figure 3 shows the W-H plot for the unirradiated and the
irradiated Zr—1Nb samples at different doses. The points cor-
responding to each crystallographic plane are found to be
scattered in the plots for the unirradiated sample and also
for the sample irradiated at a dose of 5 x 10'7 O°*/m?. This
scattered nature of the points in the plots implies a strong
anisotropy in the domain size and microstrain along differ-
ent crystallographic directions. But with increasing dose of
irradiation, the points in the plots are found to be less scat-
tered and almost shows a linear trend at the dose of 2 x 10'®
O>*t/m2. However, the relative intensities of the XRD peaks
did not change much due to irradiation at different doses,
which indicate that the initial texture has not changed due to
irradiation. Hence, the scattered nature of the W—H plots is
mainly due to changes in the microstructural parameters like
domain size and microstrain caused by irradiation.

Figure 4 shows a typical Rietveld fit for the Zr—1Nb sam-
ple with highest dose of irradiation (8 x 10'® O>*/m?). The
variations of D, (¢2)!'/? and p as a function of irradiation
dose obtained from the modified Rietveld method have been
shown in figure 5. A sharp decrease in the domain size (fig-
ure 5a) and increase in the microstrain (figure 5b) are
observed at the initial stages of irradiation which tends to sat-
urate at higher irradiation doses except at a dose of 2 x 10'®
0>t/m? (marked by arrow). Figure 5(c) reveals the varia-
tion of dislocation density as a function of irradiation dose.
The density of dislocation increases with dose but shows an
anomaly at that particular dose of 2 x 10'® O>*/m?. The val-
ues of the effective domain size D,, microstrain and dis-
location density along different crystallographic planes are
shown in table 1. These data in table 1 also show the anomaly
at the same dose of irradiation.
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Figure 6. Variation of 7, with irradiation doses.
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Table 2. Values of 71, 72 and I, for the unirradiated and irradiated
samples.

Irradiation doses (05+/m2) 71 (ps) 2 (ps) I

Unirradiated 128+3 23145 434434
5x 1017 13242  250+4  477+24
1x10'8 13743 253+4  50.7+28
2 x 1018 119+4 215+4  56-1+3-8
8 x 1018 12544  230+4 523437
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Figure 7. Variation of (a) 72 and (b) I, with isochronal annealing
temperature.

4.2 Positron annihilation spectroscopy (PAS)

The variation of the positron life time 7, as a function of
irradiation dose is shown in figure 6. In this case also, we
observe similar kind of anomaly at the same dose of irradi-
ation (2 x 10'® O°*/m?). The values of 7;, 7, and I, found
from the PAS study are listed in table 2.

Isochronal annealing studies by PAS have been performed
on the sample with a dose of 1 x 10'® O>*/m?. Figure 7(a)
shows the variation of 1, with respect to the annealing tem-
perature. We observed a drastic fall of 7, up to a temperature
of 573K, followed by saturation to 215 ps at higher annealing
temperatures. The variation of I, with temperature is shown
in figure 7(b), which exhibits a peak at 573K.

5. Discussion
The radiation damage by heavy ions (O°*) is essentially

characterized by the displacement cascade consisting of
highly localized interstitials and vacancies. These mobile

P S Chowdhury et al

point defects interact with the microstructure by long range
diffusion (Abromeit et al 1994). The main mechanism of the
migration of point defects and their annihilation are based on
three reaction paths (i) the loss of point defects at extended
sinks such as surfaces, grain boundaries, and at the network
of the existing dislocations, (ii) the nucleation of the clusters
by the homogeneous reaction between the point defects of
the same type and (iii) the growth of the defect clusters like
the dislocation loops and voids by agglomeration of the point
defects.

In the irradiated sample, the enhancement of radiation
induced diffusion is solely responsible for the migration of
vacancies, their agglomeration and collapsing in the shape
of dislocation loops. The generation of dislocation by col-
lapsing of vacancy clusters is only possible when there is
vacancy concentration in excess of the equilibrium values.
We could observe an order of magnitude increase in the den-
sity of dislocation at the initial stages of irradiation, which in
turn can act as a sink for vacancies. Hence, the annihilation
of vacancies also takes place during irradiation as a compet-
ing process to the generation of vacancies. With the increase
in dose of irradiation, the annihilation of vacancies increases
because of the formation of new dislocation loops due to the
collapse of vacancy clusters. When the rate of annihilation
of vacancies is comparable to the rate of its generation, a
saturation of the dislocation density occurs. This effect has
also been observed in our earlier studies on Zr—1Sn—1Nb-—
0-1Fe (Sarkar et al 2008; Mukherjee et al 2002, 2005) irra-
diated with Ne®*and O°* ions. But in case of proton (light
ion) irradiation studies (Mukherjee et al 2001), we did not
observe any clustering beyond trivacancy clusters even up
to the highest dose of irradiation characterized by PAS. We
also did not observe any significant change in the dislocation
density in the proton irradiated Zr—1Nb—1Sn—0-1Fe samples
(Mukherjee et al 2001).

In our present work, we have observed a sudden decrease
in the dislocation density at a specific irradiation dose of
2 x 10" O>*/m? (figure 5c). To explain this anomaly we take
recourse to the PAS results obtained in our samples. From
figure 6, the value of the positron life time in the unirradi-
ated sample (231 ps) corresponds to that of a monovacancy
in pure Zr (228 ps) as reported in the literature (Campillo
Robles et al 2007). The value of 1, in the irradiated samples
indicates the presence of mono and di-vacancies except again
at a dose of 2 x 10'® O>*/m? where the value is 215 ps. This
low value of 7, indicates that there are no dominant vacancies
at this dose and thus can be attributed to the presence of dis-
location loops alone (Hatakeyama et al 2009). The absence
of vacancies and the lower value of dislocation density at this
dose (figure 5c) can be explained as follows. At the particu-
lar dose of irradiation, if the rate of annihilation of vacancies
into the sink (dislocation loops) dominates over the rate of
their creation, a situation may arise where all the vacancies
that are created gets annihilated in the sinks thus lowering the
sink density (dislocation density) itself. In our earlier studies
of irradiation on Zr—1Sn—1Nb-0-1Fe (Mukherjee et al 2002;
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Sarkar et al 2008) by Ne®* and O3 energetic ions we did
not observe this anomaly.

In case of the isochronal annealing studies on the 1 x 10'8
O°*/m? sample, the drastic fall of 7, (figure 7a) up to a tem-
perature of 573K has been observed due to the annihilation of
the vacancies. As observed in figure 7(b), the initial increase
in I, can be attributed to the increase in the concentration of
mono-vacancies resulting from the dissociation of vacancy-
impurity complexes. Upadhyaya and Muraleedharan (1987)
observed the dissociation of vacancy—impurity complexes in
Zr—0-5Nb system around a temperature of 523K. Accord-
ing to Cottrell (1967), the following relation approximately
describes the binding energy of a vacancy with a foreign
atom which has a size misfit, “»n”, with the matrix lattice:

Ey = 8muryn?, (©6)

where w is the shear modulus of the matrix, ry the matrix
atom radius and

ﬂ=i(m): (7
ro

where r; is the impurity atom radius. Using (6), E, for
vacancy—niobium complexes in zirconium matrix is found
to be around 0-08 eV which corresponds to a temperature
around 619K. This value approximately matches with the
peak temperature observed in figure 7(b).

6. Conclusions

The microstructural parameters like average domain size,
microstrain and dislocation density of the 116 MeV O°>*
irradiated Zr—1Nb alloy have been obtained reliably using
XRDLPA in the low dose regime. An anomaly was observed
in the value of these parameters at a specific dose of
2 x 10" O°*/m? which indicates that the irradiation induced
microstructure in this alloy is very much dose dependent
in this low dose regime. PAS results also reveal the same
anomaly at this specific dose corroborating the above results.
Isochronal annealing studies using PAS gives the signature
of the presence of vacancy—solute atom complexes at the
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initial stages of annealing, which gets dissociated at higher
annealing temperatures.
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